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Effect of Tensile Strain at Low Temperatures on Deformation 


Twinning in Ingot Iron 


A metallographic study was made of deformation twinning 


by Glenn W. Geil and Nesbit L. Carwile 


(Neumann lamellae) in ingot iron slowly deformed in tension at 
—196° and —-150°C. The results showed that twinning is initiated 
mainly during the initial stages of plastic deformation. However, 
the breadth of the twins generally increases with increase in strain 


HE results of an investigation of the effect of low 
temperatures on the flow, fracture, strain hard- 
ening, and strain aging characteristics, and the true 
stress-strain relationship for specimens of ingot iron 
deformed in tension were reported recently.’ * In 
that study specimens of ingot iron, in different initial 
conditions, were slowly deformed in tension at vari- 
ous temperatures between 196° and +100°C. A 
phenomenon observed, but only briefly reported, 
was the formation of deformation twins (Neumann 
lamellae) in the specimens deformed at the lower 
temperatures. Preliminary metallographic exam- 
ination of these specimens indicated that there was 
apparently some correlation between the deforma- 
tion twinning and the strain of the specimen and 
that this factor merited further investigation. 

Some recent investigations have indicated a direct 
association of Neumann lamellae and the fracture 
of the metal. Bruckner’ ‘ postulated that the twin- 
ning immediately precedes the fracture and the 
latter is initiated by the stopping of the propagation 
of twins, either at subgrain boundaries or at other 
structural features. Tipper and Sullivan’ postulated 
that Neumann lamellae are initiated by the shock or 
a shock wave set up at fracture in the still highly 
stressed unbroken metal, and that a high rate of de- 
formation is a necessary condition for their forma- 
tion. 

An extensive metallographic examination, there- 
fore, was made of many of the specimens used in 
the study of ingot iron at this Bureau and of addi- 
tional specimens deformed to selected strains under 
various conditions. The present paper summarizes 
the effects of deformation under these conditions 
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up to fracture of the specimen. 


upon the breadth and scope of the deformation twins. 
Other features of twinning will be discussed in an- 
other paper. 


Material and Testing Procedure 

All of the specimens were prepared from one lot 
of ingot iron, as hot-rolled, of chemical composition 
other than iron as follows: C, 0.02 pet; Mn, 0.02; 
P, 0.005; S, 0.018; Si, 0.002; Cu, 0.10; O, 0.058; and 
N, 0.002. 

Cylindrical tensile specimens with a 2 in. gage 
length were used. The reduced section was slightly 
tapered from each end; the diameter (0.438 in.) at 
the midsection of the gage length was about 0.003 in. 
less than at the ends. The specimens were finished 
to the final dimensions by grinding and polishing in 
the axial direction. The ends of the specimens were 
machined with *4 in. x 10 threads and the shoulder 
fillets were machined to a radius of 0.75 in. 

The specimens were extended slowly in tension 
(deformation rate less than 0.5 pet reduction in area 
per minute) while immersed in an appropriate cry- 
ogenic liquid maintained at the desired tempera- 
ture. The minimum diameter of the specimen was 
measured during the test by means of a specially 
designed reduction of area gage accurate to 0.0001 
in.” A detailed description of the testing equipment 
and the method of maintaining the desired tempera- 
ture is given in a previous paper.’ 

Each specimen, after deformation to a specified 
strain at a selected temperature, was sectioned longi- 
tudinally and examined metallographically. The 
preparation of specimens for metallographic exam- 
ination was carried out in the usual manner by 
mechanical polishing and etching. 


Results and Discussion 

Deformation twins in specimens of ingot iron ex- 
tended slowly in tension at 196 and —150 °C are 
shown by the representative micrographs of Figs. 1 
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c (left)—True strain of 0.0051 (true 
stress, 103,600 psi). 


d (right)—True strain of 0.0087, upper 
yield point, (true stress, 110,500 psi). 


c (left)—True strain of 0.166 (true 
stress, 132,700 psi). 


d (right)—True strain of 0.289, frac- 
ture, (true stress, 141,000 psi). 


to 6. In these figures the horizontal direction lies 
parallel to the axis of the specimens. 

A specimen extended only in the elastic range to 
a total true strain* of 0.0019 at —196°C showed no 


* Total true strain as designated in this paper is determined by 
low. AA. in which A. and A represent the initial and current 
minimum cross-sectional areas of the specimen, respectively 


evidence of twinning, Fig. la, whereas a specimen 
extended at the same temperature to a total true 
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Fig. 1 (a and b, left; and d, below) — 
Microstructure of specimens of hot-rolled 
ingot iron after extension in tension at 
—196°C to different strains. Etchant: 4 
pct solution of nitric acid in ethyl alcohol. 
Longitudinal sections. X100. Area reduced 
approximately 50 pct for reproduction. 


a (left)—True strain of 0.0019, elastic 
Strain only, (true stress, 91,200 psi). 


b (right)—True strain of 0.0037 (true 
stress, 100,500 psi). 


Fig. 2 (a and b, left; ¢ and d, below) — 
Microstructure of specimens of hot-rolled 
ingot iron after extension in tension at 
—196°C to different strains. Etchant: 4 
pct solution of nitric acid in ethyl alcohol. 
Longitudinal sections. X100. Area reduced 
approximately 50 pct for reproduction. 


a (left)—True strain of 0.045, lower 
yield point, (true stress, 109,800 psi). 


b (right)—True strain of 0.115, maxi- 
mum load, (true stress, 122,600 psi). 


strain (elastic plus plastic) of 0.0037, of which ap- 
proximately 0.002 was measured as plastic strain, 
exhibited a very few twins, Fig. lb. The number of 


twins per unit area generally increased as the true 


strain of the specimen was increased through that 
of the upper yield point, 0.0078* and up to that at 


t Tensile specimens of hot-rolled ingot iron may deform plas- 
tically to a considerable extent before the upper yield point is 
reached. This plastic deformation is generally much greater at 
low temperatures ( 196° and 150°C) than at room temperature 
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Fig. 3 (a and b, right; c and d, below)— 
Microstructure of specimens of hot-rolled 
ingot iron after extension in tension at 
—196 °C to different strains. a, c, and d 
etchant: 4 pct solution of nitric acid in 
ethyl alcohol; b, etchant: 5 pct solution of 
nitric acid in amyl alcohol. Longitudinal 
sections, oblique illumination (left to 
right). X1000. Area reduced approximately 
50 pct for reproduction. 


a (left)—True strain of 0.0019, elastic 
strain only, (true stress, 91,200 psi). 


b (right)—True strain of 0.0037 (true 
stress, 100,500 psi). 


c (left)—True strain of 0.0051 (true 
stress, 103,600 psi). 


d (right)—True strain of 0.0087, upper 
yield point, (true stress, 110,500 psi). 


Fig. 4 (a and b, right; and d, below) — 
Microstructure of specimens of hot-rolled 
ingot iron after extension in tension at 
—196 C to different strains. Etchant: 4 
pct solution of nitric acid in ethyl alcohol. 
Longitudinal sections, oblique illumination 
(left to right). X1000. Area reduced ap- 
proximately 50 pct for reproduction. 


a (left)—True strain of 0.045, lower 
yield point, (true stress, 109,800 psi). 


b (right)—True strain of 0.115, maxi- 
mum load, (true stress, 122,600 psi). 


c (left)—True strain of 0.166 (true 
stress, 132,700 psi). 


d (right) —True strain of 0.289, fracture, 
. af, (true stress, 141,000 psi). 


the lower yield point. 0.045, Figs. le and d and 2a yield point (total true strain of 0.0037) and the 
However, no significant increase in the number of number of twins per unit area generally increased 
twins per unit area was observed as the specimens with increase in the strain of the specimens up to a 
were further deformed to greater strains even up total true strain of about 0.06. Further deformation 
to fracture, Fig. 2b, c, and d. Furthermore, speci- of specimens up to fracture did not significantly in- 
mens extended at 150°C to selected strains re- crease the number of twins. 

vealed this same general dependency of deformation The values of strains corresponding to the upper 
twinning on the plastic strain. A very few twins and lower yields, respectively, were smaller in the 


were observed in the specimen extended to the upper specimens extended at —150° than at —196°C. The 
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c (left)—True strain of 0.040, lower 
yield, (true stress, 82,300 psi). 


d (right)—True strain of 0.063 (true 
stress, 87,500 psi) 


c (left)—Same specimen as b, 0.1 in 
from fracture. 


d (right)—Same specimen as b, 06 in 
trom fracture. 


amount of twinning at the upper or lower yield, 
respectively, was also smaller at 150° than at 

196 C. However, the dependency of the number of 
deformation twins on the degree of strain (log, A,/A) 
was similar at each test temperature. Thus, the de- 
formation twinning apparently occurs with small 
strains irrespective of the yield-point phenomenon 

The results definitely show that the twinning in 
hot-rolled ingot iron slowly deformed in tension at 
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. Microstructure of specimens of hot-rolled 
: be ingot iron after extension in tension at 


Fig. 5 (a and b, left; c and d, right)— 
Microstructure of specimens of hot-rolled 
ingot iron extended in tension at —150 C 
to different strains. Etchant: 5 pct solu 
tion of nitric acid in amyl alcohol. Longi- 
tudinal sections, oblique illumination (left 
to right). X1000. Area reduced approxi- 
mately 50 pct tor reproduction. 


a (left)—True strain of 0.0037, upper 
yield, (true stress, 93,900 psi). 


b (right)—True strain of 0.0089 (true 
stress, 86,200 psi). 


Fig. 6 (a and b, left; c and d, below)— 


—150°C to different strains. Etchant: 5 
pct solution of nitric acid in amyl alcohol. 
Longitudinal sections, oblique illumination 
(left to right). X1000. Area reduced ap- 
proximately 50 pct for reproduction. 


a (left)—True strain of 0.127 (true 
stress, 95,400 psi). 


b (right) —True strain of 1.107, adjacent 
to fracture, (true stress, 147,200 psi) 


low temperatures is initiated during the early plastic 
deformation. Furthermore, there was no evidence 
obtained that indicated any increase in the number 
of twins per unit area in the deformed specimens as 
a result of fracture. The number of twins per unit 
area in the fractured specimens was not significantly 
greater than that in specimens extended to a strain 
of about 0.06 or more but not fractured. Therefore, 
a shock or shock wave set up at complete fracture 
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is not an essential requirement for the formation of 
deformation twins in ingot iron at low tempera- 
tures. 

The micrographs of Figs. 3 to 6, which were taken 
at high magnification and with oblique lighting, show 
the effect of strain on the breadth of twins. All of 
the twins observed in specimens deformed to small 
strains were relatively narrow (Figs. 3b and 5a) 
whereas the majority of twins in specimens deformed 
to greater strains were somewhat broader, although 
some narrow twins were observed in these latter 
specimens. Apparently an increase in strain tends 
to cause a growth in breadth of a twin; however, it 
is recognized that the observed breadth is also de- 
pendent upon the relative orientation of the twin 
plane to the plane of the section observed. 

The thinner twins observed in the same micro- 
graph or even in the same grain with broader twins 
may be due to a less favorable orientation of the 
twin plane with respect to that of the parent grain 
and the direction of loading of the specimen. Exam- 
ination of a very large number of micrographs re- 
vealed that: 1—Twins in the same direction within 
a grain are, in most cases, approximately the same 
breadth, and 2—The breadth and irregularity in 
shape of twins generally increase with increase in 
the strain up to the fracture of the specimen. 

The severe deformation of the ferrite grains in the 
necked section of the specimen extended to fracture 
at —150°C (Fig. 6b and c) resulted in a general ob- 
scuring and considerable bending of the deforma- 
tion twins. The bending was caused by deformation 
of the grains subsequent to the formation of the 
twins. Bent twins also were observed in other speci- 
mens deformed at —150° and —196°C. The ductility 
of the twins as revealed by degree of bending in 
tension at low temperatures indicates that deforma- 
tion twinning is not the cause of low temperature 
embrittlement of ingot iron. 

The data obtained in this study, such as that shown 
in Figs. 3 to 6 illustrating the growth of deformation 
twins in ingot iron and in many other micrographs 
not shown, indicate that the twinning may be a nu- 
cleation and growth process and not a simultaneous 
shear mechanism as often proposed. However, for 
brevity of the present paper, discussion of these fea- 


tures is not included but will be given in detail in 
a separate paper. 
Conclusions 

The results of a metallographic study of deforma- 
tion twinning in specimens of hot-rolled inget iron 
slowly extended in tension at —150° and —196°C 
to selected strains show that twinning is initiated 
during the early stages of plastic deformation and 
that a shock or shock wave set up at fracture is not 
an essential condition for their formation. The num- 
ber of twins per unit area increases with increase 
in strain up to a true strain of about 0.05 or 0.06, 
but greater strains do not appreciably increase the 
number of twins. The breadth and irregularity in 
shape of the twins generally increase with increase 
in the strain up to fracture of the specimen. 

The ductility of deformation twins as revealed by 
the degree of bending in tension at low temperatures 
indicates that deformation twinning is not the cause 
of low temperature embrittlement of ingot iron. 
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Technical Note 


by Nicholas J. Grant, Ital 


N a recent paper by Servi and Grant,’ it was illus- 
trated that the slip band spacing and stress based 
on creep ‘est data were related by the equation: 

1 


where d is the spacing in millimeters and o is the 
stress in psi, based on a more complete equation pro- 
posed by Orowan. It was shown further,’ that for a 
given grain size, the slip band spacing became larger 
with decreasing stress (and was independent of tem- 
perature), until such time that the slip band spacing 
becomes greater than about one-half the grain diam- 


d 
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Slip and Grain Boundary Sliding as Affected by Grain Size 


S. Servi, and Arup Chaudhuri 


eter. When this occurred, the mechanism of defor- 
mation in creep of 2S aluminum at high temperature 
changed from slip to grain boundary deformation 
(sliding). Additional metallographic evidence is now 
available which confirms this in a most interesting 
fashion. 
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Fig. |—2S aluminum tested in creep at 900 F, 880 psi, 3.5 pct 
total elongation. Oblique illumination. Shows slip bands in 
coarse grain and grain boundary sliding in fine grained zones. 
Stress in vertical direction. X150. Area reduced approximately 
50 pct for reproduction. 


Fig. 3—25S aluminum tested in creep at 900 F, 880 psi, 9 pct 
total elongation. Micrograph near necked zone. Shows slip and 
grain boundary sliding in medium grains and slip in coarse 
grain. Stress in vertical direction. X150. Area reduced ap 
proximately 50 pct for reproduction 


The 2S aluminum was recrystallized in a double 
treatment to yield a mixed grain size. A test bar, 
similar to that described in ref. 1, was heated at 
950 F for 3 hr, producing a rather regular, fine grain 
size. A second heat treatment of 1150 F for 1 hr then 
yielded a mixed grain size of such nature that in 
some parts of the specimen small grains were im- 
bedded in a larger grain, see Fig. 1. 

These specimens were tested in creep at 900 F at 
a stress of 880 psi. Fig. 1, after 3.5 pet elongation, 
shows that the large crystal deformed by slip. The 
fine grains located in the large grain do not show 
slip bands, however, the grain boundaries are “thick- 
ened” indicating grain boundary sliding. The lower 
left slip band is apparently continuous on either side 
of the fine grained cluster, but does not penetrate 
these fine grains. The slip band spacing is obviously 
much larger than the grain diameter. 

Fig. 2, after 9 pet deformation, shows slip as the 
deformation mechanism of the coarse grain and grain 
boundary sliding as the mechanism of the fine grained 
cluster in the upper right corner. In the upper center 
is a grain which is apparently of marginal size since 
a slip band has developed in it. 
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Fig. 2—2S aluminum tested in creep at 900°F, 880 psi, 9 pct 
total elongation. Oblique illumination. Coarse grain shows 
slip, fine grains show grain boundary sliding, and medium sized 
grain (upper center) shows both. Stress in vertical direction. 
X150. Area reduced approximately 50 pct for reproduction. 


Fig. 4—High purity magnesium tested in creep at 500 F, 670 
psi. Shows pyramidal slip of too coarse spacing to be accom- 
modated by fine grain which shows grain boundary sliding in- 
stead. Stress in vertical direction. X50. Area reduced ap- 
proximately 50 pct for reproduction. 


Fig. 3 shows another specimen deformed more 
than 9 pct (near the necked area). Here the slip 
band spacing is small enough so that many of the 
finer grains are more than twice the average slip 
band spacing. These grains also deformed by slip, 
the spacing being almost the same as that of the 
coarse grain. At the bottom is a cluster of very fine 
grains, the larger ones showing one or two slip 
bands, while the finer ones show some grain bound- 
ary sliding. 

Similarly, a high purity magnesium specimen, Fig. 
4, tested at 500°F and 670 psi when tested in creep 
shows pyramidal slip bands of uniform spacing in 
a large grain but no slip bands in the small enclosed 
grain, the grain boundary of which shows evidence 
of sliding. 

These micrographs cleariy support the evidence 
that grain boundaries have a blocking effect on slip 
at high temperatures; and at a given grain size, for 
a given stress, will undergo sliding as a primary 
mechanism of deformation. 

1. S. Servi and N. J. Grant: Structure Observations of Alumi- 


num Deformed in Creep at Elevated Temperatures. Trans. AIME 
(1951) 191, p. 917; Journat or Merats ‘October 1951) 
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Absolute Rate Theory Applied To 


Rate of Growth of Pearlite 


The rates of growth of pearlite in high-purity Fe-C alloys have 
been measured as a function of the transformation temperature. 


H. Frye, Jr, E. E. Stansbury, and D. L. McElroy 


These and other data have been correlated in terms of a derived 
rate equation. Activation energies for the pony were found to be 


24,200 cal per mol of austenite for the 0.7 


pct C alloy and 27,600 


cal per moi for the 0.93 pct C alloy. Theoretical implications are 


N excellent review of the the theoretical and ex- 

perimental studies on the mechanism and kin- 
etics of the eutectoid reaction has been presented 
recently by Mehl and Dube.’ They have pointed out 
that these investigations have followed two lines of 
approach: 1—experimental studies and derivations 
of expressions for the overall transformation char- 
acteristics, and 2—derivation of expressions for the 
nucleation and growth rates in terms of fundamental 
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processes. Investigations of the latter type have been 
concerned for the most part with the nature of the 
growth at the austenite-pearlite interface in plain 
carbon and alloy eutectoid steels. They discuss two 
theories of the rate of growth of pearlite from aus- 
tenite—those of Brandt and of Zener. Both derive 
rate equations which are based on the assumption 
that carbon diffusion is the controlling mechanism. 
Mehl and Dube,’ Zener,’ and Brandt** have at- 
tempted to calculate growth rates by use of these 
equations together with thermodynamic and dif- 
fusion data. The results are encouraging, but agree- 
ment is not so good as to constitute verification of 
the theories. 

Furthermore, it is not clear how these equations 
are to be used to study the effect of alloying ele- 
ments which apparently exert little influence on car- 
bon diffusion, but markedly decrease growth rates. 
It is not clear whether or not the addition to iron of 
an alloying element which does not diffuse during 
transformation can alter the rate of growth of body- 
centered from face-centered cubic iron. That it can 
greatly decrease the overall transformation rate has 
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been shown by Austin and Pierce,’ who investigated 
a binary Fe-Cr alloy containing 9 pet Cr (carbon less 
than 0.03 pet). In this alloy, the two-phase region 
extends over a temperature interval of 5°C. There 
is no reason to believe that chromium diffuses dur- 
ing transformation below this region. The maximum 
rate of isothermal reaction occurs at 700°C, with a 
time for 50 pet transformation of 180 sec. In a high- 
purity Fe-C alloy containing 0.93 pet C, this time 
is only 1.3 sec at a temperature of 547°C.” In pure 
iron, the time is presumably much less. It is possible 
that the effect of chromium in slowing the trans- 
formation rate is entirely in its influence on rate of 
nucleation and that rate of growth is quite un- 
changed, but there does not appear to be any reason 
to suppose that this is the case 

From an examination of the growing eutectoid 
interface, it is evident that diffusional processes are 
essential to the growth mechanism; however, it is 
not evident that diffusion, per se, is the controlling 
mechanism of the several which must operate across 
the interface during growth. In the growth of pear- 
lite from austenite, carbon must diffuse in the aus- 
tenite from the ferrite to the cementite interface. 
Furthermore, some diffusion of iron must occur to 
accommodate the volume changes accompanying the 
formation of ferrite and cementite. In addition, the 
actual interface mechanisms whereby austenite of 
the correct carbon content is transformed to cemen- 
tite and to ferrite must be considered. Unfortu- 
nately, little is known of the latter for phase 
transformations of any type; but it does not seem 
improbable that they could constitute the rate-de- 
termining step in the growth process. Of the many 


Table |. Analyses of High-Purity Steels 


Steel c si Mn r s Cr Ni 
0.78 pet C* 0.78 0.03 0.005 0.003 0.013 
0.93 pet 860.002 0 004 0.005 0.0001 0005 0.006 


* Spectrographic analysis of the 0.78 pet C alloy indicated that none 
of the following elements were present in excess of 0.005 pet, and 
many were sought and not found: Cb, Cr, Cu, Mo, Ni, Ti, V, W, and 
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mechanisms that might be considered, the follow- 
ing are given as examples: 1—atom by atom jumps 
across the interface, 2—formation of groups of 
atoms of the proper composition which, by suitable 
rearrangement, pass from the initial to final phase, 
3—shears of either large or small numbers of atoms 
at the interface, and 4—growth by movement of 
dislocations. Each of these should operate with a 
characteristic activation energy. 

It appears that additional work in this field is 
needed and also that a more general approach to the 
problem might be profitable. Such an approach is 
the following: 

1—Derive a general equation for the rate of 
growth of pearlite from austenite which assumes 
no particular mechanism except that the rate is de- 
termined by the surmounting of an energy barrier. 

2—-Measure the rate of growth of pearlite from 
austenite in a high-purity Fe-C eutectoid, interlam- 
ellar spacings, and the necessary thermodynamic 
quantities to calculate free energy differences be- 
tween pearlite and austenite. Use these thermody- 
namic and rate data to calculate the constants in the 
equation. 

3—Measure rates of growth, interlamellar spac- 
ings, and thermodynamic quantities for Fe-C eutec- 
toids which contain a third element, and use these 
data to calculate the constants in the equation. 

4—Observe the effect of the alloy additions on the 
constants of the equation. This should lead to some 
understanding of the effect of alloying elements on 
rate of growth. 

In this paper, an equation is derived which ex- 
presses rate of growth of pearlite from austenite in 
high-purity Fe-C alloys as a function of the dif- 
ference in free energy between the two, the activa- 
tion energy for the reaction, the absolute tempera- 
ture, and certain constants. Constants in this equa- 
tion, including the activation energy, are calculated 
from the following experimental data: 1—heat of 
transformation and specific heats for the Fe-C 
system, and 2—-rates of growth of pearlite at various 
degrees of super cooling. 

Heats of transformation’ and specific heat’ data 
have been taken from the published values for such 
quantities. Data on the rate of growth of pearlite 
in a 0.93 pet C high-purity steel have been taken 
from the work of Hull, Colton, and Mehl.” Growth- 
rate data on a high-purity steel containing 0.78 pct 
C have been determined experimentally in this in- 
vestigation. 

Results of measurements of the growth rate of a 
high-purity, 1 pet Mn eutectoid steel with a similar 
analysis of the data will be reported in a later paper. 
It is hoped that these studies will contribute to a 
better understanding of the effects of alloying ele- 
ments in steel and of the factors governing harden- 
ability. 

Experimental Procedure 

The objectives of the experimental work reported 
herein were to obtain further data on the growth 
rate of the pearlite-austenite interface in eutectoid 
Fe-C alloys of sufficient purity to make theoretical 
interpretations of the data as straightforward as 
possible. Hull, Colton, and Mehl’ have reported the 
pearlite growth rates for a high-purity Fe-C alloy 
containing 0.93 pet C. Since such an alloy is slightly 
hypereutectoid, it was desired to obtain data on an 
alloy as near 0.80 pct C as possible. 

High-purity electrolytic iron previously reduced 
with hydrogen was melted with high-purity graph- 
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ite in fused zirconia crucibles using induction heat- 
ing and a purified argon atmosphere. The melt was 
solidified in the crucible to give an ingot 1% in. in 
diameter and 4 in. long. The ingot was homogenized 
for 48 hr at 1100°C in vacuum after which it was hot 
rolled to 42-in. round rod. The analysis of the re- 
sulting material is given in Table I, along with the 
analysis of steel used by Hull, Colton, and Mehl. 

The rod was then machined to 7/16-in. diam to 
remove possibilities of any extraneous effects due 
to a contaminated surface, and then cut into disks 
0.060 + 0.003 in. thick for transformation studies. 

The experimental method of running the iso- 
thermal transformations and determining the growth 
rates was essentially that of Hull, Colton, and Mehl.’ 
It consists of heating the specimen into the austenite 
range and quenching to a predetermined isothermal 
subcritical temperature after which it is quenched 
to room temperature. The transformation is ob- 
served to occur by a process of nucleation at the 
grain boundaries and the subsequent growth of the 
pearlite as nodules. These nodules are roughly 
spherical at the higher temperature (20°C subcool), 
growing from both sides of the boundary from 
which they are nucleated, and may consume several 
grains before impinging on other nodules. At lower 
temperatures, growth is hemispherical from nuclei 
on one side of the grain boundary, and the relatively 
greater rate of nucleation prevents growth much 
greater than the grain radius before impingement 
occurs. 

The rates of growth at the higher temperatures 
were obtained by examining a large number of 
nodules and plotting the diameter of the largest 
nodule as a function of the time. At lower tempera- 
tures, the measurements are more difficult, since the 
growth is hemispherical. In this case, it is necessary 
to restrict measurements to those grains which are 
known to have been cut near their center, thus per- 
mitting measurements on the nodule perpendicular 
to the grain surface. A problem encountered in such 
measurements is the location of the grain boundary 
when nucleation has occurred with subsequent 
growth on both sides of the grain boundary. A tech- 
nique of repeated polishing and etching, followed by 
examination under polarized light, was developed 
which revealed the martensite grain boundaries so 
that their extension through the pearlite could be 
accurately predicted. The growth rates were ob- 
tained from the slope of the maximum nodule-time 
plots. 

Hull, Colton, and Mehl’ have reported a half-re- 
action time for their steel of 2 sec at 599°C for 
material having ASTM grain size No. 1. Since im- 
pingement occurs after 15 pct transformation to an 
extent making growth measurements impossible, it 
is evident the accurate growth-rate data are difficult 
to obtain for specimens undergoing such rapid trans- 
formation. In this investigation, an austenitizing 
temperature of 1300°C for 30 min was used to in- 
crease the grain size to No. —1. Under these condi- 
tions, the shortest half-reaction time was increased 
to about 3 sec, thus permitting improved accuracy 
of measurement. 

All transformations were carried out automatically 
in equipment developed for these studies. The ap- 
paratus consists essentially of a small platinum- 
wound furnace, a stirred lead bath, and mercury 
quench arranged so that the specimen mounted on 
the end of a piston rod and activated by pressure- 
vacuum could be automatically indexed to any posi- 
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Fig. 2—Growth rate data at 640 C 


tion. The entire space above these three units and 
in which the specimen moves is filled with purified 
argon. In this manner, a very clean lead bath is 
maintained which, with the bright specimens, gives 
excellent quenching conditions. The transfer time 
for one position to another is approximately 0.2 sec, 
and transformation times are probably consistent to 
about 0.05 sec. The time of transformation is taken 
as the time interval from quenching into the lead 
bath to quenching into the mercury. The austenitiz- 
ing temperature was controlled to + 5°C and the 
lead-bath to + 0.3°C. The lead-bath temperatures 
are measured with chromel-alumel thermocouples 
standardized against Bureau of Standards Metals. 

Representative plots of nodule radius vs time are 
shown in Figs. 1 and 2. At the lower temperatures, 
both a nodular and a feathery constituent are ob- 
served. The appearance of the nodular structure 
was identical with the fine pearlitic structures 
measured at slightly higher temperatures. No meas- 
urements were made on the feathery constituent, 
but were confined to the nodular constituent. 

The growth-rate data for the 0.78 pct C steel are 
summarized in Fig. 3. The data of Hull, Colton, and 
Mehl’ on a steel containing 0.93 pet C are indicated 
for comparative purposes. It is evident that the 
rates are slightly slower for the eutectoid steel and 
that a definite maximum in the growth rate at a 
critical degree of undercooling is obtained whereas 
no maximum appears for the other steel. 

A maximum in the rate curve has not been pre- 
viously reported for the growth of pearlite. Recent 
electron microscope studies" have shown that pearlite 
can coexist with bainite as low as 450°C. In the 
present investigation, growth-rate data at the lower 
temperatures were taken only on the characteristic 
hemispherical pearlite regions of the structure. 


Theory 

It is customary to attempt to describe data on re- 
actions in solids by means of exponential-type rate 
equations. The usual approach in applying absolute 
rate theory is to establish a mechanism and compute 
the constants in these equations, the validity of the 
resulting equation being established by comparison 
of calculated and experimental rate data. In our 


present state of knowledge of rate processes in 
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Fig. 3—Summarized growth rate data. 


solids, it does not seem possible to carry out these 
calculations. Therefore, the procedure is followed 
of deriving an equation which is of the correct form 
and then of calculating its constants from rate data. 
Usually, an exponent is calculated, and this is taken 
to be the activation energy. This procedure may 
lead to false physical meaning being attached to 
constants which are merely empirical. This danger 
is inherent: in the use of any of the present rate 
equations. Nevertheless, it is to be hoped that 
through such efforts a fuller understanding will 
eventually be attained of rate processes in solids. 

An attempt will now be made to derive a general 
equation for the rate of growth of pearlite from 
austenite. This equation will be used in the present 
paper to calculate the activation energy for this 
reaction in the Fe-C alloys considered here. Finally, 
it is hoped that it will be useful in studying the effect 
of third elements on this rate of growth. 

The mechanism of growth of the austenite-pear- 
lite interface is assumed capable of treatment by 
the Eyring rate theory.” With this assumption, it 
has been found that the Eyring rate equation in the 
form which takes into account a forward and back- 
ward reaction is applicable; i.e., 


AF* 4 AF*— ) ' 


mkT 
n ( exp - 
h 


where: n is the net rate of movement of activated 
complexes; m, the transmission coefficient; k, Boltz- 
mann’'s constant; h, Planck’s constant: R, the gas 
constant; T, the absolute temperature; AF* 4 F* 
F.; AF F* the free energy of the 
activated complex; F, the free energy of the aus- 
tenite; and F, the free energy of the pearlite. 


In the present application, the transmission coef- 
ficient, m, will be assumed to be constant. The 
linear rate of growth, r, of the pearlite-austenite in- 
terface is considered as being proportional to n, the 


Table !!. 0.78 Pet C High-Purity Fe-C Alloy 


Tempera- (\FAT/r) 
ture, io T r (exp. Cal See r (eale) 
°K 1°oK Mm per See Mm Mol Mm per Sec 
1.017 2x10" 9.17x10" 2.10x10" 
981 1.019 2.46x10" 9.91x10* 2.73x10-* 
963 1.038 10.3x10-* 11.88x10* 10.8x10-* 
935 1.072 31.7x10—" 15.20x10* 28.4x10* 
913 1.095 18x10" 22.80x10* 38.3x10-" 
R93 1.120 52x10" 26.55x10* 45.1x10°* 
1.158 52 5x10 45.80x 10 48.9x10-* 
833 1.200 43x10 87.2x10* 45.8x10-* 
8233 1.214 39x10" 109.8x10* 44.5x10" 
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Table 111. 0.93 Pet C High-Purity Fe-C Alloy 


Tempera- (AFAT/r) 
ture, io T r (exp.) Cal °K See r (eale) 
°K 1°K Mm per Sec Mm Mol Mm per Sec 
993.7 1.006 0.15x10-* 3.83x10* 0.15x10-* 
989 1.01 0.72x10-8 7.34x10* 1.28x10 
962 1.04 19.5x10-* 6.68x 10° 20.8x10- 
943 1.06 45.x10* 7.40x 10" 40.3x10-* 
923 1.08 59.5x10-* 11.00x10* 60.2x10-* 
872 1.15 65.x10-* 31.70x10* 71.4x10° 
820 1.22 66.x10-* 67.3x10" 53.0x10 


net rate of movement of activated complexes. Ac- 
count must also be taken of the fact that the pearlite 
spacing decreases with decreasing temperature of 
formation. The work of Pellissier, Hawkes, and 
Mehl” has shown that it is difficult to arrive at an 
exact relationship between interlamellar spacing 
and temperature of formation. This is due to the 
difficulty of securing sufficiently precise data. Their 
published data for plain carbon eutectoids can be 
correlated linearly, to a rough first approximation, 
with the number of degrees of supercooling at which 
the pearlite formed. Furthermore, Roberts and 
Mehl” have shown that the rate of growth of aus- 
tenite from pearlite is inversely proportional to the 
number of degrees of supercooling at which the 
pearlite was formed. It will, therefore, be assumed 
that the rate of growth of pearlite from austenite is 
inversely proportional to the number of degrees of 
supercooling at which the reaction takes place. 
Consideration of the above leads to 


rat ( ) 2 
r c exp ————- — exp — ‘ 
exp [2] 
Where 
c — constant [3] 


This may be rewritten 
AF* AF 
r = cTAT exp ————— | 1 — ex ——) 4 
( “<P RT 
where AF = F, — F, 


If AF is taken as the difference in free energy be- 
tween austenite and pearlite per mol? and its value 


t A mol of pearlite or austenite is defined as 6.023x10@ atoms of iron 
plus carbon 


calculated from the expression derived in the ap- 
pendix, then for all temperatures within the pear- 
lite range, AF is sufficiently small compared to RT 
to permit close approximation of exp (AF/RT) by 
the first term of its series expansion. 


Thus, 
~sF* 
r eTaT exp (1 l + 
RT 
AF (AF)* 1 
[5] 
RT Rr 2 
or 
C’ ATAF [6] 
Tr exp 
PRT 


where C’ is a constant. 


This constant, C’, must include, among other 
things, the number of atoms in the activated com- 
plex. If the complex contains several atoms, the 
approximation will be badly in error. 

The activation energy, AE*, and the activation 
entropy, AS*, may be introduced through their re- 
lation to the activation-free energy. Thus, neglect- 
ing pressure-volume effects,” 


4F* = sE* — TaS* [7] 
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Then the rate of growth will be given by 


C’ ATAF [8] 
>. 4 > 4 
exp exp 
Finally, 
CATAF = [9] 
T ex 
RT 


where C is a constant. 
The relation may be rewritten in the form 


ATAF AE* 1 
In Inc + ——— -— [10] 
r R T 


If the derived relation is correct, a semilogarithmic 
plot of AFAT/r against (1/T) should yield a straight 
line. 

Values of r and T resulting from experimental 
studies on the 0.78 pet C carried out in this investi- 
gation— along with computed values of 10°/T, 
(AFAT/r), and r—have been listed in Table II. 
Similar values for the high-purity alloy of 0.93 pct 
C investigated by Hull, Colton, and Mehl’ are shown 
in Table III. The values of AF have been obtained 
from the expression in the appendix by graphical 
integration. 

Fig. 4 shows a plot of log (AFAT/r) vs 1/T for 
each of these steels. It is evident that a reasonably 
straight line results in each case. The equations for 
these two steels are: 


0.78 pet C, 


r — 2.86 AFAT exp (—24,200/RT) {11] 
0.93 pet C, 
r — 31.6 AFAT exp (—27,600/RT) [12] 
Discussion 


The uncertainties involved in any application of 
rate equations to solids have been pointed out 
earlier. For purposes of this discussion, however, it 
will be assumed that the numerators of the expo- 
nents in Eqs. 11 and 12 are activation energies. 

From the slopes of the plots in Fig. 4, an activation 
energy of 24,200 cal per mol of austenite is obtained 
for the 0.78 pet C alloy and 27,600 cal per mol for 
the 0.93 pct C alloy. It is evident that the values of 
these two activation energies are almost within the 
scatter of the data; and, for this reason, only limited 
significance may be attached to their relative values. 
The data for the 0.78 pet C alloy, however, dis- 
tinctly lie above those of the 0.93 pct C alloy, re- 
sulting in a lower value for the constant, C, for the 
lower carbon alloy. Mehl" and coworkers have 
shown that the interlamellar spacing of hypereutec- 
toid steels is finer at the same AT, and this should 
contribute to faster rates as indicated earlier. Un- 
fortunately, it is impossible without actual measure- 
ments of interlamellar spacing to estimate possible 
changes in the activation entropy. 

Activation energies for diffusion of carbon in aus- 
tenite have been determined." They vary from ap- 
proximately 36,000 cal for a carbon concentration of 
0.22 pet to approximately 28,500 cal for 1.35 pet C. 
Activation energies found here are low, being 24,200 
cal for 0.78 pet C and 27,600 cal for 0.93 pct C. It 
may be that activation energies for diffusion along 
the interface are lower than in the austenite used in 
the diffusion experiments. Thus, these results are 
not inconsistent with the theory that rate of growth 
is controlled by diffusion of carbon. 
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On the other hand, the activation energy for the 
self-diffusion of y iron has been reported” as ap- 
proximately 70,000 cal per mol; and it does not 
seem probable that this would be reduced to the 
values obtained in the present case by reason of the 
influence of the stresses or other factors at the inter- 
face. Whether the activation energies reported from 
the present analysis are representative of some in- 
terface mechanism of the type previously discussed 
cannot be stated with data now available. Addi- 
tional experiments designed to give information on 
the individual processes are necessary. 

Eq. 10 is of approximately the same form as Eq. 
11 of Zener’s paper, which was derived on the as- 
sumption that the rate of growth is determined by 
diffusion of carbon. The slight difference is that 
Zener assumes that the free energy varies linearly 
with AT; whereas, in the present paper, a more ac- 
curate variation with temperature is given. The 
presentation of this derivation is believed to be de- 
sirable for two reasons: 

1—Zener has shown that his equation is of correct 
form to describe the rate of growth of pearlite from 
austenite, and this implies that the rate is deter- 
mined by carbon diffusion, since this is the basis of 
Zener’s derivation. It is important to point out that 
the same equation can be arrived at without any 
assumption as to the actual mechanism of the reac- 
tion beyond the idea that it is controlled by the 
crossing of an energy barrier. 

2—An equation which is not based on a particular 
mechanism is needed as a guide for the study of the 
effect of alloying elements on the rate of growth. 
For example, in work now in progress at these lab- 
oratories, it has been found that manganese, which 
decelerates the growth of pearlite from austenite, 
does not appreciably partition between cementite 
and ferrite below a certain isothermal transforma- 
tion temperature. These results are in general agree- 
ment with data reported by Hultgren” for a manga- 
nese steel. The observation that the degree of par- 
titioning is a function of the isothermal transforma- 
tion temperature further complicates a theoretical 
treatment of the kinetics of the austenite-pearlite 
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Table IV. Free Energy of Formation” of Austenite from Pearlite 


Tempera- \F, Cal 
ture, °K per Mol 
996 0 
990 6.38 
940 17.5 
960 413 
67.0 
920 94.5 
900 123.6 
880 154.0 
860 185.7 
#40 218.5 
620 252.4 
800 287.1 


* Calculated by graphical integration of Eq. 6 for AE 1050 cal 


per mol of austenite 


transformation, for it is now necessary to obtain 
thermodynamic data on transformations to non- 
equilibrium products. Thermodynamic and _ inter- 
lamellar spacing measurements are now being made 
in the hope of analyzing the influence of manganese 
on rate of growth, in terms of its effect on AF, AE*, 
and possibly AS*.4 It is hoped that this work can be 
Qualitatively, it is clear that additions of manganese will decrease 
the temperature at which the free energy of nonpartitioned pearlite 
is equal to that of austenite. This follows from the fact that phase 
diagram work has shown that manganese decreases this temperature 
for partitioned pearlite and from the fact that the free energy of par- 
titioned pearlite must be higher than that of nonpartitioned. This 
will result in a smaller \F at a given temperature for the transforma 
tion to nonpartitioned manganese pearlites than for the transforma- 
tion to binary pearlites at a given temperature, unless the effect of 
manganese on heats of transformation and specific heats outweighs 
the effect on temperature Furthermore, it seems probable that 
manganese will increase interlamellar spacing These two effects 
will tend to result in a lower rate of growth of pearlite from austenite 
A quantitative valuation must await the results of work now under- 
way in these laboratories 
extended to a study of the effect of manganese on 
growth of « iron from y iron in a binary Fe-Mn 
alloy. This would be particularly enlightening, since 
isothermal growth on supercooling should occur 
without any diffusion of any kind. Again, the influ- 
ence of manganese would be analyzed in terms of 
its effect on AF, SE*, and possibly AS*. 


Conclusions 
The rates of growth of pearlite from austenite in 
two high-purity steels may be represented by the 
following equations: 
For 0.78 pet C steel, 
r 2.86 AFAT exp 
For 0.93 pct C steel, 
r 31.6 AFAT exp —27,600/RT 
As predicted by the theory, data for the steel 
containing 0.78 pet C show a maximum in the curve 
of growth rate vs temperature. 


24,200/RT 
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Appendix 
The free energy of the austenite-to-pearlite reaction 
can be calculated by means of the following equation: 


aT’ aCaT"/T” [13] 


\F Ak (T, —T)/T, 
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where: AF is the free energy of austenite minus that 
of pearlite per mol; T,, the absolute temperature of the 
transformation at equilibrium; T, the absolute tem- 
perature of a given transformation; AC, the difference 
in heat capacity between austenite and pearlite, cal- 
ories per mol per degree; and AE, the internal energy 
per mol of austenite minus that of pearlite at equilib- 
rium temperature. 

A careful search of the literature has failed to yield 
a reliable value of the heat of the eutectoid trans- 
formation, JE. Epstein” lists values from 875 to 1170 
cal per mol of austenite. Analysis of the data of Aw- 
bery and Snow’ indicates a value of approximately 
1000 cal per mol. A value may be estimated from the 
enthalpy data of pure iron by Darken and Smith,” from 
the heat of formation of cementite given by Darken 
and Gurry,” and the heat of solution of graphite in 
austenite by Smith.” Considering the transformation 
as the decomposition of pearlite into ferrite and graph- 
ite followed by the transformation of a to y iron and 
the subsequent solution of graphite in the y iron to 
form austenite gives a value of approximately 1050 
cal per mol. Preliminary direct measurements of the 
heat of transformation by calorimetric methods in 
these laboratories has indicated that this value is about 
correct. 

The heat capacity of steel below the temperature of 
transformation appears to be insensitive to large 
changes in carbon content and small changes in other 
elements.’ In view of this, values of heat capacity of 
pure a and y iron have been taken from the work of 
Darken and Smith.” The last term of the above equa- 
tion has been integrated graphically. The heat of 
transformation has been taken as 1050 cal per mol and 
the equilibrium temperature of transformation as 
723°C; the computed values of AF are given in Table IV. 
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Titanium-Manganese System 


Oaden, and R 


A phase diagram for alloys containing from 0 to 66.9 pct Mn was 
determined. Two compounds, tentatively labeled 5 and y, were found 


in this range. The } compound is located at about 66.9 pct Mn and 


melts congruently at 1330°C. The y 


compound has a composition 


near 53 pct Mn and originates in a peritectic reaction at 1200°C 
between liquid and 5. { and y enter into a eutectic reaction at 
1175°C. The £ phase field terminates in a very sluggish eutectoid 


ANGANESE is one of the important alloying 
addition elements to titanium. As a £-stabiliz- 
ing addition for a-§ and £ alloys, it provides high 
strength with adequate ductility.’ Two of the earli- 
est commercial alloys contain manganese as a Major 
alloying component.* 

The earliest published data on the constitution of 
Ti-Mn alloys was that of Wallbaum,* who reported 
the existence of the compound TiMn,. The trans- 
formation range of commercial-purity Ti-Mn alloys 
was investigated by Craighead, Simmons, and East- 
wood' who found limited a solubility and a lowering 
of the 8 transus to about 790°C at 7 pect Mn. Pre- 
liminary work by the authors of this paper, using 
high-purity titanium, confirmed the £#-stabilizing 
action of manganese and showed the existence of 
several intermediate phases in the Ti-Mn system.‘ 
More recently, McQuillan’ determined the £ transus 
temperatures for high-purity Ti-base alloys con- 
taining up through 4.4 pct Mn. These data are given 
in Fig. 1. 

The present investigation covered alloys made 
with a high-purity base. The constitution of tita- 
nium-rich alloys made with commercial titanium 
has been reported'* by Holladay, Kura, and Jack- 
son. 

The alloy range covered in the present investiga- 
tion was from 0 to 69.5 pct Mn. This alloy range 
extends slightly beyond the composition of the first 
congruent-melting compound encountered on pro- 
ceeding from the titanium end of the system. A de- 
scription of the materials and methods used in the 
determination of the diagram is given in the Ap- 
pendix. 

The partial phase diagram determined for the 
Ti-Mn system is shown in Fig. 2. Details on equi- 
libria in the titanium-rich alloys are given in Fig. 3. 


Liquid-Solid Relationships 
Observations on the cast structures of the arc- 
melted ingots showed that the terminal solid solu- 
tion of manganese in £ titanium enters into a eutec- 
tic reaction with an intermetallic compound labeled 
y. As will be shown later, this compound has a com- 
position around 53 pct Mn. The eutectic reaction 
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reaction between « and y at 550°C. 
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termined by McQuillan.’ 


temperature was determined as 1175°C by thermal 
analysis which also showed that the y phase origi- 
nates in a peritectic reaction at 1200°C. Fig. 4 shows 
typical eutectic structures for alloy compositions on 
both sides of the eutectic composition which is lo- 
cated at 42.5 pct Mn. 

In alloys over the range of 45.4 through 69.5 pct 
Mn, a second intermetallic compound, labeled 6, was 
identified as the primary phase. This phase consis- 
tently increased in amount as the manganese con- 
tent approached 66.9 pet, and, as shown in Fig. 5, 
an alloy structure containing 66.9 pet Mn consisted 
essentially of the 6 compound. Thermal-analysis 
data indicate a melting point of about 1330°C for 
the 6 intermediate phase. At 67.0 pct Mn, small 
quantities of a new, higher manganese-content 
phase were observed in the form of Chinese-script 
eutectic particles, Comparison of Fig. 6a and b 
shows an increasing quantity of this phase as the 
composition was increased to 69.5 pect Mn. 

The formation of peritectic y in arc-melted alloys 
containing 45.4 pet Mn and above appears to be 
almost entirely suppressed, as shown in Fig. 7a and 
b. This is because of the narrow freezing range 
available for its formation by peritectic reaction and 
because of the very high cooling rates obtained in 
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Fig. 2—-Partial phase diagram for iodide titanium-manganese alloys. 


In fact, these arc-melted 
“eutectic” series be- 


freezing after arc melting 
alloy structures appear as a 
tween the £ and 4 phases 

In an attempt to complete the peritectic reaction, 
an alloy containing 53.6 pet Mn was melted in 
graphite and slowly cooled through the solidifica- 
tion range at a rate of about 1°C per min. As illus- 
trated in Fig. 8, this structure clearly shows the 
peritectic rings of y around primary 46. Despite this 
slow rate of cooling, the peritectic reaction was in- 
complete, and no noticeable quantities of the B-y 
eutectic were formed. Instead, the last liquid to 
solidify formed the nonequilibrium eutectic of 6 in 
B, which characterizes the arc-melted alloy struc- 
tures in this composition range. 


Solid-State Equilibria 

Intermediate Alloy Range: Maximum solubility 
of manganese in £# titanium is about 33 pet at the 
reaction temperature At temperatures 
from 1175 to 550°C, the B-phase field is bounded 
by a wide two-phase field of 8 plus y. Fig. 9a illus- 
trates an alloy within this two-phase region. 

All attempts to isolate the y phase by homogeniza- 
tion treatments were unsuccessful. After soaking 
100 hr at 1100 C, alloys containing 45.4 through 54.7 
pet Mn show three-phase structures of §, y, and 6 as 
shown in Fig. 9b. Similar treatment on alloys with 
slightly higher manganese contents show that the 
y-6 phase field extends from at least 56.4 pet Mn 
(Fig. 10) up to 66.9 pet Mn, which is the composi- 
tion indicated for 4 

Titanium-Rich Alloys: The addition of manganese 
to titanium lowers the # transus sharply. McQuillan 


eutectic 


Per Cont Mengerese 


Tewperetere 


Per Cont Mengerese 
Fig. 3—Partial phase diagram for iodide titanium-manganese 
alloys 
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indicates an even sharper drop in § transus than was 
found in the present work. Quenching from within 
the £ field of alloys containing up through 5.1 pct 
Mn, produces acicular or martensitic transforma- 


tion structures. At manganese contents of 6.4 pct 
and above, the § phase is retained by water quench- 
ing. These observations were corroborated by a de- 
termination of M. temperatures by Duwez on tita- 
nium-rich alloys, which showed that the M. tem- 
perature for the 6.4 pet Mn alloy is below room 
temperature. Fig. 11 illustrates the M. curve ob- 
tained for these alloys. 

Manganese solubility in £ titanium decreases pro- 
gressively from a maximum of 33 pct at 1175 C to 
about 20 pet at 550 C where the @ phase decom- 
poses into a and y in a very sluggish eutectoid re- 
action. 

In an attempt to produce appreciable eutectoidal 
decomposition, wrought samples containing up 
through 24.5 pct Mn were annealed for 500 hr at 
540 C. Also, several alloys over the range of 15.1 
through 24.5 pet Mn were annealed for 1440 hr at 
500 C after an initial #-quenching treatment. 
Neither of these treatments produced any recogniz- 
able eutectoid decomposition in the hypoeutectoid 
alloys containing up to, and including, 17.2 pet Mn. 
Fig. 12a shows a typical structure for these alloys 
which consist of the a and £ phases. In the alloys 
containing 20.3 pet Mn and greater, both of the 


Table |. Inflection Temperatures Obtained from Resistance- 
Temperature Curves 


Manganese Content, Inflection 
Pet Temperature, °C 
3.66 856 
13.3 697 
20.5 319 


above treatments produced a fine, aggregate struc- 
ture, illustrated in Fig. 12b, at the #-grain bound- 
aries in addition to precipitating a small quantity 
of y particles within the 8 grains. X-ray diffraction 
patterns on samples of these alloys did not show a 
sufficient number of lines for the minor phases to 
allow positive identification. However, an extra- 
polation of the 8-phase-field boundaries determined 
at higher temperatures indicates that the £ field 
must terminate at about 20.0 pet Mn in a eutectoid 
reaction at about 550°C. On this basis, the fine s- 
grain-boundary aggregate in the hypereutectoid 
alloys has been identified as the first sign of what 
must be a very sluggish eutectoidal decomposition 
Metallographic data indicate that the a solubility of 
manganese reaches a maximum of about 0.5 pet Mn 
at 550°C. 

Due to the slow rates of the reactions involved 
and to contamination incurred in spot-welding, re- 
sistance-measurements were not as satisfactory a 
means of following the phase transformations as 
were metallographic methods. Resistance-tempera- 
ture curves obtained for three alloys showed inflec- 
tions at the temperatures noted in Table I. 

The inflections noted for the two lower manga- 
nese-content alloys are in fair agreement with the 
respective § transus temperatures determined metal- 
lographically. The inflection noted at 319°C for the 
20.5 pet Mn alloy probably represents the beginning 
of 8 decomposition for this alloy under these par- 
ticular conditions and has no direct significance. 
None of the resistance-temperature curves showed 
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Fig. 5—Structure of a 66.9 pct Mn alloy 


a—41.9 pct Mn. Proeutectic 4 plus inter- b—44.8 pct Mn. Proeutectic 7 in a matrix 
dendritic eutectic of 6 and >. The pro- of eutectic 7 in 8. held 4 hr at 1175 °C and quenched. Columnar 
eutectic 3 also contains Widmanstatten grains of 5 plus small particles of ». Etchant: 
proeutectoid +. 1 pet HF, 3 pct HNO, in water. X250. Area 
reduced appproximately 50 pct for duc- 
Fig. 4—Typical cast structures in arc-melted Ti-Mn alloys. Etchant: pct HF, 3 pct olen. 


HNO, in water. X500. Area reduced approximately 50 pct for reproduction. 


Fig. 6—Typical cast structures in arc-melted 4 
Ti-Mn alloys. Etchant: 1 pet HF, 3 pet pon 0 
HNO, in water. Area reduced approximately _ 

content phase. X500. b (right) —69.5 pct “x 


content phase. X250. 


Fig. 7—Typical cast structures in arc-melted 
Ti-Mn alloys. Etchant: | pct HF, 3 pct HNO, 
in water. X500. Area reduced approximately 
50 pct for reproduction. a (left) —54.7 pct Mn. 
Primary 5 (large white dendrites) plus an in- 
terdendritic mixture of nonequilibrium-eutec- 
tic } (small white particles) in 6 (gray) and 
> (large white crystals). b (right)—65.0 pct 
Mn. Primary 5 (white matrix) plus inter 
dendritic mixture of nonequilibrium-eutectic 
(small rounded white particles), (1 (gray), 
and + (large white crystals). 


compounds was that of the 66.9 pct Mn alloy, pic- 
tured in Fig. 5, which consisted predominantly of 
the single-phase 6. However, the diffraction pattern 
for this alloy gave similar lines to those obtained 
sistance of the £8 phase decreases with increasing for alloys containing from 53.6 to 66.9 pct Mn. 
manganese content until, at some composition be- Metallographic examination showed that both the y 
tween 3.66 and 13.3 pct Mn, it becomes negative. and 6 phases were present in these alloys. 


inflections indicative of the eutectoid reaction tem- 
perature. 

An interesting side observation from this work 
was that the apparent temperature coefficient of re- 


X-Ray Diffraction 
Fig. 8—Structure of 
Diffraction patterns on alloys with low-manga- a 53.6 pct Mn alloy 
nese content showed the small amount of manganese slowly cooled through 
taken into solid solution in the a phase had no sig- the solidification 
nificant effect on the a@ lattice parameter of unal- range. Primary 


(large dark-gray den- 
drites) surrounded by 
peritectic y (light- 


loyed titanium. 
Fig. 13 shows the results of X-ray diffraction 
measurements of the 8 lattice parameters of several 
alloys. The data show some scatter, which is prob- grey stristed phase) 
plus interdendritic 
ably due to lack of equilibrium, but indicate a linear (white) conteining 
relationship between the parameter and composition nonequilibrium-eu- 
of the 8, in accordance with Vegard’s law. tectic 5. Etchent: 1 
The only one-phase alloy structure directly avail- pct HF, 3 pct HNO, in water plus heat tinting in air at 425°C for 
able for use in X-ray identification of the two Ti-Mn 5 min. X250. Area reduced approximately 50 pct for reproduction. 
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o—41.9 pct Mn. Grains of > in matrix 


matrix ‘light gray! 


Fig. 9—Structure for two Ti-Mn alloys quenched after 100 hr at 1100°C. Etchant: | 
pet HF, 3 pct HNO, in water plus heat tinting in air at 425°C for 5 min. X250. Area 


reduced approximately 50 pct for reproduction 


Since all attempts to prepare a single-phase y 
structure by equilibration treatments were unsuc- 
cessful, a diffusion couple was prepared to isolate 
the phases. This couple was made by heating con- 
tacting samples of electrolytic manganese and a 20 
pet Mn alloy in a Vycor capsule under argon for 
two weeks at 1000°C. Metallographic examination 
of the original interface between the samples 
showed that at least two, and perhaps three, com- 
pounds are formed between titanium and manganese. 
An X-ray diffraction film taken from the first com- 
pound layer adjacent to the 20 pet Mn alloy (..e., 
the y-compound layer) showed the pattern given in 
Fig. 14. Subtraction of these lines from the pattern 
obtained for the 66.9 pct Mn alloy left the lines 
shown in Fig. 14 as being those characteristic for 
the 6 compound. These patterns were consistent with 
the metallographic structures and diffraction pat- 
terns for alloys containing 53.6 through 66.9 pct Mn. 

The pattern for the 4 compound is identical to 
that reported by Wallbaum" for the compound 
TiMn,. This investigator found a hexagonal struc- 
ture of the C14 type (MgZn.) with a and c para- 
meters of 4.18A and 7.88A, respectively. The compo- 
sition indicated for the 6 or TiMn, compound by the 
present work is 66.9 pet Mn rather than 69.6 pet Mn 
which corresponds to the stoichiometric ratio. As 
shown in Fig. 6b, an alloy containing 69.5 pct Mn is 
well within a two-phase field of 6 plus a new higher 
manganese-content phase. 

The crystal structure for the y phase has not been 
identified. Although the indicated composition for 
this phase corresponds roughly to TiMn, the dif- 
fraction pattern observed does not fit the body- 
centered cubic CaCl-type lattice observed” for the 
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b—54.7 pct Mn. Nonequilibrium structure 
of » ‘dark gray) and (white) in d 


dy 

Fig. 10—Structure for a 56.4 pct Mn alloy 

quenched after 100 hr at 1100°C. Islands of 

+ (dark) in 5 matrix (light). Etchant: 1 pct 

HF, 3 pct HNO, in water plus heat tinting in 

air at 425°C for 5 min. X250. Area reduced 
approximately 50 pct for reproduction 


Fig. 11—M, curve 
for solid solution 
in the Ti-Mn system.” 


Tempercture, 


Weight Per Cent Mangonese 


TiX compounds of the neighboring transition ele- 
ments. 
Summary 

A phase diagram for alloys containing 0 to 69.5 
pct Mn was determined using iodide titanium as the 
base material. Two compounds, tentatively labeled 
5 and y, exist within this composition range. 

The 5 compound is located at about 66.9 pet Mn 
and melts congruently at 1330°C. The y compound 
has a composition near 53 pet Mn and originates in 
a peritectic reaction at 1200°C between 6 and melt 
containing 45 pct Mn. 

8 titanium, containing 33 pet Mn, and y undergo 
a eutectic reaction at 1175°C, with the eutectic 
composition located at 42.5 pet Mn. Manganese 
solubility in £8 titanium decreases almost linearly 
from a maximum of 33 pct Mn at 1175°C to about 
20 pet Mn at 550°C where the 8 phase decomposes, 


Fig. 12—Structure for a hypo- and hyper-eutec- 
toid alloy quenched from 800°C and reheated to 
500°C for 1440 hr. Etchant: 1 pet HF, 3 pct 
HNO, in water. X500. Area reduced approxi- 
mately 50 pct for reproduction. a (left) —15.1 pct 
Mn. Widmanstatten « plates in large 4 grain 
matrix. b (right)—20.3 pet Mn. Large 4 grains 
containing some + particles plus 4 eutectoid de- 
composition at the 4 grain boundaries. 
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in a very sluggish eutectoid reaction, into a and y. 
Increasing additions of manganese to titanium lower 
the 8 transus to 550°C at the eutectoid composition. 
The solubility of manganese in a titanium reaches 
a maximum of about 0.5 pet Mn at the eutectoid 
temperature. 
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Appendix—Experimental Methods 

Materials: Iodide titanium crystal bar and electro- 
lytic manganese were used in the preparation of these 
alloys. The titanium was supplied in several lots by 
the New Jersey Zine Co. to the specification that the 
maximum hardness should not exceed 85 Vickers. A 
typical spectrographic analysis for one of these lots is 
given in Table II. 

Analysis for the as-received manganese was as 
follows: N, 1 part per million; H, 120 parts per million; 
sulphide sulphur, 0.014 pct; sulphate sulphur, <0.001 
pet; and Fe, <0.001 pct. Prior to use in alloying, the 
manganese was arc-melted under a total pressure of 
10 ecm of argon to remove the absorbed hydrogen. 

Melting Procedure: All alloys were prepared by di- 
rect arc melting of charges of iodide titanium and 
premelted electrolytic manganese, under a total press- 
ure of 10 cm of argon, and on a water-cooled copper 
hearth. This furnace and the procedure for con- 


Table ||. Spectrographic Analysis for Titanium 


Spectrographic Analysis 


Quartitative, 


Element Wt Pet Qualitative 
Mn 0.032 Weak to faint 
Al 0.017 Very faint 
Fe 0.0041 Extremely faint 
Cu 0.0031 Extremely faint 
Pb 0.0029 Extremely faint 
Sn 0.0018 Extremely faint 
Mg Extremely faint 
N 0.003*° 


* By chemical analysis 


| Oeite Compound 


Interploner Spacing, 
Fig. 14—Interplanar spacing and line intensities for diffraction 
patterns on the » and 5 compounds. 


tamination-free melting have been adequately de- 
scribed elsewhere in the literature.’ Ingot size was 
generally held to about 15 g. In order to minimize 
manganese losses during melting, current input to the 
are was maintained at about 200 amp, and the time of 
a single melt was limited to about 5 min. Three such 
melts were generally found adequate to obtain com- 
plete melting of all ingots prepared, with each ingot 
being flipped over between melts. Some weight losses 
were incurred during melting. Compositions calculated 
on the assumption that the weight loss was entirely 
manganese agreed within +1.0 pct of the analyzed 
compositions. However, all compositions were checked 
by chemical analysis. An excess of 0.5 to 1.0 pet Mn 
above the desired composition was generally sufficient 
compensation for losses during melting. 

Fabrication: Upset forging and hot rolling in air 
were used for breaking down the cast ingots where- 
ever possible. Ingots containing through 7 pect Mn were 
fabricated to 0.060-in. strip by the use of this procedure 
at 750°C. For the higher manganese-content ingots, 
850°C was used. At this temperature, an alloy con- 
taining 20.5 pct Mn was the highest manganese-content 
alloy which could be fabricated. Alloys containing 23.2 
pet Mn and above could not withstand forging and 
cracked badly after the first few passes during at- 
tempted hot rolling. 

After rolling, each strip was given a 15-min strain- 
relief anneal at rolling temperature and air cooled. As 
a precaution against surface contamination, all strips 
were cleaned by grit blasting and pickling in a 20 
parts HF, 80 parts HNO, (by volume) bath to remove 
a total thickness of 0.004 in. 

Heat Treatment: All quenching treatments were car- 
ried out using chromel-A-wound, Type 304 stainless 
steel tube furnaces. Gettered argon was admitted 
through one end of the tube as an atmosphere to pro- 
tect the samples during treatment. The furnace was 
mounted in a cradle which pivoted about an axis 
through the open end of the furnace tube. Samples 
for treatment were placed in a titanium-sheet sleeve 
packed with titanium turnings. Quenching of the 
sleeve and samples were effected by up-ending the 
furnace and sliding the sleeve out of the tube into a 
bucket of water. Temperature control in these fur- 
naces was maintained within +3°C. 

For homogenization treatments, Globar and molyb- 
denum-wound McDanel tube furnaces were’ used. 
These furnaces were adapted to receive argon, and 
temperatures were controlled within +10°C. 

Wherever possible, metallographic samples were 
cold-rolled before heat treatment to expedite attain- 
ment of equilibrium structures. The degree of cold 
reduction varied from 50 pct, for the lowest manga- 


Table III. Time Schedule for Equilibrating Treatments 


Temperature Time, 


Range, °C ur 
1100 1 
1000-1050 2 
900-1000 4 
800-900 6 
775-800 12 
750-775 16 
700-750 24 


570-700 
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nese-content alloys, to 35 pet, for the 20.5 pct Mn 
alloy. Initially, the time schedule shown in Table III 
was selected for equilibrating treatments. 

Subsequently, several longer time treatments were 
used to explore critical composition ranges at various 
temperature levels. Alloys bordering the eutectoid 
composition were given treatments of 200, 300, 500, 
and 1440 hr at the respective temperatures of 650°, 
600°, 540°, and 500°C. Also, 100-hr treatments were 
used in equilibrating alloys containing above 25 pct 
Mn, at temperatures from 925° through 1100°C 

All quenching treatments were carried out under 
an argon atmosphere. For treatments extending be- 
yond 24 hr, Vycor capsules were used. In these in- 
stances, the samples were wrapped individually in 
columbium foil, and the capsules sealed under a par- 
tial pressure of argon 

The alloys containing above 20.5 pet Mn were too 
brittle to permit either hot or cold-working. Conse- 
quently, ingots containing from 20.5 pet to 69.5 pct Mn 
were given 100-hr homogenization treatments at tem- 
peratures ranging from 975° to 1100°C 

Metallography: Samples for metallographic exami- 
nation were prepared by hand grinding on 240X, 400X, 
and 600X wet papers. Grinding scratches from the 
600X paper were removed by using a slurry of Linde 
B alumina and chromic acid on either a Forstmann or 
Miracloth lap on a high-speed (1725 rpm) wheel. 
Final polishing was done using Linde B alumina on a 
Microcloth lap on a medium-speed wheel. 

An etchant composed of 1 pet HF and 3 pet HNO, 
(by volume) was generally satisfactory for all struc- 
tures examined. Some difficulty was experienced, 
however, in differentiating between the phases pres- 
ent in the alloys containing 45 to 55 pet Mn. For these 
structures, a supplemental heat-tinting procedure 
proved quite useful. This was accomplished by heat- 
ing the chemically etched samples for 5 min in air at 
425°C. This procedure caused selective oxidation and 
discoloration of the » and 5 compounds, but left the g 
phase relatively unchanged. 

Resistance Measurements: Electrical resistance meas- 
urements were investigated as a means for checking 
the transformations in the titanium-rich alloys. In 
this work, a set of current and potential leads were 
spot welded to a sheet sample surrounded by titanium 
turnings in a titanium sleeve. This assembly was 
placed in a tube furnace and heated at a rate of 0.25 
to 0.50°C per min, using gettered argon as an atmos- 
phere. Current to the sample was held at 1.00 +0.01 
amp. Alternate readings of temperature and the po- 
tential drop across the sample were taken at intervals 
of 1 min and used to construct a resistance vs tem- 
perature curve for each of the alloys investigated. 

X-Ray Diffraction: For precision measurement of the 
a and # lattice parameters as well as for diffraction 
work on the y and 5 compounds, samples were photo- 
graphed in a 114.6 mm Debye camera. The a patterns 
were prepared using copper radiation with a 1 mm 
aluminum foil being interposed to reduce the high 
background normally produced with titanium. The 
values taken for the wavelengths of the characteristic 
copper Ke, and Ka, radiations were 1.54050 and 
1.54434A, respectively. 

For the other diffraction work in the Debye camera, 
unfiltered vanadium radiation was used. The values 
taken for the wavelengths of the characteristic vana- 
dium Ke,, Ke, and Kg radiations were 2.5072, 2.5034, 
and 2.2843A, respectively 

All parameter calculations were based on the Cohen 
extrapolation method, with the Gauss method being 
used to calculate the probable error. Spectrometer 
charts were also prepared on occasional samples to 
check the metallographic phase identification. 

Melting Range Determinations: Initial investigation 
of the melting range was carried out by observation 
and optical temperature measurement of block sam- 
ples induction heated under argon. For fabricable al- 
loys, sheet samples bent into V shapes were used, and 
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for brittle alloys, wedge-shaped pieces of the frac- 
tured ingots were selected. In either case, the sample 
was placed in a deep-well graphite crucible so that 
observation could be made on a thin, angular section 
during heating. Solidus temperatures were approxi- 
mated by noting the temperature at which rounding 
of edges or slumping of the sample occurred. Liquidus 
temperatures were obtained with an estimated accu- 
racy of +10°C by noting the temperature at which 
complete collapse of the sample occurred. As a check 
point, the melting point of electrolytic nickel was de- 
termined as 1450°C using this equipment. This com- 
pares favorably with the handbook value of 1455°C. 
Using a similar procedure, the melting point of un- 
alloyed, iodide titanium was determined as_ 1680 
+10°C. 

Thermal analysis was used to investigate the liquid- 
solid relationships in the intermediate alloy range. 
Samples of approximately 10 g were charged in 
graphite crucibles 1 1/16 in. in length with an outside 
diameter of 34 in. and a wall thickness of 1/16 in. 
Temperatures were measured using a calibrated Pt- 
Pt-10 pet Rh thermocouple inserted in a thin-walled 
graphite-crucible well. Heating and cooling curves 
were obtained directly through use of a General Elec- 
tric recording millivoltmeter. Thermal arrests ob- 
tained during the initial run on each sample were re- 
checked by selecting a higher range of sensitivity on 
the recorder and repeating the run. 

Reaction between the crucible and melts containing 
from 33.2 to 58.0 pct Mn was largely restricted to the 
graphite interface, although a small number of car- 
bides appeared scattered through each melt. Reaction 
between the graphite and melts containing above 63.2 
pet Mn was, however, very severe. In the thermal 
analysis of a 66.4 pct Mn alloy, it was only possible to 
obtain one cooling curve because of the rapid rate of 
reaction of the graphite and melt. 

Determination of M, Temperatures: Laboratory work 
on the determination of M, temperatures for six tita- 
nium-rich manganese alloys was performed in a co- 
operative effort by Pol Duwez at the Jet Propulsion 
Laboratory, California Institute of Technology. The 
equipment and procedures used by Dr. Duwez have 
been described in detail in a previous publication.’ 
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Titanium-Tungsten and Titanium-Tantalum Systems 


Maykuth, H. R 


Phase diagrams for the Ti-W and Ti-Ta systems were determined. 


Ogden, and R. |. Jaffee 


The Ti-W system is characterized by a wide, two-phase region of 
8 plus tungsten which is derived from a peritectic reaction between 
the liquid and tungsten solid solutions. The field terminates in a 
eutectoid reaction between « titanium and tungsten terminal solid 
solution. Tantalum and { titanium form a complete series of solid 
solutions. Other features of this system are the extensive «-/3 field 
at low temperatures and an appreciable solubility of tantalum in « 


OTH tungsten and tantalum were first thought 
to form 8-isomorphous systems with titanium as 
a result of early work’ using powder-metallurgical 
techniques. Later work’ on are-melted Ti-Ta alloys, 
made using a commercial titanium base, showed 
that, in the range of 0 to 10 pct, tantalum was 
soluble in £ titanium and that the a solubility ex- 
tended to between 2 and 5 pct Ta at 790 C. 

The present investigation covered the entire alloy 
range in both systems and was chiefly concerned 
with high-purity alloys at the titanium-rich end. 
The constitution of titanium-rich alloys made with 
a commercial titanium base was reported by Holla- 
day, Kura, and Jackson.” *‘ As will be shown in de- 
tail later, the early prediction of 8 isomorphism was 
true for the case of the Ti-Ta system, but not for 
the Ti-W system. The results of this investigation 
will be presented first. The experimental methods 
used are described in the Appendix. 


Ti-W System 
The entire Ti-W phase diagram is shown in Fig. 1. 
Details of the titanium-rich side are shown in Fig. 
2. The chief features of the system are a f eutectoid 
and a high-temperature peritectic between liquid 
and tungsten solid solution. 
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titanium. 


Melting Range: Examination of cast structures of 
low and medium-tungsten-content ingots showed 
cored 8 phase as the primary constituent. Fig. 3a 
illustrates a typical cast structure for alloys in the 
range of 20 to 30 pet W. From 30 to 72 pet W, coring 
was very severe. Alloys containing 72 through 88 
pet W, however, showed definite evidence of a peri- 
tectic reaction between the liquid and a terminal 
solid solution of titanium in tungsten. Fig. 3b shows 
the cast structure for an 80 pct W alloy. A 95 pet W 
alloy, shown in Fig. 4, consisted primarily of pri- 
mary tungsten solid solution plus a small quantity 
of £8 probably rejected during cooling. 

Incipient-melting experiments located the peri- 
tectic temperature between 1850° and 1900°C and 
indicated that the reacting phases are liquid con- 
taining about 25 pct W and tungsten terminal solid 
solution containing about 8 pct Ti. Figs. 5 and 6 

D. J. MAYKUTH is Research Metallurgist, H. R. OGDEN, Junior 
Member AIME, is Assistant Supervisor, and R. |. JAFFEE, Member 
AIME, is Supervisor, Nonferrous Physical Metallurgy Div., Battelle 
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Discussion on this paper, TP 3480E, may be sent, 2 copies, to 
AIME by April 1, 1953. Manuscript, Sept. 15, 1952. Los Angeles 
Meeting, February 1953. 
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Fig. 1—Phase diagram for the Ti-W system. 


illustrate typical structures obtained in these experi- 
ments. The peritectic composition was placed at 
slightly above 50 pct W. 

Solid-State Equilibria: Tungsten solubility in B 
titanium decreases from a maximum of about 50 
pet at the peritectic temperature to about 28 pct at 
about 715°C, where the 8 phase decomposes eutec- 
toidally. Additions of tungsten to titanium depress 
the 8 transus from 882° to 715°C at the eutectoid 
composition. On quenching alloys containing up 
through 20 pet W from the £ field, martensitic £8 
transformation structures are produced. At compo- 
sitions of 25 pet W and greater, the £8 is completely 
retained on quenching. Metallographic data bracket 
the eutectoid composition between 25 and 30 pct W, 
and 28 pet W was taken as the numerical value. 

A few spot checks using electrical-resistance 
measurements have roughly checked the transus 
temperatures found metallographically. These were 
done in hypoeutectoid alloys. However, because con- 
tamination occurred in spot welding leads to the 
specimens, and because of the sluggishness of the 
reactions involved, resistance-measurement did not 
afford a reliable means of following the phase trans- 
formations. No inflections in the resistance-tempera- 
ture curves were observed at the eutectoid tempera- 
ture, presumably because of reaction sluggishness. 
The eutectoid-reaction temperature was bracketed 
between 700° and 725°C by metallographic exam- 
ination of heat-treated specimens. The heat treat- 
ments used consisted both of isothermal transforma- 
tion after quenching from the £ field to the test tem- 
perature and also conventional equilibrating anneal- 
ing treatments on wrought specimens. Figs. 7 through 
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Fig. 2—Partial phase diagram for iodide titanium-tungsten alloys. 


11 show typical structures produced in alloys on 
both sides of the eutectoid by isothermal treatments. 
Annealing both hypoeutectoid and hypereutectoid 
alloys at 700°C and lower temperatures produced 
the dark-etching structure shown in Figs. 8 and 10. 
Hypoeutectoid alloys isothermally treated at tem- 
peratures within the a-§ field contained Widman- 
statten a structures of the type shown in Fig. 7. 

Hypereutectoid alloys in the range of 30 to 50 pct 
W showed two distinctive modes of tungsten pre- 
cipitation as a result of isothermal heat treatments 
above the eutectoid temperature. The bulk of the 
precipitated tungsten took the form of small par- 
ticles or plates. However, as illustrated in Figs. 9 
and 11, there was appreciable precipitation of tung- 
sten at the 8 grain boundaries in the form of fan- 
shaped colonies. These colonies resemble a eutec- 
toidal decomposition product, but as Figs. 9 and 11 
show, the phase within the fan arrangement, adja- 
cent to the tungsten plates, is continuous with the 
parent 8 matrix. None of this lamellar-type pre- 
cipitate was observed in any of the higher tungsten- 
content alloys at any of the temperatures inves- 
tigated. 

X-ray confirmation on the eutectoid-reaction prod- 
ucts was also obtained. Diffraction patterns on sam- 
ples of an 18.4 pet W sample annealed for 1000 hr 
at 540° and 650°C showed patterns for a titanium 
and a body-centered cubic phase with a parameter 
of 3.164A. This cubic structure was identified as the 
terminal tungsten solid solution which has been ex- 
panded from 3.158A by the solution of a small quan- 
tity (less than 5 pet) of titanium. 

The maximum solubility of tungsten in a tita- 


Fig. 3—Typical cust structures for two arc-melted 
Ti-W alloys. Etchant: | pet HF, 3 pet HNO, in 
water. X250. Area reduced approximately 50 pct 
for reproduction. a (left)—25 pct W cored 8 
phase. b (right) —80 pct W primary tungsten solid 
solution surrounded by peritectic § and cored 
8 phase. 
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Fig. 4—Cast structure of an arc-melted 
95 pct W alloy. Columnar grains of pri- 
mary tungsten solid solution plus precipi- 
tated particles of 8. Etchant: 1 pct HF, 
3 pct HNO, in water. X250. Area reduced 
approximately 50 pct for reproduction. 


i i 
at 


a—30 pet W. Heated to 1850°C for 15 
min and furnace cooled. Cored § phase. 


Fig. 6—Liquation in a 30 pct W alloy at temperatures below and above the peritectoid 
temperature. Etchant: 1 pct HF, 3 pct HNO, in water. X100. Area reduced approximately 


a—30 pct W. Incipient melting indicated 
by “burnt” spots in large § grains. The 
grain-boundary precipitate and acicular 
needles are proeutectoid tungsten solid 
solution rejected during furnace cooling. 


Fig. 5—Structures for two Ti-W alloys held 1 hr at 1800°C and furnace cooled. Etchant. 
1 pct HF, 3 pct HNO, in water. X100. Area reduced approximately 50 pct for reproduc 


tion. 


shy 


min and furnace cooled. 


tungsten solid solution surrounded by peri- 
tectic § in a matrix of cored § solid solu- 


tion. 


50 pct for reproduction. 


~ v4 


Fig. 9—Structure for a f- quenched 32 pet 
W alloy after annealing 250 hr at 725°C. 
Proeutectoid tungsten in 8. Etchant: 1 
pct HF, 3 pct HNO, in water. X500. 
Area reduced approximately 50 pct for 
reproduction. 
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Fig. 7 (left)—Structure of a (-quenched 
20 pct W alloy after annealing 250 hr at 
725°C. Grain-boundary and Widman- 
statten proeutectoid in Etchant: 
1 pet HF, 3 pct HNO, in water. X500. Area 
reduced approximately 50 pct for repro- 
duction. 

Fig. 8 (right)—Structure of a §-quenched 
20 pct W alloy after annealing 300 hr at 
700°C. Grain-boundary «@ plus § eutec- 
toid decomposition product of a plus 
tungsten. Etchant: 1 pct HF, 3 pct HNO, in 
water. X500. Area reduced approximately 
50 pct for reproduction. 


Fig. 10—Steuctore for a 32 pet 
W alloy after annealing 300 hr at 700°C. 
8 eutectoid decomposition product of a 
plus W. Etchant: | pct HF, 3 pct HNO, 
in water. X500. Area reduced approxi- 
mately 50 pct for reproduction. 


1%: 


b—30 pct W. Heated to 1900°C for 10 
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b—40 pct W. Large f grains plus acicular 
proeutectoid tungsten solid solution pre- 
cipitated during furnace cooling. 


? 


Primary crystals of 


Fig. 11—Structure of a S-quenched 32 pct 
W alloy after annealing 200 hr at 750°C. 
Grain-boundary and Widmanstatten tung- 
sten precipitate in 8. Etchant: | pct HF, 
3 pct HNO, in water. X500. Area re- 
duced approximately 50 pct for reproduc- 
tion. 
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Fig. 12—Phase diagram for the Ti-Ta 
system. 


nium, determined metallographically, is about 0.8 
pet at 715°C (cf. Fig. 2). Tungsten in solid solution 
in « titanium was found to have practically no effect 
on lattice parameter. Hence, the X-ray method was 
not useful in determining a solubilities. The solu- 
bility of titanium in tungsten decreases from a max- 
imum of about 8 pet at the peritectic-reaction tem- 
perature to less than 5 pet at temperatures in the 
region of the eutectoid. These conclusions are based 
on microexaminations of as-cast and heat-treated 
high-tungsten alloys. 

Structures in the composition range around the 
eutectoid were sensitive to heat treatment in that 
they clearly showed the eutectoid reaction. As the 
tungsten content increased, however, the 8 eutec- 
toidal decomposition reaction became increasingly 
sluggish. Even after isothermal treatment of 300 hr 
at 700°C, samples containing 36 and 40 pct W 
showed an increasing amount of undecomposed £ 
phase. Heat treatments at 700°C on alloys contain- 
ing 88 and 95 pct W showed no metallographic evi- 
dence of 8 eutectoid decomposition. 

As mentioned earlier, homogenization treatments 
failed to produce equilibrium structures in alloys 
containing above 40 pet W. However, the phase dis- 
tributions and structures observed were consistent 
with the lower alloy-content samples over the tem- 
perature range investigated. 
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Fig. 13—Partial phase diagram for iodide ti- 
tanium-tantalum alloys. 
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Ti-Ta System 


The phase diagram for the entire range of com- 
positions in the Ti-Ta system is shown in Fig. 12. 
The titanium-rich portion is shown in Fig. 13. £B 
titanium and tantalum form a continuous series of 
solid solutions. The a field, although closed, has an 
appreciable range. 

Melting Range: Both optical observation and in- 
cipient-melting techniques were used to determine 
the melting range. The solidus curve rises smoothly 
from the melting point of titanium to that of tan- 
talum. The solid-liquid range is seen to be rela- 
tively narrow. Fig. 14 illustrates a typical partially 
melted alloy, showing how the incipient-melting 
technique was applied to obtain the solidus curve 
at the higher alloy contents. 

As-cast structures for an alloy series containing 
40 to 95 pet Ta were consistent with the isomorphism 
of 8 titanium and tantalum in that they consisted 
entirely of cored 8 phase. 

Solid-State Equilibria: Examination of alloys con- 
taining from 0.96 through 95 pct Ta equilibrated at 
1000°C confirmed the existence of complete £ solid 
solubility. Fig. 15 shows a typical §-transformation 
structure and a retained-f structure for alloys 
quenched from this temperature. Some slight in- 


Fig. 14—Incipient 
melting in a 80 pct | 
Ta alloy heated to 
2250°CforSminand 
furnace cooled. Large 
equiaxed § grains 
with “burnt” spots 
indicating incipient 
melting. Etchant: 1 
pet HF, 3 pct HNO, 
in water. X100. Area 
reduced approxi- 
mately 50 pct for re- 
production. 


homogeneity persisted in the alloys containing 40 
through 60 pet Ta even after homogenization treat- 
ment. This was indicated by nonuniform a precip- 
itation in these alloys at temperatures below the 8 
transus. No evidence of 8 decomposition was ob- 
served in the alloys containing 80 through 95 pct 
Ta at temperatures down through 600°C. 

Tantalum additions to titanium depress the £6 
transus gradually. 8 quenching of alloys containing 
up to 40 pet Ta produces martensitic transformation 
structures, like that shown in Fig. 15a. At tantalum 
contents of 50 pet and above, the 8 phase was re- 
tained on quenching. 

As indicated in the tantalum 


phase diagram, 


shows an appreciable solubility in « titanium. This 
increases with decreasing temperature to about a 


Table |. Lattice Parameter Data for Three Ti-Ta Alloys 


Lattice Parameter, A 


Ta, Wt Pet a c c/a Ratio 
Unalloyed Ti 2.9503+-0.0001 4.6834+0.0001 1.587 
0.96 2.9512+0.0001 4.6845 +0.0001 1.587 
3.70 2.9506 *+0.0003 4.6858 +0.0002 1.588 
5.36 2.9502+0.0003 4.6873 +0.0002 1.589 
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Fig. 15-—Structures for two Ti-Ta alloys quenched 

after 24 hr at 1000°C. Etchant: 1 pct HF, 3 pct e if 

HNO, in water. X250. Area reduced approxi- 
mately 50 pct for reproduction. a (left)—40 pct AA 2 NL 
Ta. Large equiaxed grains with martensitic — 
needles of a. b (right) —80 pet Ta. Large 


equiaxed grains. 


maximum of 12.5 pet Ta at 550°C. a parameters 
determined for three alloys annealed 14 days at 
530 C showed that tantalum expands the a-titanium 
lattice in the c direction while showing no significant 
effect on the a parameter. These data are given in 
Table I. Although the graphical relationship of c 
parameters to alloy composition was approximately 
linear, the scatter along this line was too large to 
permit use of parameter measurements in locating 
the transus. 

Resistance-temperature curves for three alloys 
showed inflections at the temperatures noted in 
Table II. These data provided a rough check for the 
metallographic determination of the transus tem- 
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perature, which represented a much closer approach 
to equilibrium conditions. Fig. 16 shows typical two- 
phase structures for alloys equilibrated within the 
extensive field. 

X-ray diffraction patterns on two alloy samples 
of a 27.2 pet Ta alloy annealed 1000 hr at 540° and 
650 C showed lines for a titanium and a _ body- 
centered cubic phase which represented £ solid solu- 
tion. Line intensities of these patterns, however, 
were not sufficient to permit accurate parameter 
measurements. 

Summary 

Binary phase diagrams for the Ti-W and Ti-Ta 
systems were determined using iodide titanium as 
a base for the titanium-rich alloys and Bureau of 


Table II. Inflection Temperature Obtained from Resistance- 
Temperature Curves 


Inflection Temperature, °C 


Alpha Transus Beta Transus 


Ta, Wt Pet Heating Cooling Heating Cooling 
5.4 833 813 878 854 
7.3 830 808 892 859 
760 680 
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Mines titanium as a base for the intermediate and 
high-alloy ranges. 

Liquid (containing about 25 pet W) and tungsten 
solid solution (containing about 8 pet Ti) react peri- 
tectically at about 1880°C to produce a wide two- 
phase region of £-tungsten in the intermediate por- 
tion of the diagram. The solubility of titanium in 
tungsten decreases from about 8 pct Ti at 1880°C 
to slightly less than 5 pet Ti at around 700°C. 

Tungsten solubility in £ titanium decreases from 
a maximum of about 50 pet W at 1880°C to about 
28 pet W at 715°C, where the A-phase field ter- 
minates in a eutectoid reaction between a titanium 
and tungsten terminal solid solution. Increasing 


Fig. 16—Structures for two Ti-Ta alloys after a 


a A ‘,. 50 pct cold reduction and 12 hr at 800 C followed 
“he by water quenching. Etchant: 1 pct HF, 3 pct 
HNO, in water. X500. Area reduced approxi- 

> mately 50 pct for reproduction. a (left) —9.05 pct 

Ta. Equiaxed « grains plus intergranular b 

af (right) —17.9 pet Ta. grains (light) in a 


matrix of small equiaxed transformed j. 


additions of tungsten to titanium lower the § transus 
to 715°C at the eutectoid composition. Tungsten 
solubility in a titanium reaches a maximum of about 
0.8 pet W at the eutectoid reaction temperature. 

8 titanium and tantalum form a complete series 
of solid solutions. Increasing additions of tantalum 
to titanium progressively increase the melting range 
and lower the 8 transus to 600°C at about 70 pet Ta. 
Tantalum solubility in « titanium increases with de- 
creasing temperatures to a maximum of about 12.5 
pet Ta at 550°C. 
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Appendix—Experimental Methods 


Materials: Iodide crystal-bar titanium was used in 
preparing the titanium-rich alloys and U. S. Bureau of 
Mines powder titanium was used for the intermediate 
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Fig. 17—Crucible design for arc casting of 
Ti-W ingots. 


and high-alloy ranges. The iodide titanium was pro- 
duced by the New Jersey Zinc Co. to the specification 
that the maximum lot hardness should not exceed 85 
Vickers. A typical spectrographic analysis for one of 
these lots is given in Table III. 

The analysis furnished by the Bureau of Mines for 
the powder titanium was as follows: Fe, 0.15 wt pet; 
Mg, 0.30; Ca, 0.036; Si, 0.005; V, 0.012; and H, 0.25 pct 
or 25 to 30 ml per g. 

The tungsten and tantalum used, both of 99.94 pct 
purity, were produced by the Fansteel Metallurgical 
Corp. The tungsten used was in the form of 10-mil 
wire and as —200-mesh powder. Tantalum was avail- 
able as 0.006-in. sheet and also as “Standard Reclaimed 
Powder.” 

Alloy Preparation: Preparation of homogeneous al- 
loys of titanium with the high-melting, heavy metals, 
tungsten and tantalum, proved to be a difficult task, 
and the methods used merit special mention here. Ini- 
tially, alloys containing up through 18.4 pct W were 
prepared by direct are melting charges of iodide tita- 
nium crystal bar and 10-mil tungsten wire on a water- 
cooled copper hearth in a small, tungsten-are furnace. 
This furnace and the melting procedure used have been 
previously described." ° Because of the refractory na- 
ture of tungsten, a rigorous schedule of sectioning and 
remelting the ingots was necessary to insure complete 
solution of the tungsten. The total number of melts 
required was roughly proportional to the tungsten con- 
tent, with a maximum of 12 melts being required for 
the 18.4 pet W alloy. 

In order to evaluate the higher tungsten-content 
alloys, samples were prepared using powdered tita- 
nium and tungsten. Compacts with compositions rang- 
ing from 20 through 95 pct W were pressed and vacuum 
sintered to remove the magnesium chloride and hy- 
drogen present in the powder. Melting of the compacts 
containing from 20 through 60 pct W was carried out 
in a small vacuum-are-furnace unit with the maximum 
current capacity of 500 amp being required for the 60 
pet W alloy. In order to obtain complete melting of 
the higher alloys, an are furnace with a higher current 
capacity was used. This furnace utilized a spun-copper 
crucible and operated under a positive pressure of 
argon. A complete description of the furnace and melt- 
ing procedure used has been described." 

Another method of preparing homogeneous Ti-W 
alloys was also tried. In hopes of circumventing the 
arduous sectioning and melting procedure required to 
insure complete melting of alloys made of tungsten 
wire and iodide titanium, porous, presintered chunks 


Table 11. Spectrographic Analysis of lodide Titanium 


Spectrographic Analysis 
Quantitative, 


Element Wt Pet 


Qualitative 


0.032 Weak to faint 
0.017 Very faint 
0.0041 Extremely faint 
0.0033 Extremely faint 
0.0029 Extremely faint 
0.0013 Extremely faint 

Extremely faint 
0.003* 


* By chemical analysis. 
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of tungsten were used as the alloy addition. Six alloy 
charges, containing 20 through 40 pct W, were given 
an initial consolidating melt under argon. The alloys 
were then given three additional melts under helium, 
which provides a hotter arc than argon, to complete 
alloying of the titanium and tungsten. In order to elim- 
inate the freezing segregation, the alloys containing 24 
through 40 pct W were given a final melting operation 
during which they were cast in a cylindrical crucible 
of the design shown in Fig. 17. Casting was accom- 
plished by placing an ingot over the hole on the split 
copper block and by directing the arc to the sample 
until melting occurred. The ingot then flowed into the 
graphite receptacle below. 

Subsequent examination of the arc-cast ingots showed 
that, while homogeneous and uniform structures were 
obtained in the 32, 36, and 40 pct W alloys, severe 
segregation still persisted in the 24 and 28 pct W ingots 
as a carry-over from the initial melting. Failure of arc 
casting to overcome this segregation may be because 
of the lower melting range of these alloys and their 
increased fluidity. 

Alloys containing up through 27.2 pct Ta were pre- 
pared by direct arc melting charges of iodide titanium 
crystal bar and tantalum sheet. Melting of these alloys 
was only slightly less difficult than for the correspond- 
ing earlier Ti-W alloy series. By repeated sectioning 
and remelting, complete solution of the tantalum was 
obtained. 

Evaluation of alloys in the range of 40 through 95 pct 
Ta was carried out using samples prepared from tita- 
nium and tantalum powders. These powder alloys were 
processed in the manner described for the similar Ti-W 
series. All of the Ti-Ta alloys were successfully melted 
in the small vacuum-are furnace under a total pressure 
of 10 cm Hg of argon. 

Compositions for the alloys containing up through 
18.4 pet W and 27.2 pct Ta were determined by chem- 
ical analysis. Because no satisfactory analytical tech- 
niques were available for the higher tungsten and 
tantalum-content alloys, these compositions were de- 
termined by weight-change measurements during melt- 
ing. Weight losses for the alloys containing up through 
60 pct W and 95 pct Ta during melting were less than 
1 pet, and the use of nominal compositions for these 
alloys was justified on that basis. The alloys with 
above 60 pct W were melted in the larger are furnace, 
and considerable spattering took place. Here, density 
measurements were made, and compositions were cal- 
culated using the law of mixtures. These checked the 
intended analyses very well. 

Fabrication: Upset forging and hot rolling in air 
were used, where possible, to break down and homo- 
genize the as-cast structures. Ingots containing up 
through 9.9 pct W and 9.1 pct Ta were successfully 
fabricated to 0.060-in. strip at 750°C. 

For the 18.4 and 20 pct W alloys, it was necessary to 
increase the rolling temperature to 850°C to avoid edge 
cracking. An alloy containing 40 pct W could not be 
hot worked at 980°C, and fabrication attempts for this 
and the higher alloys were abandoned. 

Alloys containing 17.9 and 27.2 pct Ta were fabri- 
cated at 850°C. Experiments on higher tantalum- 
content alloys indicated that increasingly higher work- 
ing temperatures were required as the tantalum con- 
tent increased. At 60 pct Ta, 980°C proved satisfactory, 
but an 80 pct Ta alloy cracked badly during fabrica- 
tion attempts at this temperature. In the interest of 
minimizing contamination, fabrication attempts on al- 
loys containing above 40 pct Ta were abandoned. 

After hot rolling, each strip was given a 15-min 
strain-relief anneal at rolling temperature and air 
cooled. The rolled strips were then descaled by me- 
chanical grinding and pickling in a 20 pct HF, 80 pct 
HNO, (by volume) bath to remove a total thickness 
of 0.004 in. 

Heat Treatment: Prior to heat treatment, all of the 
alloys containing up through 20 pct W and 27.2 pct Ta 
were given cold reductions of 50 pct to expedite equi- 
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Table 1V. Schedule Adopted for Equilibrating Treatments 


Temperature Time, | Temperature Time, 
Range, °C ur Range, °C Hr 
1000-1050 2 800-850 16 

950-1000 + 750-800 20 
900-950 8 700-750 24 
850-900 12 570-600 168 


librium structures. In order to minimize the severe 
coring obtained at the higher alloy levels, the tungsten 
and tantalum alloys were given a minimum of three, 
short-time, very high-temperature treatments in the 
vacuum arc-melting furnace. The currents used were 
sufficient to heat the ingots close to their melting points. 
These alloys were then encapsulated in Vycor under a 
partial pressure of argon and given further homo- 
genizing treatments at 1000°C. A period of 100 hr at 
1000°C was used for the Ti-W alloys and 24-hr treat- 
ment was given the Ti-Ta series. Examination of these 
alloys after the above treatment showed that homo- 
geneous structures were obtained in all the Ti-Ta alloys 
and for compositions up through 40 pet W. At 45 pct 
W and above, uniform structures were produced, but 
complete equilibrium between the phases had not been 
obtained. 

Initially, the schedule shown in Table IV was adopted 
for equilibrating treatments. 

After the basic features of the Ti-W system had be- 
come apparent, additional treatments for these alloys 
were given as shown in Table V. 

Treatments at 1800°C and above were carried out 
under argon in a high-frequency induction furnace. 
Samples were suspended individually by tungsten wires 
from the cover of a graphite crucible. Temperatures 
were measured optically, with an accuracy of +10°C, 
by sighting into a '%s-in. ID hole, 9/16 in. deep, which 
had been drilled into a graphite pedestal on the cru- 
cible base. Unfortunately, no means of quenching sam- 
ples from temperature was available with this furnace. 

At 1400°C, heating was performed in a molybdenum 
resistance furnace of a design which has been de- 
scribed.’ Quenching from this temperature was effected 
using a silicone oil as the coolant. 

All other quenching treatments were carried out in 
a chromel-A-wound, type 304 stainless steel tube fur- 
nace. Samples for treatment were packed in titanium 
turnings inside of a titanium-sheet sleeve and con- 
trolled within +3°C at temperature. These furnaces 
were mounted in cradles which pivoted about an axis 
through one end of the furnace tube. Quenching was 
effected by up-ending the furnace and sliding the 
sleeve and samples into a water-filled quench pot. 

All treatments beyond 24 hr were made using Vycor 
capsules and individual columbium-foil wrappers for 
the samples as protection against contamination by 
silica. In these and in all of the furnace treatments, 
gettered argon gas was used as an atmosphere. 

Metallography: Metallographic samples were pre- 
pared by hand grinding on 240X, 400X, and 600X wet 
papers. Grinding scratches were removed by polish- 
ing with a slurry of Linde B alumina and chromic 
acid on a Miracloth lap on a 1725-rpm wheel. Final 
polishing was accomplished with Linde B alumina on 
a Microcloth lap on a medium speed wheel. 

An aqueous solution of 1 pct HF and 3 pct HNO,, by 
volume, was satisfactory as an etchent for all struc- 
tures examined. 


Table V. Additional Treatments for Ti-W Alloys 


Tempera- Time, | Tempera- Time, 
ture, °C Hr | ture, °C Hr 
1800 1-4 750 200 
1400 6 725 250 
775 180 700 300 


TRANSACTIONS AIME 


Resistance Measurements: Resistance measurements 
were investigated as a means of locating phase trans- 
formations in titanium-rich alloys of both systems. 
Current and potential leads (of molybdenum and Alu- 
mel wire, respectively) were attached to sheet-alloy 
samples by spot welding. The sample was surrounded 
by titanium turnings in a titanium sleeve and heated 
in a tube furnace under a gettered argon atmosphere 
at a rate of 2.0° to 2.5°C per min. Current through the 
sample was maintained at 1.00 +0.01 amp. Alternate 
readings of temperature and the potential drop across 
the sample were taken at 1l-min intervals and used 
to construct temperature-resistance curves for the al- 
loys investigated. 

X-Ray Diffraction: Films for the a-lattice-parameter 
determinations on the alloys in both systems were 
made in a 114.6-mm Debye camera using copper radia- 
tion. A 1-mil aluminum foil was interposed to reduce 
the high background normally produced with titanium. 
The values used for the characteristic copper Ka, and 
Ka, radiations were 1.54050 and 1.54434A, respectively. 

In other parameter work, unfiltered vanadium radia- 
tion was used, again utilizing the 114.46 mm Debye 
camera. The values used for the characteristic Ka,, 
Ka., and K§ radiations of vanadium were 2.5072, 2.5034, 
and 2.2843A, respectively. 

All parameter calculations were made using Cohen's 
graphical method. The Gauss method was used to 
calculate probable errors. 

Melting Range: Liquidus and solidus temperatures 
for titanium-rich alloys in both systems were de- 
termined by optical observation on small samples in- 
duction heated under argon. Sheet samples of selected 
alloy compositions were bent into “V” shapes and in- 
serted in deep-well graphite crucibles so that observa- 
tions at the apex of the “V” could be followed during 
each run. Pyrometer readings taken at the first sign 
of rounding at the apex and at the point of the sample's 
collapse were interpreted as the solidus and liquidus 
temperatures, respectively. Using a similar procedure, 
the melting point of unalloyed iodide titanium was de- 
termined as 1680° +10°C. 

Incipient-melting techniques were used to determine 
the liquid-solid relationships in the intermediate and 
high-alloy-content ranges. Metallographic samples 
were suspended individually by tungsten wires from 
the cover of a graphite crucible, as described earlier, 
and heated by induction to selected temperatures 
under argon. After treatment, the samples were 
mounted and examined metallographically for signs of 
melting. When melting in a given alloy sample was 
observed, succeeding samples were heated to pro- 
gressively lower temperatures to bracket the solidus 
temperature. In this, as in other optical-pyrometer 
work, the accuracy of temperature measurement was 
estimated as +10°C. 
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by F. C. Holden, H. R 


ECENT papers dealing with the properties of 
unalloyed iodide titanium have been directed 
primarily at the determination of base-line prop- 
erties for alloy investigations. Early work was 
limited to a few tests because of the limited avail- 
ability of iodide titanium at the time. In the results 
of papers by Campbell et al.,) Gonser and Litton,” 
Jaffee and Campbell,’ Finlay and Snyder,‘ and Jaffee, 
Ogden, and Maykuth,’ data on mechanical properties 
are presented for unalloyed iodide titanium in the 
annealed and cold-worked conditions. 

Data are presented in this paper which show the 
effects of heat treatment on the structure and me- 
chanical properties of commercially produced iodide 
titanium. Correlation is made between microstruc- 
tural variables and the mechanical properties. 


Experimental Procedures 

Melting Stock: The melting stock used was as- 
deposited iodide titanium, produced by New Jersey 
Zine Co. The furnished analysis showed the follow- 
ing range of impurities: N, 0.004 to 0.008 pct; Mn, 
0.005 to 0.013; Fe, 0.0035 to 0.025; Al, 0.013 to 0.015; 
Mo, 0.0015; Pb, 0.0045 to 0.0065: Cu, 0.0015 to 0.002: 
Sn, 0.001 to 0.01; Mg, 0.0015 to 0.002: and Ni, 0.003. 
Hydrogen content as determined by vacuum-fusion 
analysis was 0.0091 wt pet (0.44 atomic pct) after 
are melting and fabrication. Nitrogen analysis on 
the are-melted and fabricated titanium showed a 
content of less than 0.002 pet N. The average hard- 
ness of the furnished stock was R, 70, or approxi- 
mately 85 VHN. 

Melting Procedure: The as-deposited rods were 
rolled, sheared, and degreased in preparation for arc 
melting. The charge was arc-melted with a tungsten 
electrode in a water-cooled copper crucible under a 
positive pressure of high purity (99.96 pet) argon. 
The final ingot was approximately 2 in. in diameter 
and showed no increase in hardness over that of the 
initial stock. 

Fabrication: Heating for fabrication was done in 
air. It was begun by forging the ingot into a %%4 in. 
diam rod, at an initial temperature of 1600°F. Scale 
was removed by sandblasting. The rod was then 
swaged to '4 in. diam at room temperature through 
a series of 20 dies, with approximately 10 pet reduc- 
tion in area between each die. An anneal of 1 hr at 
850°C in air was given after the '% in. die, such that 
the final cold reduction was 75 pet. Sections cut from 
this rod were used for test and microstructure speci- 
mens. 
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Microstructure and Mechanical Properties of lodide Titanium 


Ogden, and R. |. Jaffee 
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Fig. 1—Specifications for test specimens. 


Heat Treatment: Heat treatments were carried 
out in resistance tube furnaces with stainless-steel 
linings, under an atmosphere of gettered argon. As 
further protection against contamination, the speci- 
mens were packed in titanium turnings in a titanium 
sleeve. Control experiments have shown negligible 
hardness increases with this method, indicating that 
contamination from oxygen and nitrogen is slight. 

Three cooling rates were employed in this work; 
these have been designated as water quenching, 
argon cooling (to simulate air cooling under a con- 
trolled atmosphere), and furnace cooling. The cool- 
ing rate for an argon cool is 100°C per min for the 
first minute, with an average cooling rate of 35°C 
per min over a 15-min period. A furnace cool re- 
quires about 10 hr, with an average cooling rate of 
3.6°C per min during the first hour, and an average 
cooling rate of 1.2°C per min over the 10-hr period. 

Microimpact Test: The specimen adopted was 
based on the cylindrical Izod Type Y specimen 
(ASTM, E23-41T). All dimensions were reduced to 
half scale, including the notch radius. Specifications 
are shown in Fig. 1. The specimen is held vertically 
in an adapter and broken as a cantilever beam. Im- 
pact tests were run on a constant-velocity (11.34 ft 
per sec) Tinius Olsen impact testing machine with 
a total available energy of 100 in.-lb. 

Tests were made to determine the correlation be- 
tween this microimpact and the standard V-notch 
Charpy impact test. Curves showing impact energy 
as a function of temperature for both impact tests 
are plotted in Fig. 2. Transition temperatures, when 
they occur, are about the same for both impact tests. 
All three titanium-rich materials have the same 
conversion factor, 10. 

Tensile Testing: Tensil« tests were conducted on 
Baldwin-Southwark testing machines using the 600, 
2400, or 3000 lb range. Specifications for the test 
specimen were taken from the 1948 edition of the 
ASM Metals Handbook, and are shown in Fig. 1. 
Strain measurements were made using an SR-4 re- 
sistance gage (Type A-7) cemented to the reduced 
section in conjunction with a lever-type extenso- 
meter. Readings on the SR-4 strain indicator were 
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Fig. 2—Comparison of microimpact 
and V-notch Charpy impact energy 60 
curves for various materials. 
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made up to about 2 pct elongation, and from the 
extensometer in 1 pct elongation increments up to 
about 50 pct elongation. Crosshead speeds were 
maintained at not over 0.005 in. per min until the 
limit of the SR-4 gage was reached, after which the 
strain rate was increased to 0.01 in. per min. 
Metallography: The preparation of metallographic 
specimens involved mounting and wet grinding 


Table |. Effect of Annealing Time and Temperature on the 
Grain Size of Alpha-Annealed lodide Titanium 


Annealing Treatment 
Average Alpha 
Grain Diameter, 


Tempera- 


ture, °C Time, Hr Mm 
600 1 0.01 
800 1 0.05-0.07 
875 2 0.10 
875 100 0.20-0.25 
* Tests made on material that had been arc-melted, forged at 


850°C to *%4-in. round, descaled, cold swaged to '2-in. round, an- 
nealed 1 hr at 850°C in air, desealed, cold swaged to “4-in. round 
‘75 pet reduction in area), and given annealing treatments indi- 


cated, followed by argon cooling to room temperature 


through 600-grit paper. Polishing was done on a 
high-speed wheel with an abrasive of jewelers 
rouge, followed by a final polish on a slow-speed 
wheel with aluminum oxide. The usual etching 
reagents consisted of either a 5 pct solution of hy- 
drofluoric acid in water or a 1'% pet hydrofluoric- 
3% pet nitric acid solution. Early specimens were 


mounted in bakelite, but work by Craighead, Len- 
ning, and Jaffee" has shown that bakelite mount- 


Fig. 3—Specimen TMI-3, 


cold-re- 
duced 75 pct, annealed 2 hr at duced 75 pet, 
875°C, and argon-cooled. Equiaxed 800°C, and quenched. 


Structure, 0.10-mm average grain structure with 


size. HF etch. X100. Area reduced 


approximately 45 pct for reproduction. 


production. 
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Fig. 4—Specimen TMI-12, cold-re- 
annealed | hr at 


“salt - and - pepper” 
markings. HF-HNO, etch. X250. Area 
reduced approximately 45 pct for re- 
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ing temperatures (up to 350°F) are sufficient to 

alter the solubility of the hydride phase in titanium, 

and thus affect the microstructure of the specimen. 

Accordingly, recent metallographic work was done 

on specimens mounted in a cold-setting plastic. 


Alpha-Annealed lodide Titanium 

In the study of the effect of microstructure on 
the properties of a pure metal, the variables of 
interest are the effect of grain size and, for metals 
exhibiting allotropic transformation, the effect of 
different transformation structures. In this work 
the rate of cooling from both @e and f anneals was 
found to influence the mechanical properties and 
microstructures, and, therefore, cooling rate has 
been included as a third variable. 

Microstructure: Table I details times, tempera- 
tures, and resulting @ grain sizes. «a anneals produce 
equiaxed « with intragranular markings, which 
Craighead, Lenning, and Jaffee" have shown to be 
titanium hydride. Fig. 3, which has been heavily 
etched to bring out the grain structure, is typical of 
the slow-cooled a-annealed structures with the 
Widmanstiatten line markings. Figs. 4 and 5 illus- 
trate the difference in dispersion of titanium hydride 
for a-annealed titanium after quenching and after 
slow cooling. 

Mechanical Properties: The mechanical properties 
of a-annealed, argon-cooled iodide titanium are pre- 
sented as functions of @ grain diameter in Fig. 6. 
The effect of a grain size on the flow curves is 
shown in Fig. 7. These curves are not straight lines, 
and the flow coefficient B and flow exponent nm in 


Fig. 5—Specimen TM2-1, cold-reduced 
75 pct, annealed | hr at 800°C, and 


argon-cooled. Equioxed «a structure 
with Widmanstatten markings. HF- 
HNO, etch. X250. Area reduced ap- 
proximately 45 pct for reproduction. 


Equiaxed a 


FEBRUARY 1953, JOURNAL OF METALS—239 


| 
| | 
+ + 20, ; 2 t t + 
| | | 
| 
Conversion foctor*i4 
90 400 O WO 2 
Temperature, C | 
i 
| 
~ 4 y 
- 


Uitemate 
+ 


O? per cont offset strength 


os: 
SS 8838 8 8 


Fig. 6 (left) —Effect of grain size 
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on the mechanical properties of a- 
annealed, high-purity titanium in 
the argon-cooled condition. 
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Fig. 7 (right) —Effect of grain 
size on the flow curves of a- 
annealed, high-purity titanium. 
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the flow equation o« Bd" are determined from the 
straight line extrapolation. These data show that, 
in line with expectation, increased grain size results 
in lower strength, higher ductility, and higher strain 
hardening, but the changes involved are relatively 
slight. 

Impact-energy values for equiaxed a-annealed 
iodide titanium show a greater dependence on grain 
size, which is illustrated by the room-temperature 
impact-energy curve in Fig. 6. 

The variation of impact energy with temperature 
can be observed for different grain sizes and cool- 
ing rates in Fig. 8. All curves show the same general 
configuration, with impact-energy values increasing 
slowly from —196°C up to room temperature, and 
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increasing rapidly above room temperature. It 
should be noted that all fractures observed were of 
the ductile or fibered type, and the impact-energy 
values are above any brittle-to-ductile transforma- 
tion temperature. The increase in impact energy 
observed above room temperature is considered to 
be caused by an increasing absorption of energy in 
deforming the test specimen. Bending of the speci- 
mens can be observed clearly in those tested at the 
higher temperatures. 

The effects of different cooling rates on the 
mechanical properties of a-annealed iodide titanium 
have been investigated. These studies include the 
effect of quenching as compared with argon cooling 
in the 0.10-mm and 0.20 to 0.25-mm a grain sizes, 
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Fig. 8—Effect of grain size and 
cooling rate on impact energy of 
a-annecled, high-purity titanium. 
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Annealing Treatment 
- Avg. Alpha Avg. 


Tempera- Time, Cooling Grain Diam- VHN, 5-Kg 

Specimen No. ture, °C Hr Rate eter, Mm Load 
TM1-3 (Avg. 875 2 Argon cool 0.10 94.7 
™1-8 875 2 Quench 0.10 83.5 
TM1-6 (Avg.) 875 100 Argon cool 0.20-0.25 83.4 
TM1-7 875 100 Quench 0.20-0.25 87.9 
TM2-1 800 1 Argon cool 0.05 98.2 

1 Furnace cool 0.05 100.6 


Table II. Effect of Cooling Rate on the Tensile Properties of Alpha-Annealed High-Purity Titanium* 


* Tests made on material that had been arc-melted, forged at 850°C to *4-in 
hr at 850°C in air, descaled, cold swaged to “-in. round (75 pet reduction in area), and given annealing treatments indicated. 


Ultimate 0.2 Pet Off- Flow Properties, BS" 
Elonga- Reduction Tensile set Vield - 


tien, Pet in Area, Strength, Strength, Smas, 
in 42 In. Pet Psi Psi B, Psi n In. per In. 
62 87.0 36,900 19,500 81,800 0.43 0.35 
72 86.2 36,600 15,100 85,500 0.49 0.37 
55 86.5 38,400 21,450 90,000 046 0.41 
70 88.2 33,300 18,300 68,000 0.35 0.38 
74 87.1 34,000 16,500 69,000 0.34 0.36 


round, annealed 1 


round, descaled, cold swaged to ‘2-in 


and the effect of furnace cooling as compared with 
argon cooling in the 0.05-mm a grain size. Tensile 
test data are presented in Table II, and impact- 
energy values are plotted in Fig. 8. 

From these data, the quenched equiaxed-a speci- 
mens, as compared with those argon-cooled, show 
increased tensile and yield strengths and less tensile 
elongation. Greater impact-energy absorption is also 
found in the quenched condition. No significant dif- 
ference is found between argon-cooled and furnace- 
cooled a-annealed specimens. 


Transformed-Beta lodide Titanium 

Two cooling rates were used in the study of the 
transformed-§ structures. These were a water quench 
and a furnace cool. All the anneals consisted of a 
l-hr treatment at 1000°C, and the original 8 grain 
size was thus the same in each case. Microstructures 
and mechanical properties resulting from these treat- 
ments are presented and discussed in the following 
sections. 

Microstructure: The appearance of the quenched 
structure is shown in Fig. 9, and that of the furnace- 
cooled structure in Fig. 10. The irregular outlines 
correspond to colonies of a plates with similar orien- 
tations. It may be observed that the a-colony out- 
lines in the quenched specimen are more irregular 
than those of the furnace-cooled specimen. Although 
both maintain the serrated outline, the more slowly 
cooled structure has had time for growth of the a 
plates to a more regular outline. The difference in 
the amount and form of the intragranular marks 
again points to the presence of the second phase, 
titanium hydride. In the quenched structure, the 
marks have a “salt-and-pepper” appearance, being 
more finely divided than the Widmanstatten line 
markings observed in the furnace-cooled structure. 


Fig. 
duced 75 pct, annealed 1 hr at duced 75 pet, 


The structures observed after heat etching* are 
* Heat etching is accomplished by heating a prepolished specimen 
at the desired annealing temperature in a protective atmosphere 
and cooling in that atmosphere. The grain boundaries present at 
temperature are clearly delineated by this method. 
shown in Figs. 11 and 12. Fig. 11 shows the result of 
the formation of a colonies over a background of 
prior 8 grains. It should be observed that these a 
colonies do not conform to the original 8 grain out- 
lines, as is more clearly shown in the heat-tintedt 

* Heat tinting is accomplished by heating a prepolished specimen 
for a short time in air to stain the surface of the specimen. This 
stain has a color characteristic of the orientation of the @ grain 
and a very good degree of contrast between q@ grains may be ob- 
tained in this way. 
structure in Fig. 12. Here the dark areas conform 
to the a colonies and do not appear to have a direct 
relationship to the prior £8 grains. The rough appear- 
ance of the surface is caused by the volume change 
which accompanies the §-to-a transformation. 

Mechanical Properties: Results of tensile tests on 
the transformed-§ structures are given in Table III, 
and impact-energy values are plotted in Fig. 13. The 
quenched specimens have higher tensile and yield 
strengths and lower ductility, as indicated by elon- 
gation, than the corresponding furnace-cooled speci- 
mens. 

Results of the impact-energy tests show a pro- 
nounced increase in impact energy for the quenched 
over the furnace-cooled condition, a result probably 
associated with the finer dispersion of titanium hy- 
dride. This effect was also noted for specimens 
quenched from the a field. Comparison of the micro- 
structures of these two transformed-f structures 
shows that the only apparent differences are the 
regularity of the outlines of the serrated a colonies, 
and the form and dispersion of the intragranular 
markings. Since the difference in regularities of the 
serrated a colonies is small, it would appear that the 


9—Specimen TMI-4, cold-re- Fig. 10—Specimen TMI-5, cold-re- Fig. 11—Specimen 1-5, cold-reduced 
annealed | hr at 75 pct, polished, annealed 1 hr at 


1000°C, and quenched. Transformed 1000°C, and furnace cooled. Trans- 1000°C, and furnace-cooled. Trans- 
8 structure with “salt-and-pepper” formed jf structure with Widman- formed § structure. X100. Area re- 


marking. HF-HNO, etch. X100. Area = statten markings. 


HF-HNO, etch. duced approximately 45 pct for re- 


reduced approximately 45 pct for re- X100. Area reduced approximately 45 _ production. 


production. 
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Table Ill. Tensile Properties of Transformed Beta High-Purity Titanium 


Annealing Treatment Avg. Serrated Ave 
Alpha Grain VHN, 

Tempera- Time, Cooling Diameter, 5-Ke 

Specimen No ture, °C ur Rate Mm Load 
TM1-4A 1000 1 Quench 0.20-0.30 94.9 
TM14B 1000 1 Quench 0.20-0.30 94.1 
TM1-4 (Avg. 1000 1 Quench 0.20-0.30 94.5 
TMI-5A 1000 1 Furnace cool 0.20 93.5 
™1-5B 1000 1 Furnace cool 0.20 93.8 
™1-5 ‘Avg. 1000 1 Furnace cool 0.20 93.7 


* Tests made on material that had been arc-melted, forged at 850°C to “-in. round, descaled, cold swaged to ‘4-in 
round (75 pect reduction in area), 


hr at 850°C in air, descaled, cold swaged to “%-in 


Ultimate 6.2 Pet Of- Flow Properties, ¢ = Bo” 


Elonga- Keduction§ Tensile set Yield — 
tion, Pet in Area, Strength, Strength, bmax, 
in ¥¢ In. Pet Psi Psi B, Psi n In. per In. 
60 85.7 41,200 26,900 82,400 0.34 0.32-0.35 
56 86.4 40,100 26,200 82,000 0.34 0.32 
58 86.1 40,700 26,600 82,200 0.34 0.32 
64 85.7 37,700 20,600 83,800 0.42 0.38 
64 86.5 36,700 20,900 76,500 0.37 0.34 
64 86.1 37,200 20,800 80,200 0.40 0.36 


round, annealed 1 
and given annealing treatments indicated. 


differences in tensile strength and impact energy are 
caused by the manner in which the second phase, 
titanium hydride, is distributed. Since the hydride 
is nearly insoluble at room temperature, but has 
high solubility above 300°C,’ its degree of dispersion 
will depend upon the rate of cooling through the 
hydride-precipitation range. Increases in tensile 
strength and Vickers hardness are slight, as a result 
of the almost negligible solubility of this phase in 


Fig. 12—Specimen 
1-5. Same as Fig. 
11, followed by heat 
treating 5 min at 
1100°F in air. Trans- 
formed f structure. 
X100. Area reduced 
approximately 45 pct 
for reproduction. 


« titanium at room temperature. Thus, the depend- 
ence of these properties on the degree of dispersion 
is relatively insignificant. The marked difference in 
impact energy, however, indicates a considerable 
dependence of that property on the degree of dis- 
persion of titanium hydride. 


Summary 

The gross structural features of iodide titanium 
are its grain size and grain shape, either equiaxed 
or serrated. In this work, the size of equiaxed a 
grains has been varied from 0.01 to 0.25 mm. The 
serrated a structure is the usual result of the B-to-a 
transformation, and, because of the large size of the 
8 grains, serrated « grains are also quite large. There 
is also a fine structure in iodide titanium, which is 
attributed to the formation of titanium hydride 
whose solubility is very low at room temperature. 

The degree of dispersion of the titanium hydride 
apparently has an important effect on impact-energy 
values: when the hydride is finely dispersed as a 
result of quenching, the impact-energy values are 

100r 
vo 


Fig. 13—Effect of 
cooling rate on the 
impact-energy values 
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higher than when the hydride is present as Widman- 
statten line markings resulting from slow rates of 
cooling through the hydride-precipitation range. 

Variation of the grain size of equiaxed a titanium 
from 0.01 to 0.25 mm, in the argon-cooled condition, 
produces relatively small changes in the tensile and 
impact properties. As grain size increases over this 
range, the strength and hardness decrease slightly 
and the ductility in the tensile test increases cor- 
respondingly. Flow curves show that the larger 
grain-size material work hardens considerably more 
than the fine-grain-size material, starting from a 
lower initial flow stress. Although all the iodide tita- 
nium tested in impact was above any brittle-to- 
ductile transition for temperatures down to liquid- 
air temperature, the level of impact energy absorbed 
did show variations with grain size. 

Quenching from the a field, which changes the 
distribution of the titanium hydride, produced an 
increase in hardness and strength, particularly in 
the yield and flow stresses, and also increased the 
level of the impact energy. 

Titanium with a large-grained serrated a struc- 
ture produced by furnace cooling from the £ field 
had mechanical properties very similar to those of 
titanium with equivalently large equiaxed-a grains. 
Quenching from the £ field, which changed the intra- 
granular fine structure to “salt and pepper” rather 
than Widmanstitten markings, produced the same 
type of increase in strength level and impact-energy 
level as found for quenching from the a field. 
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Titanium-Nickel Phase Diagram 


by Harold Margolin, Elmars Ence, and John P. Nielsen 


The Ti-Ni phase diagram has been investigated up to 68 pct Ni 


with iodide titanium base alloys by metallographic, X-ray, and 
melting point methods, and from 68 to 90 pct Ni by examination of 


NVESTIGATION of the nickel-rich portion of the 

Ti-Ni phase diagram was first reported by Vogel 
and Wallbaum in 1938." This work was subse- 
quently extended to lower nickel contents by Wall- 
baum’ who indicated the possibility of a eutectic re- 
action for nickel contents below 38 pct. Long et al.’ 
studied the titanium-rich portion of the phase dia- 
gram and found eutectic and eutectoid reactions be- 
low 38 pct Ni. However, the temperature of the 
eutectic indicated by Long et al. was considerably 
lower than that suggested by Wallbaum. Long and 
his coworkers synthesized their alloys by powder 
metallurgical techniques and encountered oxygen 
and/or nitrogen contamination. Thus the diagram 
which was obtained did not represent binary alloy- 
ing conditions. However from these results the 
features of the binary diagram were predicted. At 
Battelle Memorial Institute’ the Ti-Ni diagram was 
investigated up to approximately 11.5 pct Ni with 
sponge titanium alloys. The range of temperatures 
used was not sufficient to define the eutectoid tem- 
perature or composition. 

The data of Wallbaum’ and Long et al.* were of 
particular interest for the present study, and al- 
though the work was originally concerned with the 
region below 40 pct Ni, the investigation was ex- 
tended to higher nickel contents in an attempt to 
resolve the differences between these workers. 


Experimental Procedure 

Preliminary work on the Ti-Ni system was car- 
ried out with duPont Process A sponge titanium 
alloys to reduce the amount of subsequent work to 
be done with iodide titanium base alloys. The sponge 
titanium used contained 99.71 to 99.77 pct Ti, 0.1 pct 
Fe and 0.005 to 0.009 pct Ni. The iodide titanium 
obtained from the New Jersey Zinc Co. contained 
99.9 to 99.95 pet Ti. Nickel used with sponge tita- 
nium was 98.9 pct pure. The high-purity nickel 
alloyed with iodide titanium was cobalt-free with 
approximately 0.05 pct C and was obtained through 
the courtesy of the International Nickel Co. 
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as-cast structures of sponge titanium base alloys. 


The 15 g sponge titanium charges for melting 
were prepared-by compacting in a die or by placing 
the weighed portions of nickel and titanium directly 
into the furnace. Iodide titanium charges were made 
by drilling holes in the as-received rod and insert- 
ing the nickel or by wrapping the nickel in sheet. 

Sponge titanium alloys containing from 0.2 to 90 
pet Ni and iodide titanium alloys containing 0.2 to 
68 pct Ni were prepared by these methods. In addi- 
tion to these alloys several ‘42 Ib sponge titanium 
alloys were supplied by the Allegheny Ludlum Co, 

The charges were melted in an are furnace under 
an argon atmosphere. The procedures used were 
similar to those reported in the literature”* and the 
furnace has been described.’ Except for iodide tita- 
nium alloys with 40 to 68 pct Ni (see section on cop- 
per contamination), each alloy was melted for 1 
min, then either turned over or broken before re- 
melting for an additional minute. Currents of 200 
to 400 amp were used depending on the melting 
point of the alloy. 

Prior to heat treatment, alloys containing less 
than 14.5 pct Ni were hot-forged at 750°C. With the 
exception of alloys in the homogeneity range of the 
compound TiNi, alloys of higher nickel contents 
could not be hot-forged. Heat treatment of iodide 
titanium base alloys was carried out in argon-filled 
quartz capsules which were broken under water at 
the conclusion of heat treatment to quench the 
specimens. Temperatures were controlled to +5°C 
and annealing times up to 48 hr were used. 

For melting point determination, specimens were 
placed in carbon crucibles which were in turn en- 
capsuled in argon-filled quartz capsules. The start 
of melting was determined by rounding of corners 
and by metallographic examination. Complete melt- 
ing was considered to have occurred at that tem- 
perature at which the specimen assumed the shape 
of the crucible. 

Specimens were prepared for metallographic ex- 
amination by mechanical polishing er by an electro- 
lytic procedure.” For alloys containing up to 80 pct 
Ni Remington A etch’ (50 pet glycerine, 25 pct 
HNO,, 25 pet HF) was used. For higher nickel al- 
loys aqua regia and Carapella’s etch (5 g FeCl,, 2 ml 
HNO,, and 99 ml methyl alcohol) were employed. 

Specimens to be exposed for powder patterns 
were prepared by filing, by breaking specimens in a 
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titanium). 


contamination 


die, or by etching annealed specimens. Molybdenum 
Ke and copper Ka radiation were employed. 

Homogeneity: Nickel alloys could not be obtained 
in a completely homogeneous state, despite repeated 
meltings in a number of cases. Analysis of several 
samples from the same button showed differences 
which extended up to 1 pct in alloys below 40 pct 
Ni. Alloys containing greater amounts of nickel 
showed differences of up to 2 pet Ni, in one case, 
between top and bottom of the button, the bottom 
being nickel-rich. The tendency toward increasing 
composition differences between top and bottom of 
the button appears to be due to segregation of tita- 
nium to the top of the button. This is suggested by 
the fact that, after the are was removed, a solidified 
island appeared at the top of the melt while solidifi- 
cation proceeded from the bottom upward. This be- 
havior was also reflected in the appearance of as- 
cast buttons containing up to 90 pet Ni. As com- 
pared to the bright uniform surfaces of the low 
nickels, the high-nickel alloys revealed bright tops, 
superseded by gray frosted areas in the lower re- 
gions. 

Since specimens from a given button were gen- 
erally found to contain within 0.5 pet of the nominal 
composition, these compositions have been used in 
plotting data for nickel contents above 14.5 pct. For 
lower nickel contents the actual chemical analyses* 


New York 


* Analyses by Lucius Pitkin, Inc., 


Fig. | ‘left! —As cast, 70 pct Ni ‘sponge 
Primary TiNi,, eutectic of 
TiNi, and TiNi, and copper contamina- 
tion. “A” etch. X75. 


Fig. 2 ‘right)—64 pct Ni (iodide tita- 
nium). 4 hr at 950, 20 hr at 900°C, 
water quenched. TiNi, TiNi, and copper 
“A” etch. X500. 


have been used, with a reported accuracy of analysis 
of +0.2 pet of contained nickel. 

Copper Contamination: Sponge alloy buttons (15 
g) containing above 40 pct Ni after melting re- 
vealed a reddish-brown phase which appeared to 
be concentrated in considerable quantity at the bot- 
tom of the button, see Fig. 1. Since the melting 
hearths of the furnace were generally wet by these 
alloys, copper contamination was suspected. Analy- 
sis of two alloys containing 64.9 and 70 pct Ni 
showed copper present in the range 0.1 to 0.5 pct. 
To overcome this difficulty, the size of the charge 
was reduced from 15 to 5 g and melting time was re- 
duced from two 1l-min periods to four 15-sec in- 
tervals. Copper contamination was almost entirely 
eliminated and very few dendrites of the copper 
phase could be seen, see Fig. 2. Spectrographic 
analysis of a 65.9 pct Ni button showed copper to be 
present in amounts of 0.001 pct. 


Phase Diagram 

The phase diagram for iodide titanium base alloys 

is shown in Fig. 3 and the diagram to 15 pct Ni for 
both iodide titanium and sponge titanium alloys is 
shown in Fig. 4. The use of sponge titanium and 
impure nickel in these compositions does not appre- 
ciably change the iodide titanium base diagram. 
The constitution diagram of Fig. 3 below approxi- 
mately 60 pct Ni is quite different from that of 
Wallbaum,’ see Fig. 5. This discrepancy may be at- 


Fig. 3 —Ti-Ni phase diagram 
‘iodide titanium-base alloys). 
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Fig. 4—Partial Ti-Ni phase diagram. 


tributed to Wallbaum’s use of 95 pct pure titanium 
and corundum crucibles in which to melt alloys for 
thermal analysis. 

The diagram below the eutectic composition is in 
good agreement with the prediction of Long et al.” 
and the extrapolated data of Battelle’ on sponge 
titanium. A comparison of the data is shown in 
Table I. 


Table |. Comparison of Data 


Battelle 
This Extra- 
Investi- Long polated 
gation etal Data 
Eutectic temperature 955°+5°C 960°C 
Eutectoid temperature 770°+5°C 765°C 770°C 
Maximum §8 solubility 13 pet Ni 12 pet Ni 
Maximum a solubility <0.2 pet Ni <0.5 pet Ni 
Eutectoid composition 6-7 pet Ni 7 pet Ni 7 pet Ni 


For higher nickel contents, differences appear in 
the location of the eutectic point and the compound 
Ti,.Ni. Based on melting point data and on examina- 
tion of structures of as-cast alloys, the eutectic com- 
position has been located at 28 to 29 pct rather than 
at 33 pet Ni. The microstructure of a 33 pct Ni 
alloy containing primary Ti,Ni and a eutectic of B 
and Ti,Ni is shown in Fig. 6. Long and his colleagues 
set the y phase at 41.5 pct Ni “...on the basis of 
sharp changes in structure between the 39.8 and 44 
pet nickel alloys.” Laves and Wallbaum”™ suggested 
that this phase was Ti,Ni, theoretically containing 
38.0 pet Ni, and the d-values for this face-centered 
cubic compound have been reported by Duwez and 
Taylor.” The Duwez and Taylor d-values for this 
compound have been confirmed in this investigation 
and examination of microstructures has also lo- 
cated this compound at 38 pct Ni. Although some 
slight coring was observed in the as-cast alloys of 
38 pct Ni, the homogeneity range was found to be 
quite restricted. 

Duwez and Taylor’ have reported that the body- 
centered cubic compound TiNi decomposes above 
800°C, on cooling, into Ti.Ni and TiNi,. The,present 
authors were unable to obtain evidence for this de- 
composition in the microstructures of alloys 
quenched from above and below 800°C (see Fig. 2, 
characteristic structure for both 750° and 900°C), 
or in powder patterns obtained from specimens con- 
taining 52 and 56 pct Ni annealed at both 750° and 
900°C. The a, value for TiNi, obtained from a 56 
pet Ni alloy annealed at 1075°C, is 3.02A. 
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The features of the diagram above 68 pct Nif have 
+ At the time this work was being prepared for publication addi- 
tional data on the nickel-rich portion of the diagram was pub- 
lished’? together with a probable form of the diagram linking the 
data of Long et al.* with that of Wallbaum.* 


been checked by examination of as-cast, sponge 
titanium base alloys and several microstructures of 
as-cast alloys are shown in Figs. 1, 7, and 8. Fig. 7 
(90 pet Ni) shows the primary nickel solid solution, 
a Chinese-script eutectic, the more common eutectic, 
and the contaminating copper-rich constituent. The 
presence of the Chinese-script eutectic may be re- 
lated to the presence of the copper contaminant 
since the branches of this eutectic are often seen to 
be emanating from the corners of this phase. If the 
presence of the Chinese-script eutectic is neglected, 
then the existence of small amounts of ordinary 
eutectic may be rationalized from the diagram of 
Fig. 5. 

A typical portion of the as-cast 85 pct Ni alloy is 
shown in Fig. 8. The white phase is primary TiNi, 
and the needle-like structure represents an oriented 
eutectic according to Vogel and Wallbaum.' The 
presence of primary TiNi, at a composition some- 
what below the eutectic, 16.2 pet Ti, may be due to 
supercooling. However, Vogel and Wallbaum re- 
port uncertainty as to the exact eutectic composition. 

In addition to copper contamination, Fig. 1 (70 
pet Ni), shows primary TiNi, and a eutectic of TiNi 
and TiNi,. 

In so far as can be determined from an examina- 
tion of as-cast microstructures, the data in general 
confirm the diagram presented by Vogel and Wall- 
baum. 


Observations on the Transformation of 4 Titanium 

The £ phase of titanium when alloyed with £ 
stabilizing elements such as molybdenum can trans- 
form by nucleation and growth" or by a martensitic 
reaction.” * Evidence for both types of £ trans- 
formation has been obtained in Ti-Ni alloys. 

Microstructures of alloys showing transformation 
of the 8 phase are shown in Figs. 9 to 15, Figs. 9 to 
12 show that increasing nickel contents suppress the 
transformation of £8 titanium by nucleation and 
growth on relatively slow cooling. The transforma- 
tion of 8 titanium can be entirely suppressed on 
quenching when this phase contains approximately 
8 pet Ni. 

Fig. 13 is a micrograph of an iodide titanium-5 pct 
Ni alloy slowly cooled from just above the eutectoid 
temperature. The structure consists of isothermal 
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Fig. 5—Ti-Ni phase diagram after Wallbaum 
(ref. 2). 
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Fig. 6 ‘left! —As cast, 33 pct Ni (iodide 
titanium). Primary Ti.Ni plus eutectic of 
Ti,Ni and g. “A” etch. X1000. 


Fig. 7 \right)—As cast, 90 pct Ni (sponge 
titanium). Primary y, eutectic of +4 
TiNi, and copper contamination. Cara- 
pella’s etch. X500. 


Fig. 8 \left)—As cast, 85 pct Ni ‘sponge 
titanium). Primary TiNi, and oriented 
eutectic of TiNi, and +. Carapella’s 
etch. X1000. 


Fig. 9 (right)—As cast, 0.5 pet Ni 
(sponge titanium). Transformed 8. “A” 
etch. X300. 


Fig. 10 ‘left)—As cast, 4 pct Ni ‘sponge 
titanium). Transformed §. “A” etch. 
X300. 


Fig. 11 (right) —As cast, 7 pct Ni (sponge 
titanium). Transformed 8 “A” etch. 
X300. 


Fig. 12 (left) —As cast, 10 pct Ni (sponge 
titanium). Retained and transformed 8 
plus eutectic of §@ + Ti,Ni. “A” etch. 
X300. 


Fig. 13 (right)—5S pct Ni (iodide tita- 
nium). 24 hr at 770°C, furnace cooled. 
Isothermal « + transformed and retained 
“A” etch. X150. 
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Fig. 14—5 pet Ni 
(iodide titanium). 
Slow cooled from a 
+ field. Isother- 
mal «a trans- 
formed 8. “A” etch. 
X1000. 


Fig. 15—14.5 pct Ni 
(iodide titanium). 
20 hr at 950°C, 
water quenched. Re- 
tained 8, Ti,Ni and 
eutectoid of a and 
Ti.Ni. “A” etch. 
X150. 


e« and transformed plus retained 8. The fine trans- 


formation needles within the 8 grains are parallel 
to the platelets of isothermal a, thus suggesting that 
transformation of 8 below the eutectoid temperature 
occurred by the same mechanism governing the 
formation of a in the a+ 8 field. 

Pearlite decomposition has been observed in speci- 
mens rapidly cooled from the a+ field to 100°C 
below the eutectoid temperature. This behavior 
suggests that during the slow cooling below the eu- 
tectoid temperature the partial decomposition into 
a observed in Fig. 12 caused sufficient enrichment 
of the 8 phase to stabilize it. Since approximately 
8 pet Ni is required to retain 8 on quenching, the 
retained 8 of this 5 pct alloy must contain at least 
this quantity of nickel. 

Both «a and Ti,Ni can stimulate the transformation 
of 8 titanium. In the case of a, slow cooling in the 
a+B field develops sharp projections as shown in 
Fig. 14. In areas adjacent to these a projections 
transformation occurs most readily and is particu- 
larly evident in alloys in which limited transforma- 
tion takes place. Transformation in areas adjacent 
to Ti.Ni is shown in Fig. 15. At higher magnifica- 
tions these areas can be resolved into a pearlitic ar- 
rangement of a + Ti,Ni. 


Summary 

The Ti-Ni phase diagram has been investigated 
with alloys of iodide titanium and _ high-purity 
nickel up to 68 pct Ni by metallographic, melting 
point, and X-ray methods and up to 90 pct Ni by 
examination of as-cast structures of sponge titanium 
base alloys. The Ti-Ni phase diagram may be sum- 
marized as follows: 

1—Eutectoid decomposition of 8 containing 6 to 7 
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pet Ni into a (<0.2 pet Ni) and Ti,Ni (38 pet Ni) at 
770° + 5°C. 2—Eutectic solidification of liquid con- 
taining 28 to 29 pet Ni into 8 (13 pet Ni) and Ti,Ni 
at 955° + 5°C. 3—Peritectic formation of Ti.Ni 
from liquid (~37.5 pet Ni) and TiNi (~53 pct) at 
approximately 1015°C. 4—-Eutectic solidification of 
liquid (~65 pet Ni) into TiNi (~59 pet Ni) and 
TiNi, (78.6 pet Ni) at approximately 1110°C. 5— 
Eutectic solidification of liquid to form TiNi, + y. 
The 8 phase may transform by a nucleation and 
growth process or by a martensitic reaction. The 
transformation of 8 may be stimulated in the pres- 
ence of a or Ti.Ni or may be suppressed on water 
quenching alloys containing 8 pet Ni or more. 
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Titanium-Carbon Phase Diagram 


by Irving Cadoff and John P. Nielsen 


The Ti-C phase diagram exhibits a peritectic point at 1750°C 
and 0.8 pct C, and a peritectoid point at 920°C and 0.48 pct C. 
The maximum solubility of carbon in « titanium is 0.48 pct. The d 
region containing the TiC compound (20 pct C) extends to 11 pct C 

at the peritectic temperature. 


HE interest in the Ti-C alloy system stems from 

the fact that carbon occurs as an impurity in 
titanium alloys when graphite electrodes or graphite 
crucibles are used in their melting. Since titanium- 
base alloys are still in the development stage, some 
virtue may be found in carbon addition to titanium. 
The TiC compound is currently emerging as an im- 
portant powder metallurgy base constituent similar 
to the WC compound. 

Ehrlich’ identified the phases and structures pres- 
ent in the Ti-C system. The peritectoid region of the 
phase diagram was investigated by Jaffee et al. A 
preliminary diagram based on theoretical considera- 
tions was proposed at the outset of this research. 
The TiC compound has been investigated extensively 
and has been reported on in a large number of papers. 


Experimental Procedure 

Arc-melted alloys of 24 compositions in the range 
0 to 20 wt pet C were investigated using metal- 
lography, X-ray diffraction, and, for the liquidus 
and solidus regions, incipient and complete melting. 

All alloys were prepared from iodide titanium 
(New Jersey Zine Co., 99.95 pet Ti minimum) and 
spectroscopic grade carbon (National Carbon Co.). 
To prevent carbon spattering during arc melting the 
carbon was encapsulated in titanium. For alloys con- 
taining less than 1 pet C the powder was inserted 
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vacuum 


Fig. 1—Multiple hearth arc furnace. 


into a capsule formed by drilling a hole in the as- 
received rod. For higher compositions, capsules were 
formed from titanium sheet. 

Arc Melting: The charges were melted in the cop- 
per-hearth cold electrode furnace shown in Fig. 1. 
This furnace is similar in principle to the all-metal 
unit adapted for titanium melting at Battelle Memo- 
rial Institute.‘ The transparent pyrex walls giving un- 
limited visibility during operation and the multiple- 
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hearth base allowing for consolidation of six charges 
per run were modifications developed for the fur- 
nace used in the present investigation. 

Charges, weighing 15 g, were melted three times, 
1 min for each melting, the buttons being turned 
over between melts. For compositions above 4 pet C 
the buttons tended to be inhomogeneous after the 
three melts, and additional meltings were required. 
Increased melting time was necessary with carbon 
contents above 4 pct. Direct current power of 150 to 
300 amp at are voltages of 20 to 30 v were sufficient 
to melt alloys containing less than 7 pct C. Raising 
the current beyond 300 amp for the higher content 
alloys caused an excessive weight loss from spatter- 
ing and vaporization. The spattering and vaporiza- 
tion were significantly reduced by decreasing the 
current to 200 amp and increasing the melting time 
to 30 to 45 min. These alloys, because of the high 
heats developed during melting, could not be suc- 
cessfully melted in the pyrex wall furnace and 
therefore were melted in an all-metal unit. 

Contamination on melting was minimized by evac- 
uating the furnace to less than 10 microns pressure, 
flushing with high-purity argon several times (99.9 4 
pet argon supplied by Matheson Chemical Co., N. J.), 
and melting under a 20 cm partial initial pressure 
of argon. The leak rate of the furnace chamber was 
kept below 60 microns per hour. Vickers hardness 
was used to determine the degree of contamination 
and 15 g control buttons melted for 1 min increased 
less than 10 Vickers per melting. 

Heat Treatment: To aid in attaining equilibrium 
during heat treatment, specimens were cold or hot- 
rolled prior to heat treatment wherever possible. 
Specimens were heat-treated in sealed quartz cap- 
sules for temperatures up to 1400°C. Prior to seal- 
ing, the capsules were evacuated to a pressure less 
than 1 micron and then filled with argon to a 
pressure corresponding to 1 atm for the heat-treat- 
ment temperature. The specimens were wrapped in 
titanium sheet before capsulating to prevent a speci- 
men-quartz contact. A tabulation of heat-treatment 
time used at the various temperatures is given in 
Table I. Where time ranges are indicated, the longer 
times were used for the higher carbon content alloys. 
Temperatures were controlled to at least +3°C with 
closer control used when necessary. The specimens 
were quenched by crushing the quartz capsules under 
water. 

Solidus and Liquidus Regions: The unit used to de- 
termine the melting range is shown in Fig. 2. The 
specimen, about 's in. cube, is placed in the heater 
boat, as shown. The heater boat, either molybdenum 
or tantalum, is heated by its own electrical resist- 
ance with currents up to 200 to 300 amp, the speci- 
men coming to heat rapidly. Incipient melting was 
identified by the occurrence of a rounding of cor- 
ners. Complete melting was assumed to have oc- 


Table |. Time of Heat Treatments at Various Temperatures 


Heat-Treatment Heat-Treatment 
Temperature, °C Time 
1400 15 min 
1300 30 min 
1200 3-48 hr 
1100 6-60 hr 
1000 9-72 hr 
900 18-120 hr 
800 36-144 hr 
700 72-200 hr 
600 144-250 hr 
500 350 hr 
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Fig. 2—Melting point determination unit. 


curred when the solid specimen appeared to collapse 
and run along the trough of the heater. Calibration 
measurements indicated that black-body conditions 
were attained. Accuracy of a determination was esti- 
mated as +25 C. The sight tube may be adjusted 
by means of the magnets to sight directly on the 
specimen. The optical pyrometer is fitted with a 
microscope lens so that the specimen may be ob- 
served closely. The unit is operated under vacuum 
to minimize contamination. 

This unit was also used for heat treatments above 
1400 °C, i.e., beyond the quartz capsule range. A 
quench was obtained in this apparatus by virtue of 
the water-cooled electrode leads, which cooled the 
specimens in less than 2 sec. 

Metallography: Metallographic specimens were 
prepared using an electropolishing technique.” Prin- 
cipal etchants used were Remington A* and cyanide 
stain,’ the latter being useful in identification of 
carbides. 

X-Ray Diffraction: X-ray diffraction patterns 
were taken with a powder camera (radius of 57.3 
mm) using CuKe radiation. For phase identification 
powder specimens were prepared by filing or crush- 
ing to 230 mesh, the filed powders being subse- 
quently annealed. Lattice parameter measurements 
revealed that the heat-treated powders had been 
contaminated to the extent that the data obtained 
were useless. To overcome this, specimens were 
etched with HF to a wire diameter of 0.015 in. To 
eliminate spottiness due to grain size and preferred 
orientation, specimens were cold-rolled and recrys- 
tallized prior to etching. The recrystallization was 
controlled so that the grain size corresponded to 
ASTM No. 5 or smaller. The line positions were de- 
termined from averages of three measurements and 
the parameters were calculated using Cohen's meth- 
od of least squares.” : 

Chemical Analysis: The weight loss of titanium 
during melting for alloys containing less than 7 pct 
C was negligible, permitting the use of nominal com- 
positions in this range. Chemical analyses* justified 


* Lucius Pitkin, Inc., New York 
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Fig. 3—lodide titanium-carbon phase diagram. 


this procedure. Above 7 pct C the weight loss was 


DEGREES F 


excessive and the compositions used are those ob- 


tained from chemical analyses. 


Results and Discussion 
The Ti-C phase diagram in the range 0 to 20 pct 


C is presented in Figs. 3 to 5. 
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Fig. 4—lodide titanium-carbon phase diagram detail from 
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B field, and the peritectoid point is shown in Fig. 4. 
The solubility of carbon in ea titanium is at a max- 
imum at the peritectoid point, 0.48 + 0.02 pct C, and 
decreases with decreasing temperature. In a series 
of homogenizations designed to bracket the peri- 
tectoid reaction temperature, a three-phase struc- 
ture, Fig. 6, was obtained which confirmed this tem- 
perature at 920° +3°C. Annealing at 925° and 915°C 
resulted in structures of 6 plus transformed £8 and 
a plus transformed £, respectively. The peritectoid 
point was bracketed between the 0.45 pct C alloy 
and at 915°C, exhibiting a plus transformed £§, and 
the 0.50 pet C alloy at 915°C, exhibiting a plus 6. 
The solubility of carbon in £8 titanium at 920°C is 
about 0.15 pet C and increases with increasing tem- 
perature to about 0.8 pct C at the peritectic tem- 
perature, Fig. 5. Ehrlich’ reported carbon solubility 
in titanium as high as 2.0 pet C. This high solubility 
may be attributed to the probable presence of oxygen 
and nitrogen in his alloys, which contamination in- 
creases the solubility of carbon in titanium.’ Jaffee, 
et al.,° using iodide titanium for their alloys, found 
carbon solubility in both a and £ titanium less than 
0.45 and 0.1 pet C, respectively. 

Fig. 5 is a detail showing the delineation of the 
phase boundaries in the region of the peritectic re- 
action. The presence of a peritectic was suspected 
on the basis of as-cast alloys in which primary 5 was 
found in alloys of carbon content as low as 0.2 pet, 
Fig. 7. That carbon raised the melting point was 
further substantiated by relative liquidus tempera- 
ture determinations of carbon alloys below 0.5 pct. 


By placing two specimens of slightly different 
2 SINGLE Pwase 


RAT URE 


WEIGHT PERCENT 


Fig. 5—lodide titanium-carbon phase diagram detail from Fig. 3. 


carbon content on the heater boat of the solidus- 
liquidus determination apparatus described above 
and heating until one specimen melted, it was found 
that the specimen of lower carbon content always 
melted first. This procedure was necessary since the 
difference in liquidus temperatures for two speci- 
mens of carbon content within 0.1 pct of each other 
was smaller than the precision of a temperature 
measurement. 

Measurements of incipient melting points indi- 
cated that the peritectic temperature was below 
1760°C. Assuming a peritectic reaction, the peritectic 
horizontal would therefore have to be above 1725°C, 
the melting point of iodide titanium.” An absolute 
measurement of the peritectic temperature on the 
basis of incipient melting observations within this 
1760° to 1725°C range was limited by the instru- 
ment, the accuracy of measurement of which was 
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Fig. 6—0.2 pet C. 6 
hr at 920°C, water 
quenched. «a, trans- 
formed 8 and 5. “A” 
etch. X200. 


Fig. 8—11.2 pet C. 1 
min at 1800°C, 
quenched. Liquid plus 
5. “A” etch. X200. 


Fig. 10—4.0 pct C. 
48 hr at 1200°C, 
water quenched. 
Transformed § plus 
d. Structure in is 
“A” etch. X200. 


Fig. 12—17.5 pct C. 120 hr at 900°C, water 
quenched. Single phase, 5. “A” etch. X200. 


Fig. 7—0.2 pet C, as- 
cast. 4 stringers plus 
serrated a. “A” etch. 
X400. 


Fig. 9—0.4 pet C. 36 
hr at 800°C, woter 
quenched. Equiaxed 
a plus 5. “A” etch. 
X150. 


Fig. 11—11.2 pet C. 
200 hr at 700°C, 
water quenched. 6 
plus a. Structure in 
5 is a. “A” etch. 
x500. 
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Fig. 13—Effect of carbon on the lattice parameters of 
iodide titanium. 


estimated at *25°C. However, a study of as-cast 
microstructures indicated that the solubility of car- 
bon in liquid titanium is just under 0.2 pet C at the 
peritectic temperature. Using this information, the 
peritectic line was drawn so that it intersected the 
previously established liquidus line at just under 
0.2 pet C, locating the peritectic at 1750°C. It was 
estimated that the probable error of this tempera- 
ture value is less than + 20°C. 

The liquid plus 4/4 boundary (Fig. 3) was con- 
firmed by microstructural examination of the 11.2 
pet C alloy quenched from the liquid plus 4 region, 
Fig. 8. 

No evidence of an intermediate phase could be 
found in any of the temperature ranges above 600°C. 
An alloy corresponding to Ti,C was treated at 500°C 
for two weeks with no evidence of compound forma- 
tion. As shown in Figs. 9 to 12, the amount of 4 in 
the two-phase regions, a plus 4, and 8 plus 4, in- 
creases with increasing carbon content until the 4 
field is reached. 

The phase within the 4 in Figs. 10 and 11 is either 
« or transformed 8 which has precipitaced as a re- 
sult of the decreasing solubility in TiC with decreas- 
ing temperature. It is interesting to note that the 
surface energy of the 4 in contact with the Ti-C 
liquid solution is significantly different from the 
surface energy of this phase in contact with the 8 
phase of the same carbon content. In the first case 
the liquid serves as the matrix with 4 as the included 
phase; and in the second case the 4 tends to serve 
as the matrix for the 8, as is indicated by the 8 pre- 
cipitates in the 46 phase and by the sharp angles the 
4 constituents have developed at grain boundaries 
of 8, Fig. 10. Fig. 11 gives the appearance of the 
liquid serving as matrix around the 4 phase for a 

different composition alloy. 

The 5 phase region extends to 11 pet C at the peri- 
tectic temperature and narrows down moderately 
with decreasing temperature. The melting point of 
TiC was taken from reported values.'' The 4 phase 
gave a face-centered cubic X-ray diffraction pattern 
consistent with Ehrlich’s' report that the compound 
was a NaCl type. Ehrlich, however, found 6 to exist 
for carbon contents as low as 7 pet. This discrepancy 
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might be explained by the probable presence of con- 
tamination in early titanium work. 

Lattice parameter measurements were made on 
a series of alloys to determine the effect of carbon 
on the parameters of a titanium and to determine 
the position of the a solvus. The lattice parameter 
data of a series of single-phase quenched alloys are 
presented in Fig. 13. The parameters of iodide tita- 
nium agree with those reported by Clark.” The effect 
of carbon on expanding the lattice is more marked 
than that of oxygen or nitrogen,” particularly for 
the a parameter. 

For an independent determination of the «a solvus, 
the a phase parameters of a plus 4 alloys, heat treated 
in the @ plus 6 region at four different temperatures, 
were determined. There was good agreement be- 
tween the X-ray determined a solvus and the a 
solvus determined microstructurally. The results are 
presented in Fig. 4. 

Summary 

Carbon raises the allotropic transformation tem- 
perature of titanium from 882°" to 920°C. A peri- 
tectoid reaction, B 5 — a, takes place at 920°C 
and 0.48 pet C, the maximum solubility of carbon 
in @ titanium. The solubility of carbon in £ titanium 
increases from 0.15 pet at 920°C to a maximum of 
0.8 pet at 1750°C. A peritectic reaction, liquid - 4 
— B, occurs at 0.8 pet C and 1750°C. The liquidus 
line rises continuously from the peritectic tempera- 
ture, with increasing carbon content, to the TiC 
melting point. Carbon in iodide titanium increases 
both the c and a parameters of the a form. 
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Constitution of Titanium-Rich Ti-Cr-Al Alloys 


At 1800° and 1400°F 


The phase boundaries in the ternary system Ti-Cr-Al have been 


by Jack L. Taylor and Pol Duwez 


established at 1800° and 1400°F for alloys containing more than 
60 pct Ti. The martensite transformation temperature has been 


HE studies of binary alloys of titanium with the 

transition elements which have been published 
so far’* indicate clearly that the solubility of these 
elements is always much greater in the high tem- 
perature body-centered cubic form of titanium (f 
phase) than in the low temperature hexagonal form. 
In this category of alloying elements are iron, nickel, 
chromium, manganese, vanadium, molybdenum, 
tungsten, columbium, and tantalum. Although 
studies of the nontransition elements have been 
rather limited, early work on titanium binary al- 
loys” has shown that most of them were not very 
soluble in the a form, with the exception of alu- 
minum, for which the solubility in a is about 25 
pet.’ “ In addition to this large solubility in a, alu- 
minum is also soluble in £ titanium to the extent of 
about 35 pct and the transformation temperature 
from £8 to a is raised with aluminum content. This 
effect is also typical of aluminum, in contrast with 
that found for the transition elements which lower 
the £8 to a transformation temperature. Therefore, 
it may be anticipated that ternary titanium alloys 
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measured for the titanium-rich alloys. 


with aluminum and any one of the transition ele- 
ments will constitute a class of ternary alloys having 
characteristic features absent in alloys involving 
two transition elements. 

Chromium was chosen as a typical transition ele- 
ment for the present study because ternary alloys 
of Ti-Al-Cr commercially produced have been found 
to possess very interesting physical properties (MST- 
3 pet Al-5 pet Cr of Mallory-Sharon).” 


Binary Systems 

The binary systems Ti-Al and Ti-Cr have been 
established recently by several investigators. The 
data used in this investigation were taken from the 
complete diagram of Bumps, Kessler, and Hansen." 
This diagram agrees quite well with earlier in- 
vestigations.” For the Ti-Cr system, the phase 
boundaries at 1800° and 1400°F were taken from 
refs. 6 and 7. The binary system Cr-Al has been 
studied recently by Bradley." This system is rather 
complex and contains not less than seven inter- 
mediate phases. The present study was limited to 
the titanium corner of the ternary system (less than 
a total of 40 pct Cr plus Al) and none of the phases 
present in the Cr-Al binary alloys were found in 
the ternary alloys investigated. 


Experimental Technique 
Microscopic observation and X-ray diffraction 
measurements were used to identify phases and de- 
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Fig. |—Partial ternary diagram showing composition of alloys in 
weight percent at 1800°F. 


termine phase boundaries. A total of 130 alloys were 
prepared by melting in a helium are furnace on a 
water-cooled copper plate. The furnace is essentially 
the same as that described previously.” The alloy 
compositions are shown in Figs. 1 and 2. 

The titanium used in this investigation, refined by 
the iodide process, was received from the New 
Jersey Zine Co. According to the manufacturer, a 
typical analysis of this product is: Mn, 0.0065 pct; 
Fe, 0.0022; Cu, 0.0015; and Pb, 0.0042. The Vickers 
hardness number (10 kg load) of the iodide titanium 
as-received varies between 55 and 80. The chromium 
powder, obtained from Charles Hardy, Inc., has the 
following spectroscopic analysis: Na, 0.1 pct; Ca, 
0.05; and traces of copper, manganese, silicon, co- 
balt, and magnesium. The electrolytic chromium 
powder was first pressed and then sintered in pure 
dry hydrogen at 2500°F. The aluminum, which was 
furnished through the courtesy of the Aluminum 
Company of America, is reported to be 99.99 pct 


pure. 
The three metals 


were melted together from 


Fig. 2—Partial ternary diagram showing composition of alloys in 
weight percent at 1400°F. 


254—JOURNAL OF METALS, FEBRUARY 1953 


small pieces to make a 3 or 4 g sample. The homo- 
geniety of the samples was checked microscopically 
before further work. The prepared composition was 
accepted if weight losses during melting were less 
than 1 pet. All samples were sealed in evacuated 
quartz tubes (10° mm Hg or better) and homogen- 
ized for 4 hr at 1800°F. They were then quenched 
by breaking the tube under water. Filings from each 
sample were sealed in quartz vials and quenched in 
liquid argon after 2 min at 1800°F. The samples for 
the 1400°F study received the same homogenization 
treatment as those at 1800°F plus 10 days at 1400°F. 
Quenching from 1400°F was accomplished by im- 
mersing the quartz tubes in water. Filings from 
these samples were annealed for 4 hr and quenched 
under water without tube breakage. 


Cr 
Fig. 3—Phase boundaries in partial ternary Ti-Cr-Al diagram at 
1800°F. 


Diffraction patterns of the filings were taken on 
a 14.32 cm camera using Cu K a radiation as filtered 
through nickel foil. Measurements were taken from 
film mounted asymmetrically in the camera. This 
mounting automatically compensates for film shrink- 
age. 

The alloy specimens, mounted in lucite, were 
polished through a series of successively finer 
papers and given a final polish on a cloth lap with 2 
micron diamond paste. The titanium etching solu- 
tion consisted of one part nitric acid, one part 
hydrofluoric acid, and two parts glycerin. The mi- 
croscopic studies were made at 250 diameters in 
most cases. 

Phase Boundaries at 1800°F 

The isothermal ternary phase diagram for Ti-Cr- 
Al alloys at 1800°F is shown in Fig. 3. The isopara- 
metric lines in the 8 solid solution region are given 
in kX units. 

The boundary between the 8.and the £8 plus a 
region was established mostly on the basis of micro- 
scopic observation, since the beginning of a precipi- 
tation can be clearly detected. It is believed that the 
boundary along alloys No. 32, 25, 10, 11, and 12 be- 
tween 8 and a plus 8 is accurate within 1 pct. The 
isoparametric lines were based on parameters taken 
from at least three resolved doublets. Within the 8 
field, there is an area near the titanium apex where 
B is not retained after quenching. Microscopie ob- 
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servation was used to differentiate a pure £ re- 
tained structure from a structure containing some 
a (supersaturated a resulting from a martensite 
type transformation of 8). The temperature at 
which the martensite transformation takes place 
has also been measured and the results are described 
in a subsequent section. 

The boundary between the 8 and the £ plus y 
fields has not been determined with the accuracy of 
the 8 to a plus 8 boundary. The sluggishness of solid 
state reactions in this composition range adds an 
element of uncertainty as to correct sampling by 
filing for X-ray. As for the 8 boundary near the 
apex of the ternary region, possible lack of equi- 
librium, incorrect proportions in X-ray sampling, 
and the difficulty of detecting a third phase under 
the microscope are unfavorable factors introducing 
uncertainties in locating this boundary. The alloys 
shown by only a dot on the diagram of Fig. 1 are 
those for which phase identification was most un- 
certain. 

The boundary between the a and the a plus fp 
fields was determined from X-ray measurements. 
It is interesting to note that the width of the a 
ternary solid solution is quite narrow. This result 
demonstrates the strong tendency of chromium 
toward stabilizing the 8 phase in titanium. The X- 
ray patterns in the a plus £ field did not have clearly 
resolved doublets and consequently the tie lines 
were not determined in the two-phase region. 

The boundary between the a plus 4 and the a plus 
B plus 4 fields was determined quite accurately to lie 
between alloys No. 76 and 127. Only one alloy (No. 
105) was identified as containing the three phases a, 
8, and 6. The three-phase region was traced in such 
a manner that the apexes of the triangle are located 
on the boundaries of the three one-phase regions. 


Phase Boundaries at 1400 F 
The phase boundaries at 1400°F are shown in Fig. 
4. The limit of solubility of aluminum in the ternary 
8 phase appeared to be of the order of 1 pct, as 
shown by alloy No. 33. Subsequent findings indi- 
cated a more complicated distribution of phases than 
was expected from considering Fig. 3 at 1800°F. 


Cr 


Fig. 4—Phase boundaries in partial ternary Ti-Cr-Al diagram at 
1400 °F. (The phase boundaries for alloys containing less than 70 pct 
Ti are only tentative.) 
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Fig. 5—Composition of titanium-rich alloys and the tempera- 
ture at which the § phase transforms to a’. 


The 8 phase reappears at alloy No. 20, containing 20 
pet each of chromium and aluminum. This result 
indicated that the 8 region is split in two at 1400°F. 

X-ray diffraction results were the deciding factor 
in determining boundaries between two and three- 
phase regions. Assuming TiCr, to be the stoichio- 
metric composition, straight lines drawn to the other 
one-phase regions defined two other split fields, 
namely a plus 8 and a plus £ plus y. The X-ray re- 
sults agree quite well with these requirements, with 
the exception of those alloys shown as dots (No. 77 
and 83). 

The apex of the ternary field containing a plus pf 
plus 6, which touches the § region, is beyond the 
compositions studied in this paper. However, alloys 
No. 70, 75, 104, and 80 gave fair accuracy in locating 
the boundary between the «a plus £ and the a plus 
8 plus 4 fields. Similarly, the a plus 6 field was de- 
fined by alloys No. 70, 128, and 102. The £f plus 6 
boundary location was the least accurate because of 
the uncertainty in alloys No. 87, 110, 106, and 82, 
shown as dots. 


Martensite Transformation Temperature 

A series of alloys whose compositions are shown 
in the ternary diagram of Fig. 5 were used for the 
measurements of the temperature at which the 8 
phase transforms, at least partially, to a’. The tech- 
nique used for the determination of the transforma- 
tion temperature during rapid cooling was that de- 
scribed by Greninger in his study of martensite in 
carbon steels.” The same technique has been used 
more recently for the study of some titanium binary 
systems.”"” The specimens were about 0.020 in. 
thick and 1/16 in. square. Chromel-alumel wires, 
0.005 in. in diameter, were placed between the two 
pieces and the assembly spot welded. The speci- 
mens were heated by means of a molybdenum coil 
in vacuum and rapidly cooled by a helium jet. The 
temperature was recorded on a rotating drum-type 
oscillograph. The break in the cooling curve due to 
the heat released by the transformation was quite 
easy to locate with an accuracy of +5°C. However, 
the scatter between results obtained on different 
samples of the same alloy was generally greater 
than +5°C. 

For each alloy at least five measurements were 
made with rates of cooling in the range of 200° to 
600°C per sec (390° to 1110°F per sec). Within this 
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Fig. 6—Isothermal lines showing the compositions at which 
the (1 to « transformation occurs for a given temperature. 


range it was found that, as in the case of binary 
alloys,” the transformation temperature was inde- 
pendent of the rate of cooling. 

The results of temperature measurements on vari- 
ous ternary alloys are indicated on Fig. 5. The trans- 
formation temperatures for the binary Ti-Cr alloys 
were taken from a previous study.” For the Ti-Al 
binary alloys, unpublished results of measurements 
made in this laboratory indicate that the Ms tem- 
perature increases regularly with aluminum content. 
In the range from 0 to 5 pet Al, which is the compo- 
sition corresponding to the boundary of the 8 phase 
at 892°C (1635 F), the martensite transformation 
temperature increases from 882°C (1620°F) to 
about 940°C (1725 F). 

As mentiened in previous studies, the relative 
amount of § transforming into a’ decreases also with 
increasing concentration; and hence, the thermal 
arrest becomes weaker and difficult to observe. It is, 
therefore, not possible, with the sensitivity of the 
present method of measurement, to establish the 
Ms curves below approximately 300°C (570°F). 
Microscopic observation is probably the most re- 
liable method for determining the concentration at 
which the change occurs from a § plus a’ needle 
structure into a pure f structure. The boundary 
limiting the compositions for which £ is retained, as 
shown in Fig. 6, is based on microscopic observation. 
By plotting the martensite temperature vs chro- 
mium content for various constant aluminum con- 
tents, it was possible to determine compositions 
having an Ms temperature of 800°, 700°, 600°, and 
500°C (1470°, 1290°, 1110°, and 930°F). These 
plots lead to the tracing of the isothermal lines of 
Fig. 6, which represent the compositions at which 
the 8 to a’ transformation takes place at a given 
temperature. These isothermal lines are roughly 
parallel to the Ti-Al side of the ternary diagram and 
hence the amount of chromium in the ternary alloy 
practically determines the temperature at which the 
transformation takes place. This result is of course 
a consequence of the fact that the addition of alu- 
minum to titanium has only a relatively small in- 
fluence in raising the martensite transformation 
temperature. 


Conclusions 
The phase boundaries of the Ti-Cr-Al ternary 
system have been determined at 1800°F (980°C) 
and at 1400°F (760°C) in the portion of the diagram 
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extending from the titanium corner down to com- 
positions containing 60 pct Ti. At 1800°F the £ field 
covers a large portion of the diagram. Within this 8 
field the boundary limiting the field of compositions 
for which the 8 phase transforms into the a’ super- 
saturated solid solution has been established. The 
temperature at which the £8 to a’ martensite trans- 
formation takes place has also been determined for 
the titanium-rich alloys. 
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Mechanism of Plastic Flow in Titanium — 


Determination of Slip and Twinning Elements 
A. Dube, and B. H 


The slip and twinning planes have been determined in deformed crystals of 


Alexander 


titanium by an X-ray method of analysis. The slip planes are of the type {1010} 
and {1011}, while the twinning planes are of the type {1012}, {1121}, and {1122}. 
In the case of the predominant {1010} slip, a type | digonal axis of indices 
< 1120> was the effective slip direction. Microscopic observations on the appear- 
ance of the three twin types disclosed a distinct difference in their shapes, and 
an attempt was made to correlate this difference with the amount of twinning 
shear. The slip mechanism was discussed on the basis of the difference in © /a 


T is a general rule that slip in metals occurs most 
easily on the planes of greatest atomic density and 
of the largest interplanar spacing, and that the 
direction of slip is a close-packed direction. Thus, 
of the hexagonal close-packed metals which have 
been investigated by the German school in the 
decade 1925 to 1935 (cadmium, zinc, and mag- 
nesium), it has been found that slip occurs on the 
basal plane (0001) and in a <1120> direction.’ In 
the case of magnesium above 225°C, slip occurs on 
a first-order pyramidal plane {1011} as well as on 
the basal plane. The hexagonal metals, moreover, 
deform in part by twinning, and, again with the ex- 
ception of magnesium at elevated temperatures, the 
twinning plane has always been reported to be a 
second-order pyramidal plane (1012}.’ 

In view of this consistency in the plastic behavior 
of these metals, it has been supposed that the same 
slip and twinning elements would be operative in 
the other important hexagonal close-packed metals 
(titanium, zirconium, and beryllium), although 
there are some reasons why this may not be so. Re- 
ferring to the tabulation in Table I of the axial 
ratios of the important metals in this structural 
class, it may be seen that they can be categorized 
into three distinct groups depending on the value of 
their c/a ratios. In the first group are cadmium and 
zine with large positive deviations from the ideal 
ratio for closest packing. This expansion in the 
direction of the c-axis would be such as to accentu- 
ate the basal plane as the slip plane, because it in- 
creases the interplanar spacing. The second group 
includes cobalt and magnesium, which closely ap- 
proximate the ideal ratio. In the third group are 
zirconium, titanium, and beryllium whose axial 
ratios are decidedly less than the ideal. The lattice 
of the elements in this group is compressed along 
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ratios for the common hexagonal close-packed metals. 


Table |. Grouping of Important Hexagonal Close-Packed Metals 
According to Their /. Ratios 


Pet 
Deviation 

from 
Metal c a Ratio Ideal Group 
Cd 1.886 15.5 I 
Zn 1.856 + 13.6 1 

Ideal ¢.p.h 1.633 0 

Mz 1.624 0.55 Il 
Co 1.624 0.55 Il 
Zr 1.589 2.69 ill 
Ti 1.587 2.81 Ill 
Be 1.568 3.98 Ill 


the c-axis which, in effect, tends to make the basal 
plane less favorable for slip inasmuch as it reduces 
the interplanar spacing and the atomic density of 
this plane. Thus, for metals in the third group, it 
may be said that there is a certain indefiniteness 
about the glide plane, in that planes other than the 
basal plane may be expected to operate. 

The fact that magnesium begins to exhibit planes 
other than the normal slip and twinning planes at 
elevated temperatures may indicate that this be- 
havior will become more pronounced in metals of 
lower axial ratios. For this reason it might be ex- 
pected that the slip and twinning behavior of zir- 
conium, titanium, and beryllium would be different 
from that found in cadmium and zinc. One indica- 
tion that there is a difference is reflected in the re- 
cent work which has been done on the deformation 
textures of these metals." As will be shown later, 
there is a significant difference between the rolling 
textures of cadmium, zinc, and magnesium on the 
one hand, and zirconium, titanium, and beryllium 
on the other, and this difference suggests that the 
mechanism of plastic flow is not the same in these 
two groups of metals. 

From these considerations, therefore, it may be 
seen that there are good reasons why it cannot be 
concluded that titanium will have the same crystal- 
lographic elements of slip and twinning as those 
exhibited by zinc and cadmium. For the complete 
determination of these elements it would be most 
advantageous to have single crystals. However, 
much valuable information can be obtained by using 
coarse grained polycrystalline specimens, provided 
the grains are sufficiently large to permit X-ray 
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Fig. |—Titanium specimens critically strained by bending. X30. Area 
reduced approximately 40 pct for reproduction. a (top)—Bent around 
1.5 in. radius, 0.8 pct strain in outer fibers. b (center) —Bent around 
1 in. radius, 1.9 pct strain in outer fibers. ¢ (bottom)—Bent around 
2 in. radius, 2.8 pct strain in outer fibers. 


orientation determinations and accurate metallo- 
graphic examination. In the absence of single crys- 
tals, the present study was undertaken using very 
coarse grains in order to gather as much information 
as possible concerning the deformation character- 
istics of titanium. 


Production of Coarse Crystals 

The titanium used in these experiments was a 
duPont sponge, which had the following analysis: 
99.77 pet Ti, 0.10 pet Fe, 0.009 pet N, 0.05 to 0.08 pct 
O. This sponge was arc melted in an argon atmos- 
phere into slugs which weighed approximately 25 g 
each. These slugs were then cold rolled approxi- 
mately 90 pct to a sheet thickness of 0.05 in. Since 
the strain-anneal technique was adopted for ob- 
taining the coarse grains, the rolled sheets were an- 
nealed to produce a relatively fine, equiaxed and 
uniform grain size (grain diameter equals 0.04 mm) 
which is a prerequisite for this method of crystal 
production. 

In order to ascertain the value of critical strain 
for this material, strips about 0.25x2 in. were cut 
from the annealed sheets and strained by bending 
about different radii. The radius of the bend was 
adjusted to give deformations in the outer fibers of 
about 1, 2, and 3 pet. The bent strips were then 
heated in a vacuum at a rate of approximately 
150°C per day from 400°C to 840°C, followed by a 
final anneal at 840°C for two days. The results of 
these exploratory strain-anneal treatments are 


Fig. 2—Coarse grains in titanium produced by controlled recrystol- 
lization. X2. Area reduced approximately 20 pct for reproduction. 
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shown in Fig. 1, from which it may be seen that the 
optimum deformation for maximum grain size in 
this material is in the vicinity of 1 pct for a bend- 
ing type of stress. Consequently, this value of strain 
was used in a number of specimens to produce two- 
dimensional growth of grains, which frequently 
traversed the width of the specimen and facilitated 
accurate X-ray orientation determinations. For a 
simple tension type of stress the critical strain was 
found to be 1.5 pct, and best results were obtained 
when the annealed structure, prior to the critical 
strain, consisted of uniform, coarse grains which 
exhibited a rather strong preferred orientation. A 
typical example of a coarse grained tensile speci- 
men, with grains averaging 3 to 6 mm in length, is 
shown in Fig. 2. 

Preparation of the surface of these specimens for 
optical microscopy consisted of mechanically polish- 


Fig. 3—Nature of slip and twinning in titanium. X100. Area reduced 
approximately 40 pct for reproduction. 


ing through 4/0 metallographic emery paper and 
then etching with a dilute solution of hydrofluoric 
acid to remove the cold-worked layer resulting from 
this mechanical treatment. A final polish on silk 
and gamal cloths followed again by a light etch 
produced a satisfactory surface. An annealing treat- 
ment in vacuum at a temperature of 850°C for 
several days indicated that such surfaces were 
essentially stress-free. 


Appearance of Slip Bands and Twins 

Coarse grained specimens of titanium, which have 
been deformed several percent either by extension, 
bending, or compression in a vise, show well- 
marked slip bands and twins, as exemplified by Figs. 
3 and 4. It is readily apparent from Fig. 3 that the 
slip bands are rather fine and straight, and show a 
reasonable regularity in their spacing, which is ap- 
proximately 1.5x10° mm. A particularly notable 
feature of this deformed crystal is the appearance of 
five distinct slip systems in addition to the twins. 
Presupposing the presence of basal slip, this ob- 
servation establishes at once the existence of at 
least another slip plane in the deformation of tita- 
nium at room temperature, since basal slip can only 
account for one parallel set of slip traces. 

Typical appearance of twins in deformed crystals 
is shown in Fig. 4. These coarse grains were re- 
polished and etched after deformation for the pur- 
pose of removing the slip bands. It may be seen that 
the twins appear either very thick, similar to those 
found in zinc’ and magnesium,” or as narrow lamel- 
lae much like the Neumann bands characteristic of 
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Fig. 4—Nature of twin in titanium. X200. Area reduced approxi- 


mately 55 pct for reproduction. a, top; b, center; and c, bottom. 


Fig. 5—Determination of slip and twinning planes in 
titanium. 

a (above)—Stereographic projection containing nor- 
mals to visible traces of slip bands (solid lines) and 
twins (dashed lines). Hexagon, (0001); solid circle, 
{1010}; open circle, {1012}; vertical line through 
circle, {1011}; and circle x, {1121}. 

b (upper right)—Crystal of titanium which was 
polished, etched, and deformed. X100. Area reduced 
approximately 20 pct for reproduction. 

c (lower right)—Same crystal as Fig. 5b but re- 
polished and etched. X100. Area reduced approxi- 
mately 20 pct for reproduction. 
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twinning in iron.” This latter form of twins is re- 
markably illustrated in the stepped twin formation 
of Fig. 4c. As in the case of slip in Fig. 3, close 
examination of these micrographs reveals at least 
seven different sets of twin traces. This suggests 
that twinning in titanium occurs on at least two 
different crystallographic planes, since twinning on 
the conventional {1012} planes can only account for 
six of these traces. 

It appears, therefore, from these qualitative ob- 
servations on the appearance of slip bands and 
twins in large crystals of titanium that the mecha- 
nism of plastic flow in this metal at room tempera- 
ture is much more complex than that found in the 
hexagonal close-packed metals, zinc, cadmium, and 
magnesium. 


Determination of Slip and Twinning Elements 


Experimental Methods: The method of identifica- 
tion of the slip and twinning planes was based on 
the use of a stereographic plot of a back-reflection 
Laue photograph describing the region where slip 
and twinning were observed. Identification resulted 
from the location in these plots of the poles of the 
planes responsible for the slip and twinning traces 
on the surface of the specimen, An example of the 
application of this method is shown in Fig. 5. The 
spots from a back-reflection Laue photograph of the 
crystal, Fig. 5b, (with the incident beam perpen- 
dicular to the specimen surface) were transferred 
to the stereographic diagram, Fig. 5a, on which were 
plotted the poles of the important planes of low 
indices. The normal to all visible slip traces (solid 
lines) and twinning traces (dashed lines) were then 
shown on the stereographic diagram as great circles 
passing through the center of the projection. The 


poles intersected by these great circles identify the 
slip and twinning planes. In order to distinguish 
clearly between the slip and twin markings, the 
specimen, after deformation, was carefully repol- 
ished and etched to remove the slip bands, as shown 
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a—Deformed crystal of titanium repolished and heavily etched 
to remove slip bands. X50. 


Traces of twinning plones 


A 
\\ 
e 90° 
ZS 
Traces of twinning planes 
b—Diagram of traces of twinning planes. 


c—Twin markings on mutually perpendicular surfaces, A (top) 
and B (bottom) 


Fig. 6—Two-surtace method of analysis for determining twin- 
ning plane. Twins are of the type {1121}. 


in Fig. 5c. In using this technique of crystallographic 
analysis, it is readily apparent that great care must 
be exercised with regard to reference marks de- 
scribing the relation of the X-ray beam to the gen- 
eral outline of the specimen surface, 

In a number of cases the normals to the twin 
traces intersected two poles on the stereographic di- 
agram, and this necessitated a two-surface method 
of analysis to distinguish which pole was responsi- 
ble for the trace. This technique, illustrated in Fig. 
6, involved the preparation of two surfaces at right 
angles, such that the twin traces in a given crystal 
could be clearly followed from one surface around 
the edge to the other surface, Fig. 6c. 

In this particular crystal, Fig. 6a, the normal to 
the long twin traces on the surface A intersected two 
poles on the stereographic projection describing this 


surface. By simply rotating this projection 90° on 


to the surface B, and again drawing the normal to 
the traces (Fig. 6b), it is relatively easy to dis- 
tinguish which of the two poles represents the plane 
Since this two-surface 


responsible for the traces. 
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solution is more rigorous in the determination of the 
slip and twinning planes, it was adopted, whenever 
possible, to verify the determinations made by the 
single surface X-ray technique demonstrated in Fig. 
5. The surface preparation shown in Fig. 6 also per- 
mits a confirmation of these results by the two-sur- 
face method which involves measurement of angles 
of the twin traces with respect to a crystallographi- 
cally known system of coordinates.” 

Slip and Twinning Elements: More than 40 stere- 
ographic analyses of Laue photographs of deformed 
crystals were made, and the results of these analyses 
show that two slip planes and three twinning planes 
are operative in the plastic deformation of these 
crystals at room temperature. The slip planes are 
of the type {1010} and (1011; while the twinning 
planes are of the type {1012}, {1121}, and {1122}. In 
the case of slip, the prismatic type {1010} is by far 
the more predominant. It occurred in all but one of 
the deformed crystals and in this single exception 
deformation took place solely by twinning. On the 
other hand, first-order pyramidal slip {1011} was 
observed only in those crystals which exhibited a 
complex slip process, in that all three prismatic 
systems were operative. Typical appearance of 
prismatic slip for two differently oriented crystals 
is shown in Fig. 7, where it may be seen that the 
bands are well defined and show a reasonable regu- 
larity of spacing. It is interesting to note, however, 
that the character of the bands differs in the two 
cases, suggesting an orientation dependence on the 
appearance of these bands. More will be said con- 
cerning the nature of slip bands in another paper on 
this study, which will deal with manifestations of 
glide. 

It is singularly significant that, no matter how 


Fig. 7—Appearance of type | prismatic (1010) slip in titanium. 
X100. 
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Fig. 8 — Original 
orientations of coarse 
crystals studied in 
tension. 


complex the deformation, in no case was slip on the 
basal plane (0001) established. The absence of 
basal slip is a glaring contradiction to the general 
rule of slip behavior in hexagonal close-packed 
metal crystals (magnesium, zinc, and cadmium). 
Admittedly, the orientations of a large number of 
these coarse crystals were similar (as might be ex- 
pected from the technique used in producing them), 
yet on the whole the spread appears sufficient to 
establish {1010} prismatic slip as the predominant 
slip mechanism. The spread in crystal orientations 
for the tension studies is shown in the standard 
stereographic triangle of Fig. 8, and it may be seen 
that there is a paucity of orientations in one region 
of the triangle. It is not possible, therefore, to rule 
out definitely an orientation effect with regard to 
the absence of basal slip. 

However, the complexity of the stress pattern in 
some of these crystals, as a result of the method of 
deformation and the contiguity of grain boundaries, 
would be expected to encourage slip on all potential 
planes. In view of these considerations, it is be- 
lieved that, with the possible exception of a small 
range of critical orientations, there is little proba- 
bility of basal slip in the plastic deformation of 
titanium crystals of this purity for tests at room 
temperature. 

Unfortunately, the method of stereographic analy- 
sis described above does not permit the determina- 
tion of the slip direction in the planes of slip. Never- 
theless, it is noteworthy that both the prismatic 
{1010} and the first order pyramidal {1011} planes 
contain a <1120>, which is both the direction of 
closest packing and the slip direction in the hex- 
agonal close-packed lattice. In order to determine 
experimentally the slip direction for {1010} slip, it 
was necessary to follow by X-ray analysis the 
movement of the specimen axis during extension by 
ascertaining the crystal orientation at various stages 
of extension. This follows from the geometrical 
considerations of glide, which predict a movement 
of the specimen axis of the crystal toward the op- 
erative direction of glide. Fig. 9 shows examples 
of the application of this method, and it may be 
seen that in each case a type I digonal axis of in- 
dices <1120> is the effective slip direction. There- 
fore, the close-packed direction in these crystals is 
preserved as the slip direction despite the change in 
the slip plane. This is not too surprising, since it has 
been established that the slip direction is a more 
fundamental property of a metal than the slip plane. 
For example, in aluminum” and magnesium’ at ele- 
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vated temperatures, and in several body-centered 
cubic metals” slip can occur on more than one 
plane, but the direction of slip is always the same. 
In view of this, the assumption will be made that 
the direction of slip for first-order pyramidal glide 
is also a <1120> direction. This could not be de- 
termined experimentally in view of the secondary 
nature of this type of slip. 

Twinning on the pyramidal planes type II, order 
1 {1121} and order 2 (1122), as well as on the pyra- 
midal planes type I, order 2 {1012}, is also a contra- 
diction to the general plastic behavior of hexagonal 
close-packed metals, where twinning has been 
found to occur solely on the {1012} planes at room 
temperature. Moreover, the extensive twinning iIn- 
dicates that this mechanism of flow plays an impor- 
tant role in the deformation of titanium. In gen- 
eral, it was found that twinning occurred most fre- 
quently on planes of the types {1012} and {1121}; 
whereas (1122; twinning was observed only at 
specimen edges (see Fig. 10), or in grains which ex- 
hibited marked multiplicity of slip and twinning as 
a result of surrounding stress conditions. 
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Fig. 9—Determination of the slip direction from the lattice rotation 
in the course of extension of titanium crystals. 


A particularly notable feature regarding the ob- 
served twin markings is the considerable variation 
in their appearance, as typically illustrated in Fig. 
11. It may be seen that twins of the {1012} type are 
thick and lens-shaped, similar in habit to those of 
the same crystallographic form observed in cad- 
mium, zinc, Magnesium, and beryllium. In sharp 
contrast to this, the {1121} twins appear as narrow 
lamellae, much like the Neumann bands character- 
istic of twinning in iron. The thickness does not 
appear to vary along the length of these twins and 
is rarely found to exceed five microns. Moreover, 
as may be seen from Fig. 6, these twin markings 
frequently traverse the entire width of the crystal, 
display an unusual regularity in their spacing, and 
often exhibit a stepped discontinuity which corre- 
sponds to twinning on another plane of the form 
'1121;. In these respects, the appearance of these 
twins is reminiscent of the formation of slip bands, 
and the stepped character is analogous to the cross- 
slip observed in a brass” and aluminum” crystals. 

The infrequent occurrence of the {1122} type 
twins does not permit an accurate description of 
their shape. However, the limited observations do 
indicate that the nature of these twins represents an 
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[0001] 
[1010] 


Fig. 10—Appearance of (1122) twins at specimen edge. X100 
Area reduced approximately 60 pct for reproduction 


intermediate position between the extreme shapes 
characteristic of the twinning on the {1012} and 
{1121} planes. It is interesting to note that the 
{1122} twins of Fig. 10, which were formed at the 
edge of the specimen, show a distinct preference for 
appearing in pairs. 

A consideration of the variation in the thickness 
of twin lamellae and their corresponding shear val- 
ues in different metals suggests that a correlation 
between the magnitude of shear and the character- 
istic shape of twins is possible: For example, the 
thick lenticular deformation twins in zine are asso- 
ciated with a shear of 0.143 in contrast with a shear 
of 0.707 for the thin Neumann bands in iron. This 
variation in twin thickness with magnitude of shear 
was very recently pointed out by Cahn,” who fur- 
ther substantiated this association with his excellent 
results on the complex twinning behavior in the de- 
formation of uranium, It was argued that the 
greater the twinning shear, the greater will be the 
elastic stresses resisting further growth of a twin, 
so that a new lamella will be started in its immedi- 
ate vicinity in preference to the continued growth 
of the old twin. Thus, the greater the value of the 
twinning shear, the finer will be the twin lamellae 
Although this rule is only an approximation, it does 
explain some experimental observations on the oc- 
currence of twins in some metals, as well as the 
“ross variation in twin shapes from metal to metal. 

Unfortunately, in the present investigation the 
values of shear associated with the three types of 
twinning cannot be directly calculated, since it was 
not possible to determine experimentally the neces- 
sary twinning elements. However, with regard to 
the (1012) twins, the equivalent (1012) plane may 
“2nd undistorted K, plane’ in 


be adopted as the 
On this basis, the 


line with the behavior of zine 
plane of twinning shear is a {1120} plane, and the 
amount of shear is 0.173. For the twins of the form 
{1121} and {1122}, it is unlikely that their respec- 
tive equivalent planes are K, planes, since the cor- 
responding values for the magnitude of shear would 
be unreasonably large. However, a consideration 
of the crystallographic geometry of twinning’ does 
permit a speculative evaluation of the shear, which 
for {1121} twins is 0.63 and for the {1122} twins is 
either 0.245 or 0.53. Although these calculated shear 
values are questionable in view of the many assump- 
tions involved, they do serve to indicate that the 
thinner twins are associated with greater values of 
shear, in agreement with the work of Cahn 

To summarize the experimental observations of 
the slip and twinning elements, it may be said that 
at least nine slip systems and eighteen twinning 
planes can contribute to the plastic flow of coarse 
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titanium crystals at room temperature. This is in 
contrast to three slip systems (basal glide) and six 
twinning planes (second-order pyramidal planes, 
type I) in the metals magnesium, zinc, and cad- 
mium. For the purpose of clarification, the slip and 
twinning planes observed in the deformation of 
titanium are illustrated in the hexagonal lattice of 
Fig. 12. 
Discussion of Results 

Mechanism of Slip: The presence of first-order 
pyramidal slip {1011} as a secondary slip system in 
titanium is similar to the behavior of magnesium 
which has a c/a ratio slightly less than the ideal. 
Slip on these planes in titanium occurs rarely, and 
the unresolvable nature of their appearance makes 
their detection difficult. This does not appear to be 
the case in magnesium at elevated temperatures.” 

The predominance of type I prismatic slip {1010}, 
on the other hand, and the apparent absence of basal 
slip (0001) is significant; since this behavior sug- 
gests (in accordance with the general rule for slip) 
that in the titanium lattice the atomic density and 
interplanar spacing of the prismatic planes are 
greater than for the basal plane. This might very 
well be the case in titanium, if the implications of 
Fig. 13 are considered. The upper diagram in the 
figure represents the space pattern of atoms in the 
close-packed hexagonal structure of titanium, while 
the lower diagram represents the arrangement of 
atoms as viewed in the direction indicated by the 
arrow, i.e., along a - 1120 direction. Therefore, in 
the lower diagram the arrangement is along alter- 
nate prismatic planes of the form {1010}. For rea- 
sons of clarity, the three atomic sites within the 
body of the cell have been drawn as open circles, 
while those forming the simple hexagonal lattices 
have been drawn as solid circles. 

Jf the atoms of the two adjacent prismatic planes 
are considered as belonging to a single corrugated 
plane or band, as suggested by the dashed lines in 
the lower diagram of Fig. 13, it can be shown that 
both the atomic density and interplanar spacing are 
greater for the prismatic planes than for the basal 
planes. This is readily seen from a consideration of 


Fig. 1!—Appearance of different twin types in titanium. X200 
Area reduced approximately 20 pct for reproduction. a (top) — 


11012! twins. b (bottom)—!1121! twins 


TRANSACTIONS AIME 


yr 


3 le 
| 
4 i 
| BS 
| 
x 
ft 
| 
APO 
- 
—< 
G 
a 


Fig. 12—Hexagonal lattice showing the position of the opera- 
tive slip and twinning planes and slip direction in the plastic 
deformation of titanium at room temperature. 

Slip planes: ABHG—prism planes, type |; of the form {1010}. 
GHM—pyramidal planes, type |, order 1; of the form 11011}. 
Twinning planes: GHN—pyramidal planes, type |, order 2; of 
the form {1012}. GiIM—pyramidal planes, type II, order 1; of 
the form (1121). GIN—pyramidal planes, type II, order 2; 
of the form {1122}. 

Slip direction: OG—digonal axis, type |; of the form - 1120>. 


the lattice dimensions and the unit cells depicted to 
the right of the diagrams in Fig. 13. Values for 
these properties, which were calculated by taking 
a 1 and c 1.587, are listed in Table II, which 
also includes for comparison those for magnesium, 
zinc, and cadmium. It is evident from the tabulated 
values that for zinc and cadmium the basal plane 
still remains the plane of maximum atomic density 
and interplanar spacing, whereas for magnesium the 
situation is reversed in favor of the prismatic planes, 
as in the case of titanium. Therefore, it would ap- 
pear from the philosophy of this analysis that mag- 
nesium should also exhibit prismatic flow. The fact 
that it does not at once suggests that either the 
atomic density and interplanar spacing for the cor- 
rugated prismatic planes must be significantly 
larger than for the basal plane for the occurrence of 
{1010} slip, or the nature of the atomic bonding is 
an important criterion. It might be added that this 
postulation of a corrugated slip plane in a close- 
packed crystallographic direction is quite acceptable 
from the point of view of the present dislocation 
models of plastic flow. 

Mechanism of Twinning: It is apparent from the 
experimental observations that the twinning habit 
in titanium, like the slip process, is very different 
from that generally associated with the hexagonal 
metals, where for room temperature tests twinning 
has been found to occur solely on the {1012} pyra- 


Table 1. Comparison of Atomic Density and Interplanar Spacing for 
Type | Prismatic and Basal Planes 


loi0, Plane (0001) Plane 


Inter- Inter- 

Atomic planar Atomic planar 

ca Density Spacing. Density Spacing 
Metal Ratio ay 3/2 V3 
Ti 1.587 1.260 0 866 1.155 0.794 
Mg 1.624 1.231 0 866 1.155 0.812 
Zn 1.856 1.078 0.866 1.155 0.928 
Cd 1.886 1.060 0 866 1.155 0.943 


midal planes. In titanium, the situation is much 
more complex in that twinning takes place not only 
on the {1012} planes, but also on the {1121} and 
(1122} type II pyramidal planes. Thus, it would 
appear that twinning in metals of this structural 
class always occurs on pyramidal planes of low 
indices, with a definite constancy in the appearance 
of the {1012} twins. Moreover, on the basis of this 
difference in twinning behavior it can be empiri- 
cally stated that metals of the same crystal struc- 
ture but different axial ratios may not have the same 
twinning elements nor exhibit the same multiplicity 
of twinning. 

Unfortunately, the present knowledge regarding 
the dynamics of mechanical twinning is such that it 
would be difficult to speculate on the reason for the 
presence of three distinct twin types in titanium, as 
well as the peculiar choice of the twinning elements. 
The evidence and arguments advanced by a num- 
ber of investigators” “ on the general twinning phe- 
nomenon are conflicting, and only serve to empha- 
size the absence of any single criterion which can 
account for the observed twinning elements. From 
the apparent complexity of this problem, it is cer- 
tain that a definite need exists for more systematic 
investigations and reliable data. 

Effect of Slip and Twinning on Ductility: The fact 
that in titanium there are at least nine possible 
slip systems (three prismatic type I and six pyra- 
midal type I, order 1) and eighteen twinning planes 
(six pyramidal type I, order 2, six pyramidal type 
II, order 1 and six pyramidal type II, order 2) might 
very well account for the ability of the metal in its 
pure form to undergo severe amounts of plastic de- 
formation: For example, it is well known that 
titanium can be cold-rolled above 90 pct reduction 
in thickness without serious cracking. This is par- 
ticularly noteworthy in view of the fact that mag- 
nesium, which also has a c/a ratio less than the 
ideal (1.633), can be cold-rolled no more than 50 
pet even in its high purity form. In contrast with 
titanium, this lack of ductility in magnesium at 
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Fig. 13—Crystal structure of « titanium illustrating 
arrangement of atoms in corrugated configuration. 
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Fig. 14—Sign in the change in length along the c-axis due 
to twinning on a {1012} plane. Solid line, crystal; dashed 
line, twin 


room temperature can be attributed, in part, to the 
presence of only three slip systems (basal glide) and 
six twinning planes (six pyramidal type I, order 2). 
Certainly, the contribution by twinning to the ex- 
tent of plastic deformation in titanium is much 
more important than in the other hexagonal metals 
(magnesium, cadmium, and zinc). 

An equally important consideration which can 
influence the degree of plasticity, particularly in 
hexagonal crystals, is the sign in the change in 
length along the c-axis due to twinning. Consider- 
ing twinning on the planes of the form {1012}, it can 
be shown that depending upon whether the c/a ra- 
tio is less or greater than the value 1.732 there re- 
sults an extension (<1.732) or a compression 
( +1.732) in the direction of the c-axis, as shown 
schematically in Fig. 14. Thus, in both magnesium 
and titanium twinning on the {1012} planes cannot 
occur on cold rolling, since the twinning action can 
only result in a compression in the flow direction 
(i.e., rolling direction) as long as the basal plane is 
either parallel to or slightly inclined to the rolling 
plane, as is the case in these metals. Unlike mag- 
nesium, however, in titanium twinning occurs on 
the {1121} and 
{1012} planes, and it is expected, therefore, that this 
would favor greater deformation by rolling than can 
be hoped for in magnesium which twins only on the 


{1122} planes in addition to the 


(1012; planes at room temperature, 

Texture Relationships: Another property of tita- 
nium which suggests a different mechanism of 
plastic flow than that found in the more common 
hexagonal close-packed metals is the preferred ori- 
entation developed in severely cold-rolled sheets. 
According to both Clark* and McHargue,’ the tex- 
ture in these sheets can best be described as one in 
which the [1010] direction is parallel to the rolling 
direction and the (0001) plane is inclined approxi- 
mately 25° to the rolling plane in the transverse 
direction. In contrast to this, the metals cadmium, 
zine, and magnesium “ have a texture in which 
there is a definite spread of the basal plane normals 
in the rolling direction. Moreover, in these metals 
there is a tendency for the [1120] direction rather 
than the [1010] direction to be parallel to the roll- 
ing direction. Therefore, the essential difference be- 
tween these textures is in the direction of basal 
tilting, and in the direction parallel to the rolling 
direction. On the other hand, in zirconium (with a 
c/a ratio similar to titanium) McGeary and Lust- 
man’ have found that the basal plane is tilted in the 


same manner as in titanium, and the [1010] direc- 
tion is also parallel to the rolling direction. 
Although it is unwise to predict the mechanisms 
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of plastic flow from deformation textures, neverthe- 
less this evidence does strongly support the general 
conclusion deduced from this investigation that the 
slip and twinning elements in titanium are different 
from those of magnesium, zinc, and cadmium, which 


have greater c/a ratios. For example, the coinci- 
dence of the [1010] direction with the rolling direc- 
tion for titanium can very well be explained by the 
duplex slip rotation resulting from the simultane- 
ous operation of two <1120> 
(10103 prismatic planes, whereas for the metals 
zinc, cadmium, and magnesium the crystallographic 
significance of the rolling direction results from 
slip on the basal plane in a single <1120> direction. 

Another interesting consequence develops from 
the cold-rolled texture of titanium and the ob- 
servation” that the strength of severely cold-rolled 
titanium sheets is greater in the transverse than in 
the rolling direction. From a consideration of the 
(0001) pole figure, it is natural to expect that if 
basal slip occurred in the plastic deformation of 
titanium, the yield strength of the sheets (because 
of the direction of tilting of the basal plane) would 
be much less in the transverse direction. Since this 
is not the case, it must be inferred that slip occurs 
more easily on another set of planes, which is what 
has been established in this investigation. 


directions on two 


Conclusion 

The slip and twinning elements have been deter- 
mined in deformed coarse crystals of arc-melted 
99.77 pet Ti (diameter of crystals, 2 to 8 mm). The 
method of identification was based on the use of a 
stereographic plot of a back-reflection Laue photo- 
graph describing the region where slip and twinning 
were observed. A number of these stereographic 
analyses showed that at least two types of slip and 
three twin types are operative in the plastic de- 
formation of these crystals. The slip planes are of 
the type {1010} and 
planes are of the type {1012}, {1121}, and {1122}. In 
no case was slip on the basal plane (0001) estab- 
lished. 

In the case of the predominant {1010} slip, the 
direction of slip was determined by following the 
movement of the specimen axis during extension by 
ascertaining the crystal orientation at various stages 
of extension. In all cases a type I digonal axis of 
indices <1120> was the effective slip direction. 

Microscopic observations on the appearance of 
twins disclosed a distinct difference in their shapes. 


{1011}, while the twinning 


The {1012} twins are thick and lenticular, whereas 
the {1121} twins appear as thin lamellae similar to 
the Neumann bands in iron. A consideration of the 
geometry of twinning suggests that the character- 
istic shapes are related to the amount of twinning 
shear, in agreement with the hypothesis recently 
proposed by Cahn.’ 

The slip mechanism was discussed on the basis of 
the difference in c/a ratios for the common hex- 
agonal close-packed metals. This led to a postula- 
tion of type I prismatic slip on corrugated planes. 
Some considerations were also advanced regarding 
the apparent marked ductility of this metal in con- 
trast to the other hexagonal metals. 
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HE measurements on the formation of multi- 

layered scales on pure iron’ and the metal- 
lographic examination of the produced layer of FeO, 
Fe,O,, and Fe.O, shown in micrographs’ throw much 
interesting light on this apparently well-known sub- 
ject. Professor Paidassi announced’ that in a few 
months’ time further results are going to be pub- 
lished with regard to the growth of Fe,O, and Fe.O, 
layers on an Armco iron as a function of temperature. 
Because of the very thin layers of Fe.O, which are 
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Observation on Scaling of Iron 


Wraze; 


shown by Paidassi (Fig. 10 of ref. 2) when samples 
were scaled in air at 700°C for 4 hr and because this 
is not in agreement with the present author’s pre- 
vious observations, the following experiment was 
recently carried out. 

Polished cylindrical samples 13/64 in. in diam and 
14 in. long from electrolytic iron used for spectro- 
graphic work (Hilger, H.S. Lron rods, F.693) and an 
Armco iron sample % in. in diam of the same length 
were suspended in a muffle furnace on Nichrome 
wire and annealed in air for 4 hr at 700°C +5°C. 
Because of the known easy peeling off of the Fe.O, 
layer which is mainly in the form of powder (purple 
red dust on the surface) the samples were protected 
against any draft and shock. After annealing, the 
samples were cooled in air and placed in the mount- 
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Fig. |1—Layers of Fe.O., Fe,O,, and FeO on elec- 
trolytic iron sample 


Fig. 3—Other position of sample in Fig. | show- 
ing the peeling off of Fe.O, 


Fig. 2—Layers of Fe.O,, Fe,O,, and FeO on 
Armco-iron sample. 


Fig. 4—Other position of sample in Fig. 2 
showing the peeling off of Fe O.. 


Figs. | to 4—Scales obtained by oxidation of electrolytic iron and Armco iron in air when heated for 4 hr at 700°C. 
4 pct picral etch. X500. Area reduced approximately 59 pct for reproduction. 


ing device and mounted in transparent lucite at 
150°C under a pressure of 5000 psi. The pressure 
was considered to be essential to retain the deposits 
of scales on the surface of the sample during the 
abrading on emery papers, i.e., to make them stick 
closer to the surface 

After careful abrasion with “no pressure” on 
emery papers and polishing on nylon with alumina, 
the samples were examined in unetched and etched 
(4 pet picral) conditions. The ratio of FeO, to Fe,O, 
(Figs. 1 and 2) appears to be greater than that 
shown by Paidassi in Fig. 10a. 

The examination of the edges of the samples along 
the circumference revealed distinct and character- 
istic variations in the thickness of the layers as shown 
in Figs. 3 and 4, the samples in these instances were 
additionally etched for 60 sec. This additional etch- 
ing did not change the appearance of the layer of 
scales. The ratio of all the three layers along the 
examined edges in all samples varies considerably. 

There were some other important features to be 
noted. In some places the layers of Fe.O, are ex- 
tremely thin or entirely missing in spite of careful 
handling of the samples because of spontaneous peel- 
ing off of the scales. In some positions on the samples 
blisters of Fe.O, are visible which evince that the 
low coherence of these scale particles is responsible 
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for the peeling off of this layer. Some pieces of Fe.O, 
scale are shown trapped by lucite, see Figs. 3 and 4. 

It is generally accepted’ that a layer of iron scales 
consists of 85 to 95 pet of FeO covered by Fe,O, layer 
constituting 10 to 15 pet and a layer of Fe.O, amount- 
ing to about 0.5 to 2 pet of the total thickness of the 
scales. It is of interest to note that this assumption 
is not in accordance with the observed features. The 
result of many measurements has indicated that the 
ratio of the thickness of particular layers in the scale 
crust is as follows: 


(Fe.O, + Fe,O,):FeO as 20:80 


where Fe.O,:Fe,O, is at least 1:1 and might be locally 
as much as 2:1 as evinced in these particular samples 

In showing such features illustrated in Figs. 1 to 4 
the purpose is to draw attention to the fact that the 
technique used in handling the microsamples can 
greatly influence the apparent thickness of the Fe.O, 
layer. 
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Mechanical Properties of High Purity Ti-Al Alloys 


Titanium with up to 7.5 pct Al forms single-phase « alloys that 
are work hardening, not heat treatable, and ductile as welded. The 


high aluminum y phase alloys are not usefully ductile, despite their 
low hardness, but they have excellent oxidation resistance and hot 


ITTLE has been published on the effect of alumi- 
num on the mechanical properties of titanium, 
despite the fact that two of the first four commer- 
cial alloys released by titanium alloy producers con- 
tained aluminum as an important alloying ingredi- 
ent. These were both a-f8 type alloys, one contain- 
ing 4 pet Al and 4 pet Mn and the other containing 
3 pet Al and 5 pet Cr. However, neither of these 
alloys reflects the true alloying nature of aluminum, 
since each contains important amounts of the £- 
stabilizing addition, manganese or chromium. 

In a previous publication on the constitution of 
Ti-Al alloys,’ the authors showed that aluminum 
had a high solubility in « titanium and was strongly 
« Stabilizing in nature. About 25 wt pct Al is solu- 
ble in a titanium at room temperature. With as little 
as 5 pet added aluminum, the a transus temperature 
is increased from 882° to 970°C, and the correspond- 
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hardness. 


ing 8 transus to 995°C. The first intermediate phase 
in the Ti-Al system is the ordered face-centered 
tetragonal TiAl phase, which extends from 34 to 46 
wt pet Al. 

The present paper presents hardness data over the 
entire titanium-rich region of the system, through 
the TiAl phase, and mechanical property data on 
the alloy range capable of being fabricated. 


Methods of Investigation 

The materials used and general preparation of 
alloys, as well as experimental techniques used in 
the investigation of Ti-Al alloys, have been ade- 
quately described.” Briefly, the preparation con- 
sisted of arc-melting the desired amount of high 
purity aluminum (99.99 pct purity) and iodide 
titanium (maximum hardness 100 Vickers, as de- 
posited) together on a water-cooled copper hearth 
under a partial pressure of argon. The resulting 
button ingot was of such form that it could be fab- 
ricated without further treatment. 

All work was done using ingots weighing 10 to 15 
g, which were hot-rolled to strip form whenever 
possible. Tensile samples were 3.25 in. long, 0.5 in. 
wide, and 0.040 in. thick, with a reduced section 1.25 
in. long by 0.250 in. wide. The gage length used 
was 1 in. Electrical strain gages mounted on the 
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tensile samples were used to obtain stress-strain 
curves, and data for flow curves were obtained by 
using dividers to measure the larger strains at each 
0.01 in. elongation. 

Modulus of elasticity values at elevated tempera- 
tures were obtained using the dynamic method de- 
scribed by Andrews." Samples used in this work 
were 3 in. long, 0.250 in. wide, and 0.040 in. thick. 
Subsequent to obtaining dynamic modulus values, 
the samples were machined into tensile specimens, 
and the modulus of elasticity was checked in ten- 
sion using both Tuckerman extensometers and elec- 
trical strain gages. 

Elevated temperature hardness measurements 
were obtained using an Amsler-Vickers hardness 
tester with a small resistance furnace mounted on 
the anvil and a diamond penetrator mounted in a 
heat-resistant steel chuck. A protective atmosphere 
of dried high purity argon was used to prevent 
oxidation of the specimens. Hardness impressions 
were taken at the desired temperatures, and meas- 
urements were subsequently made at room tem- 
perature. 


Fabrication and Annealing Characteristics 
All ingots were fabricated by hot rolling at 850°C. 
Since aluminum increases the temperature range of 
a-f8 transformation, this corresponded to fabrica- 


tion in the a field. The alloys with up to about 7.5 
pet Al could be rolled to satisfactory strip, although 
at the higher aluminum contents progressively more 
severe edge cracking of the strip was noticed. The 
alloys with more than 7.5 pet Al cracked badly 


Fig. 2—Etfect of tem- 
perature on the dy- 
namic elastic moduli 
\ of Ti-Al alloys. 
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when rolled at 850°C. At higher rolling tempera- 
tures, alloys containing from 8 to 16 pct Al rolled 
somewhat better than at 850°C, but even at rolling 
temperatures up to 1250 C, the fabricated sheet was 
unsuitable for testing. Based on fabrication charac- 
teristics alone, the usable range of Ti-Al alloys has 
been established as between 0 and 7.5 pet Al. 

Hot-rolling scale was removed mechanically by 
grinding on emery cloth. A thin layer of the base 
metal was also removed by grinding to eliminate 
any contamination caused by diffusion of nitrogen 
or oxygen during rolling. It was established by 
hardness-penetration measurements that the diffu- 
sion layer was less than 0.001 in. thick after the roll- 
ing operation. 

The annealing treatment chosen for these alloys 
was 3! hr at 850°C in vacuum, followed by furnace 
cooling. This treatment produced a completely re- 
crystallized a structure with a grain size between 
0.04 and 0.10 mm. All tensile properties were ob- 
tained on alloys annealed in this condition. 

Aluminum restricts the amount of cold work that 
can be given to titanium. Thus, although pure 


Fig. 3—Effect of alu- 
minum content on 
the Vickers hardness 
of titanium. 
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titanium can be cold-rolled without cracking to re- 
ductions greater than 95 pct and Ti-Al alloys with 
up to 3 pet Al to reductions greater than 80 pct, 
alloys containing 4 to 5 pet Al edge crack at 70 pet 
reduction, and the 7.5 pet Al alloy starts edge crack- 
ing at 30 pet reduction. Aluminum increases the re- 
crystallization and softening temperatures of tita- 
nium. By a series of 1 hr reheats on 40 pct cold- 
rolled metal, it was found that pure titanium 
softened and recrystallized at about 600°C, while a 
5 pet Al alloy softened and recrystallized at 800°C. 
Microscopic examination of Ti-Al alloys rolled at 
850°C and annealed 3'2 hr at the same temperature 
indicated that finer a grain sizes were obtained with 
the alloys of higher aluminum content. For these 
conditions of fabrication, the following approximate 
e« grain sizes were observed: Ti, 0.1 mm; 1 pct Al, 
0.075 mm; 4 pet Al, 0.05 mm; and 7.5 pct Al, 0.04 


Table |. Modulus of Elasticity Values for Ti-Al Alloys 
at Room Temperature 


Modelus of Elasticity, 10 Psi 
Electric- Tuckerman- 
Composition, Strain- Extenso- 
Pet Dynamic Gage meter 
(Balance Ti) Method Method Method 


Tension 
Method. 
Average 


100 
25 Al 
5 Al 
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mm. This effect most probably is caused by the 
increased recrystallization temperature promoted by 
aluminum, rather than by any intrinsic grain-re- 
fining action of aluminum. 


Mechanical Properties 

Tensile Properties: Tensile properties of the work- 
able alloys containing between 0 and 7.5 pct Al, as 
annealed 3% hr at 850°C, are shown in Fig. 1. 
Strength increases at a moderate rate up to 4 pct Al, 
at which point further aluminum additions have a 
considerably greater strengthening effect. The 
greatest increase in strength for 1 pct of aluminum 
added occurs between 4 and 5 pet. The ductility of 
the alloys remains quite high for alloys containing 
up through 7.5 pet Al, giving no indication of the 
poor hot-workability of alloys with the higher alu- 
minum content. 

Modulus of Elasticity: The modulus of elasticity 
values for several alloys are given in Table I. These 
were obtained using the dynamic and the tension 
methods. The results obtained using the dynamic 
method are slightly lower than obtained in tension, 
but both methods show that additions of aluminum 
increase the modulus of elasticity of titanium about 
200,000 psi for each percentage of aluminum added. 

The effect of temperature on the modulus of 
elasticity of Ti-Al alloys is shown in Fig. 2. These 
data were obtained using the dynamic method. The 
modulus values decrease linearly with increasing 
temperature at a rate of about 1x10" psi for each 
100 C rise in temperature. 

Hardness-Composition Data: The effect of alumi- 
num on the Vickers hardness of iodide titanium is 
shown in Fig. 3. Hardness increases rapidly with 
increasing aluminum content up to a peak at about 
26 pet Al, the terminal solubility of aluminum in a 
titanium. In the two-phase a-y region, the hardness 
drops linearly until the y phase is reached. The 
hardness of the y phase is quite low and remains 
fairly uniform throughout the composition limits 
of this phase. 

Anisotropy: When a Ti-Al alloys have been rolled 
and annealed at temperatures in the a field, the 
hardness of the rolled strip on the rolling plane is 
markedly higher than its hardness in planes per- 
pendicular to the rolling plane. This results from 
the preferred orientation of the hexagonal basal 
planes parallel to the rolling surface. For Ti-Al 
alloys rolled and annealed at 850°C, the hardness 
differential increases from essentially nil for pure 
titanium to 75 Vickers points for the 7.5 pct Al 
alloy, as shown in Fig. 4. Anisotropy effects are more 
pronounced when the alloys are cold-rolled and an- 
nealed. For example, a 2 pct Al alloy cold-rolled 
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and annealed at 850°C had a hardness differential 
of 97 Vickers points, compared with 38 Vickers 
points when rolled and annealed at 850°C. Because 
of these anisotropy effects, it is mandatory to specify 
the direction of hardness measurements and _ the 
prior treatment given to the alloy when considering 
the hardness of wrought Ti-Al alloys, or, for that 
matter, of any wrought titanium a alloy. 

There appears to be little or no anisotropy in an- 
nealed Ti-Al alloy sheet longitudinal or transverse 
to the direction of rolling. For cold-rolled sheet, the 
normal anisotropy found with one-phase alloys 
would be expected, however. 

Hardness-Strength Correlations: Correlation be- 
tween ultimate strength and cross-sectional Vickers 
hardness for Ti-Al alloys is the same as was found 


Fig. 5 — Correlation 
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of annealed Ti-Al > 
alloys. 3 Sunrace 
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Fig. 7—Flow curves (true stress vs true strain) for Ti-Al alloys an- 
nealed 3'2 hr at 850°C. 


previously for alloys of titanium with oxygen, nitro- 
gen, and carbon. The ultimate tensile strength is 
approximately equal to 400 times the Vickers hard- 
ness number. The surface hardness vs strength cor- 
relation is not a straight line, but is curved concave 
to the hardness axis, as shown in Fig. 5. 

Hot Hardness: The effect of temperature on the 
hardness of several Ti-Al alloys is shown in Fig. 6. 
As is characteristic of the elevated-temperature 
strength properties of titanium alloys, there is no 
initial plateau in hardness. Starting from room 
temperature, hardness decreases linearly with in- 
creasing temperature up to 600°C, above which a 
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“ureater hardness decrease occurs with increasing 
temperature. 

Flow Properties: The flow curves of Ti-Al alloys 
rolled and annealed at 850°C are given in Fig. 7. 
The flow constants, corresponding to the equation, 
o Ad", are given in Table II. The strain coeffi- 
cient, A, which gives an indication of the magnitude 
of the strengthening effect in the cold-rolled condi- 
tion, remains about the same as the aluminum con- 
tent is increased from 0 to 4 pet. For alloys contain- 
ing more than 4 pct Al, the A values increase rapidly 
with increasing aluminum content, illustrating the 
effectiveness of aluminum in quantities over 4 pct. 
In general, the n values decrease as the aluminum 
content -is increased. Strain hardening, which is 
directly measured by n as the percentage increase 


Table |! Flow Equation Constants for Ti-Al Alloys 
Strain at 
Strain Strain Maximum 
Coefficient, Exponent, Load, im, 
Compesition A, Psi n In. per In. 
84.000 0.25 0.30 
1 Al 86,000 0.19 0.24 
2 Al 78,000 0.12 0.16 
t+ Al 84.000 0.11 0.07 
4 Al 87,000 0.11 0.08 
5 Al 96,000 0.07 0.06 
6 Al 112,000 0.09 0.07 
a5 Al 114,000 0.07 0.06 
129,000 0.07 0.14 


in flow stress per percentage increase in strain, de- 
creases with increasing aluminum content. 

Uniform elongation in tension is recorded in Table 
II as the observed strain at maximum load. Where 
the flow equation applies, this is also equal to n for 
annealed materials. Uniform elongation decreases 
with increasing aluminum content and is reasonably 
close to n up to 6.5 pet Al. It appears to increase 
again at 7.5 pet Al, despite the fact that n remains 
low. This may be caused by a greater sensitivity of 
this alloy to the biaxial state of stress or to strain 
rate after necking occurs. 

The effect of cold work on the yield strength can 
be calculated from the flow-curve data using the re- 
lationship, 6 Ir L/L, In 1/1—R, where R is the 
fraction reduction in cold working. These data are 
shown in Fig. 8 and illustrate further how aluminum 
in solid solution decreases strain hardening of tita- 
nium. A comparison of these curves with those pre- 
viously obtained for alloys of carbon, oxygen, and 
nitrogen’ indicates that the work-hardening charac- 
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teristics of Ti-Al alloys are very similar to those of 
the alloys of titanium with carbon, oxygen, and 
nitrogen. 

y Phase Alloys: All attempts at fabricating alloys 
within the composition limits of the y phase were 
unsuccessful even though this phase has a rela- 
tively low hardness, as shown in Fig. 3. The y alloys 
were brittle at room temperature, except when de- 
formed by slow compression. They could not be 
forged or rolled at any temperature up to 1250°C, 
the highest temperature used in fabricating at- 
tempts. These alloys have excellent retention of 
hardness at elevated temperature. Hot hardness 
tests conducted at temperatures up to 800°C showed 
that they maintained a hardness of 200 Vickers up 
to 500°C without any drop at all, and then de- 
creased slowly to 130 Vickers at 800°C. 

In order to obtain information on the mechanical 
properties of the y phase, slow compression tests 
were used to determine the modulus of elasticity, 
compressive yield strength of the y phase at room 
temperature, and some idea of the deformability of 
these alloys. The test was conducted at a strain rate 
of 0.015 per min, and was continued until a total re- 
duction of 8 pet was reached. At this point, there 
were only a few small secondary tensile cracks in 
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the specimen. The results are shown in Table III. 
The high modulus of elasticity is particularly note- 
worthy. The yield strength is about the magnitude 
that would be expected from the hardness of y al- 
loys. 
Effects of Heat Treatment 

The work on the constitution of Ti-Al alloys’ 
showed that the two-phase a-f field was relatively 
narrow, and it extended to higher temperatures as 
the aluminum content increased. The 8 phase can 
not be retained on quenching, and transforms mar- 
tensitically to a. However, quenching from the £ 
field would not be expected to produce drastic 
hardening effects, because the solubility of alumi- 
num in e titanium is greater than that in 8. Also, 
because the terminal a solubility is so much higher 
than the aluminum contents in the workable alloy 
range, age-hardening effects would not be expected, 
either. These probabilities were borne out by ex- 
periment. 

Fig. 9 shows the Vickers hardness of Ti-Al alloys 


Table Ill. Mechanical Properties of a Ti-37 Pct Al Alloy Tested in 
Compression. Initial Condition: As-Melted 


Modulus of elasticity, psi 20,500,000 
Proportional limit, psi 23,000 
0.2 pet offset vield strength, psi 58,000 


Deformation without cracking At least 8 pct 
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rolled and annealed at 850°C and also of the same 
alloys heated for ‘42 hr in the £ field and water 
quenched. The hardness of the 8-quenched alloys, 
which are isotropic, is bracketed by the surface and 
cross-section hardness in the original a worked- 
and-annealed condition. Clearly there was no hard- 
ness increase involved in the martensitic transfor- 
mation resulting from quenching from the 8 field. 
Subsequent aging for long periods of time from 
300° to 600°C in the a field after 8 quenching does 
not increase hardness by either an aging or trans- 
formation mechanism. 

The only effective heat treatment of a Ti-Al alloys 
is the removal of strain hardening by annealing. 
Annealing characteristics of these alloys were de- 
scribed earlier. 

Weldability 

The causes for the brittle welds observed in tita- 
nium alloys, chiefly of the a-8 type, are undoubtedly 
complex, and are probably the combined result of 
many factors such as freezing segregation and £- 
phase transformation. However, like unalloyed 
titanium, the single-phase Ti-Al a alloys have no 
heat treating effects and freeze over a narrow range, 
and would appear to have good potentialities for be- 
ing ductile in the welded condition. Some explora- 
tory are welds made on these alloys showed this to 
be the case. 

A series of annealed binary Ti-Al alloys in 0.040 
in. sheet form, were arc-welded with the direction 
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of the weld in the rolling direction of the sheet. 
Welding was done in a helium atmosphere chamber 
using a de tungsten-electrode arc. The conditions of 
welding the alloys were identical with those for 
welding unalloyed titanium and need not be gone 
into in detail here. Bend tests were conducted on 
the welds with the weld line perpendicular to the 
bending axis. This may be termed a longitudinal 
bend test on the weld, because the bending stresses 
set up in the weld are in line with the weld itself. 
Results of these tests are summarized in Table IV. 
It is apparent that the bend ductility of the weld 
metal and heat-affected zone is at least as good as 
the bend ductility of the original equiaxed a base 
metal. 
Density 

One of the prime advantages of using aluminum 
as an alloying addition to titanium is that it de- 
creases the density of an already light metal. Un- 
fortunately, only a _ relatively small amount of 
aluminum can be added while maintaining a ductile 
alloy. Of particular interest is the effect of alumi- 
num on the density of alloys in the usable alloy 
range (0 to 7.5 pct Al). Fig. 10 shows the measured 
densities for these alloys and, also, the densities 
calculated from the lattice parameters of the a 
phase. The density is decreased significantly with 
increasing aluminum content at the rate of about 
0.02 g per cu cm for each 1 pct Al added. The meas- 
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ured densities and the densities calculated from lat- 
tice parameters are fairly close, the measured densi- 
ties being slightly higher than the calculated den- 
sities. 

The density of a y phase alloy (Ti-37 pet Al) was 
found by weight displacement in water to be 3.80 g 
per cu cm. This corresponds very well with the 
density calculated from the lattice parameter of the 
stoichiometric composition TiAl. The calculated 
value was 3.80, g per cu cm. 


Air Oxidation 

In the workable a alloy range, up to 8 pct Al, 
there is a moderate improvement in the oxidation 
resistance of titanium confirmed by aluminum. 
Strip specimens were exposed to still air for 24 hr 
at 850°C. Fig. 11 shows the results that were ob- 
tained.* The oxidation rate of titanium is lowered 

* The hardness-penetration curve for unalloyed titanium corre- 
sponds to 36 hr at 850°C 
by about 40 pet by 8 pct Al. The improvement in 
oxidation rate by aluminum is not marked until 
over 4 pet Al is present, Contamination, as meas- 
ured by hardness penetration into the metal, is not 
significantly affected by aluminum. The curves in 
the lower part of Fig. 11 show that the increase in 
hardness over the original decreases to negligible 
values at about the same depth, and, also, that the 
surface hardnesses are high. There may be some 
significance to the indication that the surface hard- 
ness for the 2 pet Al alloy is higher and those for the 
5 and 8 pct Al alloys are lower than the surface 
hardness of unalloyed titanium after oxidation. 

The y phase alloys have markedly superior oxida- 


Table 1V. Minimum Bend Radii of Arc-Welded Ti-Al Alloys 


Composition, Pet Minimum Bend Radii, T* 


Balance Ti Weld Zone Base Metal 

0 0 0 

1 Al 0 0 

2 Al 1.3 1.3 
2.5Al 0 16 
3 Al 0 1.5 
5 Al 16 12 
6.5Al 09 13 


* Minimum bend radius is given in terms of thickness of the sheet 
tested (T value = MBR/thickness of sheet) for a bend through an 
occluded angle of 75° 
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tion resistance to unalloyed titanium. Still air oxi- 
dation tests were conducted on block samples of un- 
alloyed titanium and 37 pect Al alloy, roughly 
‘wx%yx'e2 in. in dimensions, for 36 hr at 850°C and 
24 hr at 1050°C. Oxidation rates and hardness- 
penetration curves under these conditions are shown 
in Fig. 12. These data show that besides undergoing 
much less oxidation, the y alloys are not hardened 
by oxygen diffusion into the metal. 


Discussion 


It is surprising to find so small a portion of the 
« Ti-Al field amenable to fabrication. In this re- 
spect, the a Ti-Al alloys bear some resemblances to 
the a Ti-O and Ti-N alloys. The limited workable 
portions of the a field found in these alloy systems 
are readily understandable, however, because oxy- 
gen and nitrogen dissolve interstitially in titanium. 
Aluminum, which is a substitutional solute in ti- 
tanium, does not suffer this delimitation. X-ray 
diffraction measurements clearly show changing lat- 
tice constants over the entire field, with no evidence 
of ordering taking place. An associated fact, which 
may have some as yet unrecognized bearing on the 
situation, is that all three solutes increase the 
c/a ratio of the hexagonal close-packed lattice.” * 
Furthermore, when this ratio approaches 1.604, the 
Ti-Al alloys are no longer sufficiently ductile to be 
fabricated by hot working. This limiting ratio occurs 
at about 8 pet Al. In this research, the upper limit 
of aluminum content that was fabricable was found 
to be 7.5 pet. In other work, not published, the 
upper limit of fabricability for binary alloys was 
0.7 pet N and 1 pet O. Although data are not avail- 
able on the c/a ratio of Ti-O and Ti-N alloys at 
these contents, it is possible that there is a limiting 
c/a ratio of about the same magnitude reached at 
about the fabricable limit of these alloys. 

The y phase alloys have some extremely desirable 
properties, which suggest possible applications as a 
high temperature material. These are its high modu- 
lus of elasticity, its low density, its retention of 
hardness to high temperature, and its good oxidation 
resistance. These alloys are limited by their brittle- 
ness and inability to be deformed by means other 
than slow compression. 
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The good ductility demonstrated for arc-welded 
Ti-Al « alloys suggests a solution to the problem of 
the poor weldability reported for titanium alloys. 
The suggested solution is nonheat-treatable a alloys 
with a narrow freezing range. The results obtained 
in this work indicate that the ductility of such 
alloys in the welded condition is equivalent to that 
of the annealed wrought material. 


Summary 

The mechanical properties of high purity binary 
Ti-Al alloys have been determined using small melts 
made under contamination-free conditions. The data 
obtained may be summarized as follows: 

1—The workable range of Ti-Al binary alloys lies 
between 0 and 7.5 pet Al. Alloys containing higher 
than 7.5 pet are not amenable to fabrication. The y 
alloys, around 37 pet, are soft, but have only limited 
workability. 

2—Small additions (up to 3 pet) of aluminum to 
titanium have a moderate beneficial effect of the 
properties of titanium. Additions of 4 pct Al or 
more cause a larger increase in strength. The maxi- 
mum increase in strength for 1 pet Al added occurs 
between 4 and 5 pct Al. Ductility remains high 
over the entire fabricable range. 

3—Aluminum was found to decrease the density 
and increase the modulus of elasticity of titanium 
about 200,000 psi per pect Al. The increase continues 
with increasing aluminum content such that the 
modulus of y alloy was found to be remarkably high, 
around 21 million psi. 

4—Elevated-temperature hardness and modulus 
of elasticity determinations are presented which 
show how the hardness and modulus decrease at 
elevated temperatures. The y alloys were found to 
maintain hardness at elevated temperature much 
better than the a alloys. 

5—The results of heat treatment studies have 
shown that the fabricable alloys (0 to 7.5 pet Al) 
are single-phase a alloys which are not heat treat- 
able by 8 quenching or subsequent aging. 

6—Flow properties obtained by true stress-strain 
analysis have shown that the alloys are strain 
hardening to a considerable extent, but at a lower 
rate than is unalloyed titanium. 

7—The workable a alloys were found to be ductile 
in the welded condition. 
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IOR work on the Zr-Cu phase diagram by Alli- 

bone and Sykes,’ Pogodin, Shumova, and Kugu- 
cheva, and Raub and Engel’ was confined largely to 
copper-rich alloys. The investigations of Raub and 
Engel were the most recent and seemingly the most 
complete of these. Alloys from 0 to 68.3 pet Zr were 
studied principally by thermal analysis and micro- 
scopic examination. These authors reported an in- 
termetallic compound ZrCu, (1116 C melting point) 
and two eutectics, one at 86.3 pet Cu (977°C 
mp) and the other at 49 pet Cu (877 C mp). The 
solubility of zirconium in copper was reported to be 
less than 0.1 pet at 940 C. 

The zirconium melting stock consisted of Westing- 
house “Grade 3” iodide crystal bar (nominally 99.8 
pet pure). It was treated by sand blasting and pickl- 
ing (HF-HNO, solution) to remove the surface film 
of corrosion product, resulting from grade designa- 
tion tests. The crystal bar was cold rolled to strip, 
lightly pickled again, and cut into pieces approxi- 
mately 1/32 in. thick and '4 in. square. These were 
cleaned in acetone, dried, and stored for charging. 

The high-purity copper (spectrographic grade) 
was supplied by the American Smelting and Re- 
fining Co. with a nominal purity of 99.99 pct. These 
copper rods were rolled to strip, cut into squares the 
same size as the zirconium platelets, cleaned in ace- 
tone, dried, and stored. 


Equipment and Procedures 

The equipment used for melting and annealing the 
zirconium binary alloys and for the determination 
of solidus curves has been described in connection 
with previous work on the Ti-Si system’ and in 
recent papers in this series describing the studies on 
eight binary zirconium systems. Techniques em- 
ployed for preparing and processing the alloys were 
also similar to those used in the above references. 

Ingots of 20 g were melted under a _ protective 
atmosphere of helium on water-cooled copper blocks 
in a nonconsumable electrode (tungsten) are fur- 
nace. The ingots were homogenized and cold- 
worked prior to isothermal annealing to aid in the 
attainment of equilibrium. The specimens were 
heat-treated in Vycor bulbs sealed in vacuo or under 
argon, depending on the temperature of the anneal. 
Quenching was accomplished by breaking the 
Vycor bulbs under cold water. Temperature con- 
trol was within +3°C of reported temperatures. 

Thermal analysis was primarily relied on to de- 
termine eutectic levels, peritectic levels, and com- 
pound melting points. The induction furnace incipi- 
ent melting technique was also used but did not 
provide the accuracy obtained by thermal analysis 
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in this system, which involves much lower solidus 
temperatures than the other zirconium systems. A 
special technique for the determination of charac- 
teristic temperatures was employed in the case of 
several intermediate phases and their eutectics 
which displayed very small differences in melting 
temperatures. Specimens were sealed in Vycor bulbs 
and annealed at a series of very accurately con- 
trolled temperatures. Metallographic examination 
was then employed to reveal incipient melting. 
Furnaces and techniques in general were described 
previously.’ The echant used was 20 pct HF plus 
20 pet HNO, in glycerine unless otherwise stated. 


Results and Discussion 

The chemical analyses of the majority of alloys 
prepared for the determination of phase relation- 
ships in this system are given in Table I and a brief 
summary of the equilibrium anneals employed is 
given in Table II. In a preliminary program, alloys 
containing 1, 4, and 7 pet Cu were annealed for three 
different times at each of the temperatures 700°, 
800 , and 900°C. No change in the relative amounts 
of phases present was detected after 350, 150, and 
75 hr at the above temperatures, respectively. The 
times listed in Table II were accordingly chosen as a 
result of these preliminary tests. 

Zirconium-rich alloys containing from 0.1 to 10 
pet Cu were reduced by cold pressing from 58 to 8 
pet, depending upon the alloy content, homogenized 
for 7 hr at 900 C, and then reduced 80 to 13 pet by 
cold rolling, again depending upon copper content. 
Other alloys were studied in the cast, or cast and an- 
nealed conditions. 

The contracted scope of investigation for this 
system included the range 0 to 50 atomic pet Cu. 
This approximate region is shown in Fig. 1. Due to 
evidence of phase relationships departing consider- 
ably from those proposed by Raub and Engel" in the 
50 to 100 atomic pet range, the investigation was 
extended to cover this composition area rather 
thoroughly also. Fig, 2 is a drawing of the entire 
diagram. The labeling of some phase fields was 
omitted in Fig. 2 for the sake of clarity. An ex- 
panded view of the zirconium-rich region, with the 
experimental points necessary for its construction, 
is given in Fig. 3. The generally accepted value of 
Vogel and Tonn’ for the allotropic transformation 
a = B, 862° +5°C, was employed in the construction 
of these diagrams. A careful study revealed that the 
“Grade 3” crystal bar used in this investigation 
actually transforms over the approximate range 
850° to 870°C, due to impurities. It must be ex- 
pected that this two-phase field in unalloyed zir- 
conium will cause some departures from binary 
ideality in the very dilute alloys. 

Zirconium-rich Alloys: The a = 8 transformation 
temperature is decreased from 862° to about 822°C 
by increasing amounts of copper. Thus, a eutectoid 
reaction, 8 = a + Zr,.Cu, occurs at a composition of 
about 1.6 pet Cu. The eutectoid level was determined 
to lie between the alloy series annealed at 815° and 
830°C. The placement of this eutectoid temperature 
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Fig. 1—Partial diagram of the Zr-Cu system. 


was based principally on the structures of hypereu- 
tectoid alloys. The hypereutectoid alloys in the B + 
Zr,Cu region displayed partial eutectoid decomposi- 
tion during water quenching. This phenomenon is 
indicated in Fig. 4, a 3.2 pet Cu alloy quenched 
from 830°C, in which decomposition, probably nu- 
cleated by proeutectoid Zr,Cu crystals, is seen to 
progress out from the original 8 grain boundaries. 
At 815°C, Fig. 5, the structure consists of particles 
of Zr,Cu in a matrix of isothermal a. Therefore, at 
the annealing temperatures of 830° and 815°C, the 


Table |. Analyses of Zr-Cu Alloys 


Alley Ne Cu, Wt Pet Alloy N 


0.1-363 0.09 
02-364 0.18 
0.5-365 
0.4-366 O44 
0.5-270 047 
* 06-367 0.63 
08-369 0.78 


Sr 


SUMS 
a 


*Analvzed for Zr; Cu by difference 
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Fig. 2—The Zr-Cu system. 


specimens were 8 + Zr,Cu and a + Zr,Cu, respec- 
tively. Partial eutectoid decomposition was also 
noted in other hypereutectoid alloys quenched from 
above 822°C. 

The convergence of the £ solid-solution field 
toward the eutectoid composition, 1.6 pct Cu, is 
illustrated by Figs. 6 through 8, of alloys containing 
1.05, 1.8, and 3.2 pet Cu, respectively, annealed at 
850°C. Structures containing a + £, B, and ps 4 
Zr.Cu are evident. 

The uppermost experimental placement (980°C) 
of the 8/8 4+ Zr.Cu phase boundary is illustrated in 
Figs. 9 and 10. The extrapolation of this boundary 
to the eutectic temperature, 995°C, indicates a max- 
imum copper solubility in 8 zirconium of about 3.8 
pet. 

The maximum solubility of copper in a zirconium 
is demonstrated by Figs. 11 and 12, showing alloys 
annealed at 830°C. The former, a 0.09 pet Cu al- 
loy, consists almost entirely of a solid solution. The 
latter, a 0.18 pet Cu alloy, contains a + £. 

Within a restricted region near the eutectoid, 
anomalous three-phase structures, stemming from 
the transformation range in unalloyed zirconium, 
were sometimes observed. The departure from true 


Table 11. Schedule of Annealing Treatments for Zr-Cu Alloys 


Annealing Annealing 
Temperature, 


oc 


Alleys,* 


980 
950 
900 
850 
830 
815 
800 
750 
700 
650 
600 


* Alloys were pretreated before annealing as described in the 
text. Control samples of unalloyed zirconium were included with 
each annealing treatment 
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Fig. 3—Expanded diagram of the zirconium-rich region of the 
Zr-Cu system 


binary equilibrium in this region did not seriously 
affect the placement of the eutectoid composition 
and temperature. 

Intermediate Phases: Surveying the system in the 
direction of increasing copper content, the structure 
in Fig. 9 is that of an alloy with 3.2 pet Cu. The 
structure represents § solid solution, transformed 
to acicular a during the quench. Fig. 13, an alloy 
with 10.3 pet Cu, shows primary £ dendrites plus 
eutectic. At 20.9 pet Cu, the structure consists of 
100 pet of the eutectic B-Zr.Cu; this is depicted in 
Fig. 14. The intermediate phase Zr.Cu corresponds 
to a theoretical composition of 25.83 pet Cu. The 
alloy which most nearly approaches a single-phase 
structure analyzed 26.9 pet Cu. Fig. 15 represents 
this alloy. X-ray diffraction studies indicated the 
structure of this alloy to be face-centered tetragonal, 
with the following lattice constants: c 3.716A, 
a 4.536A, and c/a 0.819. The pattern of this 
phase is summarized in Table III. 

Between Zr.Cu and the next intermediate phase, 
there exists a eutectic. Fig. 16 shows this eutectic 
in a 37.0 pet Cu alloy. Above 37 pet Cu, primary 
crystals of the new phase increase in amount until, 
at 41.2 pet Cu, a nearly single-phase structure is ob- 
Fig. 4 (left) —3.18 pct Cu alloy, quenched after 
annealing 100 hr at 830°C. Proeutectoid Zr.Cu in i. 
matrix of transformed 3. Quenched from above R 
the eutectoid temperature. X500. Area reduced 
approximately 40 pct for reproduction. 


Fig. 5 (right) —3.18 pct Cu alloy, quenched after 
annealing 100 hr at 815°C. Two sizes of Zr.Cu 
crystals in a matrix of isothermal a. Quenched 
from below the eutectoid temperature. X500. 
Area reduced approximately 40 pct for reproduc- 
tion. 
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Table X-Ray Diffraction Pattern of Zr Cu 


Ob- d, d, 
served hkl Observed Calculated 


it 


456 

386 
m 131 336 1.338 
w 222 215 1.214 
113 155 1.156 
vvit 400 134 1.134 
vit 331 1.028 1.027 
vit 240 1.014 1014 
vit 1.001 
vw 402 0.9665 0.9680 
w 133 0.9378 0.9375 
vit 004 0.9136 0.9240 
w 242 0.8910 0.8903 
vw 151,204 0.8649 0.8651 


* Alloy composition is 27 pet € 
tragonal with « 3.716A, a 4.536A, ca 0 

+ Intensities: ms, medium strong; m, medium; wm, weak me 
dium; w, weak; vw, very weak; ft, faint; vft, very faint; and vvft, 


very very faint 


‘u. Structure is face-centered te 
536A 19 


tained, Fig. 17. The most probable formula for this 
intermediate phase is ZrCu (41.06 pet Cu). A pro- 
nounced acicularity within the primary ZrCu crys- 
tals may indicate a transformation or reaction In- 
volving this phase in the solid state. Debye- 
Scherrer X-ray photograms of the 41.2 pet Cu alloy 
in the as-cast condition and as annealed at 900° and 
700 C, revealed such complicated patterns that no 
attempts were made to index the structures for the 
present work. 

The next eutectic occurs at 47.6 pet Cu, shown in 
Fig. 18. The participating phases are ZrCu and an 
intermediate phase still richer in copper, Nearly 
100 pet of this phase is obtained in the cast struc- 
ture of a 50.2 pet Cu alloy, Fig. 19. The formula 
Zr.Cu, (theoretically 51.09 pet Cu) was assigned to 
this phase. X-ray powder patterns of the 50.2 pet 
Cu alloy in both as-cast and annealed conditions re- 
vealed lines too numerous to index within the scope 
of this program. 

An alloy containing 52.4 pet Cu, Fig. 20, repre- 
sents the eutectic between Zr.Cu, and a new inter- 
mediate phase. Between 52.4 and 60.2 pet Cu, pri- 
mary crystals of this new phase increase in relative 
amount. Fig. 21 shows a 60.2 pet Cu alloy, consist- 
ing of primary compound crystals plus eutectic. In 
an alloy of 62.5 pet Cu, Fig. 22, a new type of 
primary crystal (hexagonal habit) appears and is 
surrounded by a rim of the phase which was pri- 
mary in the 60.2 pct Cu alloy. Thus, a peritectic re- 
action takes place between the melt at about 61 pct 
Cu and primary hexagonal type crystals to form a 
peritectic phase. Fig. 23 shows the 62.5 pct Cu al- 
loy after annealing . The peritectic reaction has pro- 
ceeded considerably, but not to completion, since 


» a 
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Fig. 8 (left)—3.2 pct Cu alloy, quenched after 
annealing 100 hr at 850°C. Proeutectoid Zr.Cu in 
transformed matrix. Annealed in 6 Zr.Cu 
field. X250. Area reduced approximately 40 pct 
for reproduction 


Fig. 9 (right) —3.2 pct Cu alloy, quenched after 
annealing 25 hr at 980°C. Single phase, decom- 
posed . X250. Area reduced approximately 40 
pct for reproduction. 


Fig. 12 (left) —0.18 pct Cu alloy, quenched after 
annealing 100 hr at 830°C. Isothermal a plus 
small amount of transformed at the grain 
boundaries. X250. Area reduced approximately 
40 pct for reproduction. 


Fig. 13 (right)—9.5 pct Cu alloy, as-cast. Primary 
dendrites of solid solution in a matrix of 
eutectic, Zr-Zr.Cu. 6 phase of the maximum 
copper content has apparently not decomposed 
on are casting. X500. Area reduced approxi- 
mately 40 pct for reproduction. 
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Fig. 6 (left)—1.05 pct Cu alloy, quenched after 
annealing 100 hr at 850°C. Isothermal « plus 
transformed 3. Annealed in the a + 3 field. 
X250. Area reduced approximately 40 pct for 
reproduction. 


Fig. 7 (right)—1.8 pct Cu alloy, quenched after 
annealing 100 hr at 850°C. Single phase, trans- 
formed 3. X250. Area reduced approximately 40 
pct for reproduction. 


ames 


Fig. 10 (left)—3.8 pct Cu alloy, quenched after 
annealing 25 hr at 980°C. Zr.Cu plus decomposed 
6. X250. Area reduced approximately 40 pct for 
reproduction. 


Fig. 11 (right) —0.09 pct Cu alloy, quenched after 
annealing 100 hr at 830°C. Nearly single-phase 
a, tepresenting maximum solubility of copper in 
a, X500. Area reduced approximately 40 pct 


Fig. 14 (left) —209 pct Cu alloy, as-cast. Very 
tine Zr-Zr.Cu eutectic. X750. Area reduced ap- 
proximately 40 pct for reproduction. 


Fig. 15 (right) —26.9 pct Cu alloy, as-cast. Nearly 
100 pct of the intermediate phase Zr. Cu. X100. 
Area reduced approximately 40 pct for reproduc- 
tion. 
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Fig. 16 (left)—37.0 pct Cu alloy, as-cast. Inti- 
mate phase mixture representing the structure of 
the eutectic Zr.Cu-ZrCu. X750. Area reduced 
approximately 40 pct for reproduction. 


Fig. 17 (right)—41.1 pct Cu alloy, as-cast. Vir- 
tually 100 pct primary crystals of the intermediate 
phase ZrCu. Acicularity within the crystals is 
probably evidence that this phase undergoes a 
transformation in the solid state. Unetched, polar- 
ized light. X75. Area reduced approximately 40 
pct for reproduction. 


eutectic structure Zr.Cu,-Zr.Cu.. X500. Area re- 
duced approximately 40 pct for reproduction. 


Fig. 21 (right) —60.2 pct Cu alloy, as-cast. Pri- hal. 
mary crystals of Zr.Cu, in a matrix of the de- 


reduced approximately 40 pct for reproduction. 


Fig. 22 (left)—62.5 pct Cu alloy, as-cast. A 
three-phase structure giving evidence of the peri- 
tectic reaction: ZrCu, + melt — Zr.Cu.. Pri- 
maries of ZrCu, surrounded by serrated peritectic 
walls of Zr.Cu, in a matrix of degenerated 
Zr.Cu,-Zr.Cu, eutectic. X250. Area reduced 
approximately 40 pct for reproduction. 


Fig. 23 (right) —62.5 pct Cu alloy, quenched after 
annealing 350 hr at 700°C. As compared to Fig. 
22, annealing has caused the peritectically formed 
Zr.Cu. to grow at the expense of the primary 
ZrCu, crystals. X200. Area reduced approxi- 
mately 40 pct for reproduction. 


Fig. 24 (left) —71.5 pct Cu alloy, as-cast. Virtually 
100 pct of the intermediate phase ZrCu,. Un- 
etched. X250. Area reduced approximately 40 
pct for reproduction. 


Fig. 25 (right) —91.1 pct Cu alloy, as-cast. Struc- 
ture of the eutectic ZrCu,-Cu. X750. Area re- 
duced approximately 40 pct for reproduction. 
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Table 1V. Melting Range Determinations for the Zr-Cu System 


Bulb Anneats 


Thermal Melting No Melt- 
we Analysis Ob- ing, 
Alley PetCa Arrests, °C served, °C 
XZC 10-790 10.1 1505, 990 
XZC 21-730 21.1 
XZC 27-736 27.3 1000 
YZC 27-342 269 1006+ 
ZC 27-342 26.9 1006 994 
XZC 37-735 36.7 935 
YZC 37-344 37.0 930+ 
ZC 37-344 37.0 930 925 
XZC 41-754 41.3 935 
ZC 41-348 41.1 940 930 
XZC 47-750 47.0 890 
XZC 50-732 49.8 895 
XZC 55-731 53.3 885 
XZC 65-747 64.7 1072, 885 
XZC 71-748 716 1100 
YZC 71-579 716 1121¢ 
XZC 90-749 89.5 965 


* Isothermal anneals of specimens sealed in Vycor bulbs and held 
in tube furnaces 
t Vacuum induction furnace incipient melting data 


resorption of the hexagonal habit crystals is not 
complete. The peritectic phase is tentatively as- 
signed the formula Zr.Cu, (63.52 pet Cu), although 
it might alternatively be ZrCu, (67.63 pct Cu). 

The next single-phase alloy with an open maxi- 
mum, Fig. 24, contains 71.5 pet Cu. This is the cop- 
per-rich intermediate phase which has been called 
ZrCu, (67.63 pet Cu) by previous investigators. 
This designation is tentatively adopted, although in 
the present work single-phase alloys persist at com- 
positions closer to the theoretical formula ZrCu, 
(73.59 pet Cu). Limited attempts to index the X- 
ray diffraction patterns obtained from as-cast and 
annealed (900°C) samples of the 71.5 pet Cu alloy 
were unsuccessful. 

An alloy containing 91.1 pet Cu, Fig. 25, depicts 
the eutectic between ZrCu, and the copper solid 
solution. No alloys were made to study the limited 
solid solubility of zirconium in copper. This has 
been rather thoroughly treated in the literature.’ * 

Melting Point Determinations: As discussed ear- 
lier, the determination of characteristic tempera- 
tures in the Zr-Cu system required somewhat dif- 
ferent techniques than those employed for other 
zirconium binary systems, because of, 1—the gen- 
erally lower solidus, eutectic and peritectic levels, 
and 2—the very slight differences in certain adja- 
cent characteristic temperatures. Table IV sum- 
marizes the melting data for this system. Tempera- 
ture values shown on the diagrams are thermal 
analysis or bulb annealing figures and were chosen 
on the basis of the best reproducible checks. 

Discussion of the Literature: There is general 
agreement between the present authors and Raub 
and Engel" on the nature of the system between 
ZrCu, and copper. Melting points of the intermedi- 
ate phase ZrCu, and the eutectic ZrCu,-Cu compare 
favorably, but the compositions are displaced 
slightly to higher copper contents in the present 
work. 

In the area on the zirconium side of ZrCu,, Raub 
and Engel reported only a eutectic between ZrCu, 
and an unidentified zirconium-rich phase. The pres- 
ent investigation has shown the existence of three 
intermediate phases, ZrCu, Zr.Cu, and Zr.Cu, (7), 
the last being peritectically formed, and three eutec- 
tics in this same region. 

It is believed that any investigation based pri- 
marily on thermal analysis of these alloys might 
well fail to find the several structural features be- 
cause of the previously mentioned close similarity 
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of characteristic temperatures in this alloy range. 
An intensive microscopic investigation of cast and 
heat-treated alloy structures is necessary. 


Summary 

The Zr-Cu phase diagram has the following fea- 
tures: 

1—The maximum solubility of copper in £8 zir- 
conium is 3.8 pct at the eutectic temperature. The 
solubility of copper in a@ zirconium is less than 0.18 
pet at all temperatures. A eutectoid reaction occurs 
at 1.6 pct copper and 822° + 10°C. 

2—A eutectic exists at 21 pet Cu and 995 
between zirconium and Zr.Cu (25.83 pet Cu). 

3—An intermediate phase is formed at about 27 
pet Cu and 1000° + 10°C which probably corre- 
sponds to the formula Zr,Cu (25.83 pct Cu). 

4—A eutectic occurs at 37 pet Cu and 928 
between Zr.Cu and ZrCu (41.06 pct Cu). 

5—An intermetallic compound forms at 41 pet Cu 
and 935° + 10°C, corresponding to the formula 
ZrCu (41.06 pet Cu). 

6—A eutectic between ZrCu and Zr.Cu, (51.09 pet 
Cu) exists at 47 pct Cu and 890° + 10°C. 

7—An intermetallic compound forms at 50 pet Cu 
and 895° + 10°C, corresponding to the formula 
Zr.Cu, (51.09 pet Cu). 

8—A eutectic between Zr.Cu, and Zr.Cu, (tenta- 
tive; 63.52 pet Cu) occurs at 53 pet Cu and 885° 
wc. 

9—The intermediate phase designated Zr.Cu, is 
formed peritectically by a reaction between the 
melt containing 61 pct Cu and ZrCu, (tentative; 
67.63 pet Cu), at 1070° + 10°C. 

10—-An intermediate phase exists at about 71.5 
pet Cu and melts with an open maximum at 1100 
+ 10°C. The formula ZrCu, (67.63 pet Cu) has been 
tentatively accepted for this phase on a basis of pre- 
vious literature. 

11—A eutectic between ZrCu, and copper exists 
at 91 pet Cu and 965° + 10°C. 

12—The solubility of zirconium in copper is very 
limited. Previous investigators, although in dis- 
agreement on exact values, agree that the solubility 
is less than 1 pet Zr. 


+ 10°C 


wes 
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TRANSACTIONS AIME 


On the basis of metallographic analysis, incipient melting data, 


thermal analysis work, and X-ray diffraction, phase relationships 
in the 0 to 50 atomic pct Cr region were carefully resolved. Phase 
relationships in the 50 to 100 atomic pct region were outlined. A 
single intermediate phase, ZrCr., was established in the system. 
A eutectic and a eutectoid were found in the zirconium-rich region 
of the system, while a eutectic was located in the chromium-rich 
region. Limited solubility of chromium in both « and { zirconium was 


HIS is another in a series of papers on zirco- 
nium-base binary phase diagrams based on a 
program sponsored by the Atomic Energy Commis- 
sion. The Zr-Sn,' Zr-Si,/ and Zr-Mo and Zr-W* 
systems have already been published. Previous 
work on the Zr-Cr system includes a partial dia- 
gram by Hayes, Roberson, and Davies’ and a com- 
plete diagram by McQuillan. The phase relation- 
ships reported by these authors were determined 
with magnesium-reduced zirconium, whereas those 
reported herein are based on iodide metal. Some 
X-ray work on the intermediate phase in this sys- 
tem was also reported by Hayes et al., as well as by 
Wallbaum. Comparisons with these data are made 
in the appropriate sections. 

Thermal analysis, metallographic and incipient 
melting techniques were employed to accurately re- 
solve phase relationships in the 0 to 50 atomic pct 
Cr region, while the remainder of the diagram is 
outlined on a basis of cast structures and thermal 
analysis. 

A description and analyses of the metals used in 
the preparation of alloys for this study are included 
in Table I. A “low-hafnium” zirconium crystal bar 
(Westinghouse “Grade 3") was used. This material 
was produced by the decomposition of a volatile 
iodide onto a hot zirconium filament. The as-re- 
ceived crystal bar was coated with corrosion prod- 
uct from a standard autoclave test by which its 
grade designation is determined, A _ sand-blasting 
and subsequent HF-HNO, pickling treatment was 
employed to remove this contamination. The bars 
were cold-rolled to approximately 1/32-in. sheet, 
pickled again, sheared to 1!4-in. squares, washed 
with acetone, and stored for use. 

Ingot chromium metal from National Research 
Corp. and electrolytic chromium flakes from John- 
son, Matthey and Co., Ltd., were available as alloy 
additions. The ingot chromium was received in gran- 
ular form. The large granules were sized by crushing, 
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observed. 


Table |. Analyses of Metals Used 


Metal 
lodide Johnson- National 
Zir- Matthey Research 
conium* Chromium Chromium 
Nominal purity, pet 99.8 99.9 99.5 
‘orm Crystal Electrolytic Ingot 
bar flakes granules 
Impurities, pet 
Al 0.007 
Cr 0.002 
Fe 0.03 
Hf 0.05 
Me 0.0001 
Ni 0.007 
0.013 
oO 0.01 0.005-0.015 0.05 
N 0.0087 0.020-0.035 0.045 
Cc <0.01 0.05 
Metallic <— 0.005 


* Zirconium analysis supplied by the Argonne National Labora- 
tory, Chicago 


treated for iron removal, rinsed with acetone, and 
stored. The flakes were broken to approximately 
's in. with mortar and pestle, cleaned with acetone, 
and stored for charging. 


Experimental Procedure 

A nonconsumable electrode are furnace identical 
to that described by Hansen, Kessler, and McPher- 
son, was used in this work. A 400 amp de welding 
generator was the source of power. To insure homo- 
geneity, ingots were melted in a water-cooled spun 
copper crucible, a total of four times without open- 
ing the furnace. No difficulties were encountered in 
the preparation of these binary alloys. Analyzed 
chromium contents were found to agree very well 
with the intended content. Melts of pure zirconium 
were interspersed in the course of preparing the 
alloys and their hardness was measured to keep a 
constant check on the melting technique. 

Vycor and quartz bulbs were used to contain the 
samples for isothermal annealing treatments. Vycor 
bulbs were employed for temperatures up to 
1100°C, while quartz was used above this tempera- 
ture. For treatments up to 950°C the bulbs were 
evacuated before sealing, but for higher tempera- 
tures a partial pressure of argon was admitted to the 
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System Zirconium-Chromium | 
by R. F. Domagala, D. J. McPherson, and M. Hansen 


Table I!. Analyses of Zr-Cr Alloys 


Alley Cr, Alley Cr, 

Ne. Wt Pet No. Wt Pet 
ZR 0.25-401 0.28 ZR 25-392 25.0 
ZR 0.50-402 0.48 ZR 30-393 29.7 
ZR 0.75-403 0.51 ZR 35-406 34.7 
ZR 1-408 081 ZR 40-394 37.6 
ZR 2-404 15 ZR 48-604 48.6 
ZR 3-405 26 ZR 49-605 49.3 
ZR 4-406 a4 ZR 50-396 59.7 
ZK 5-407 47 ZR 51-606 51.3 
ZR 7-596 6.5 ZR 52-607 52.4 
ZR 9-597 6.5 ZR 53-608 53.1 
ZR 10-388* 10.0 ZR 55-625 55.4 
ZK 15-389 15.2 ZR 57-610 56.6 
ZR 16-598 15.6 ZR 59-626 59.8 
ZR 17-599 16.8 ZR 60-398 58.5 
ZR 18-601 17.6 ZR 70-395 68.3 
ZR 19-602 18.9 ZR 80-391 76.8 
ZR 20-390 19.2 ZR 90-397 849 
ZR 22-603 21.9 


* Johnson-Matthey chromium All other alloys prepared with 
National Research chromium 


bulb before sealing. This pressure was controlled 
to produce 1 atm of pressure at the temperature of 
treatment. Sheet molybdenum, 0.003 in. thick, was 
used as a liner for bulbs scheduled for treatment 
above 1200°C. Specimen protection and support to 
the walls of the bulbs were provided by these liners. 
All treatments except homogenization were carried 
out in glazed porcelain tubes in electrically heated 
furnaces. Temperature control for anneals was held 
to +3°C in general, but many runs were held to a 
smaller deviation. Homogenization treatments were 
carried out in a box-type Globar furnace. Specimen 
temperatures were measured’ with calibrated 
thermocouples at least twice a day for long time 
runs and at more frequent intervals for short time 


anneals. A control sample of pure zirconium was 
included in each bulb of isothermally annealed 
specimens. Specimens were quenched at the con- 


clusion of an anneal by rapidly withdrawing the 
bulb from the furnace and breaking it under water. 

A description of the high temperature vacuum- 
induction furnace and quenching technique used for 
the determination of solidus temperatures may be 
found in the literature. Thermal analysis tech- 
niques also described in the literature, were em- 
ployed with success in this system because of the 
comparatively low temperature levels involved. The 


Table Il. Schedule of Annealing Treatments for Zr-Cr Alloys 


Annealing Annealing 
Tempera- Time, Alloys,* 
ture, °C ur Pet Cr 

2 1-15,17,19,30,40,48,53-59,70 
13007 2 1-15,17,19,53.55 
1200 6 1-10,17,30,40,53,55,60 
1100 20 1-10,20,40,53,59,.70 
40 1-7,10,19,30,40,51,53,55,59 
950 40 0.25-9,19,70 
BHO 140 
145 0.25-9,17,40,53 
B40 3851 0.25-5 
145 0.25-5,9,19.30 
820 150 0.25-9,.17,40,52,55 
820 3601 0.25-5 
B00 145 0.25-9,.17,40,51,53 
800 3651 0.25-5 
0.25-5 
750 215 
700 240 0.25-5,30,40,51,53,.55 
aso 310 0.25-5,9.20,30 
600 360 0.25-5,30,40,51,53,55 


* Allovs were pretreated before annealing as described in the 
text. Control samples of pure zirconium were included in each 


annealing treatment 

t Specimens in the region of the eutectic melted 

t Specimens held at 900°C for 17 hr, slowly cooled to tempera- 
ture and held for time indicated, followed by water quenc 
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1350° and 1300°C isothermal anneals also proved 
useful in the delineation of the solidus curves in the 
zirconium-rich portion of the diagram. 


Results 

Table II includes the chemical analyses of all the 
alloys prepared for the determination of phase re- 
lationships in the Zr-Cr system, while a tabulation 
of all annealing treatments employed is included 
in Table II. 

Zirconium-rich alloys containing from 0.25 to 15 
pct Cr were cold-pressed from 30 to 4 pct depending 
upon alloy content, Alloys containing up to 40 pct 
Cr were then given a homogenization treatment at 
1200 °C for 75 hr. Ingots containing less than 22 pct 
Cr were then cold-rolled from 74 to 8 pet, depend- 
ing upon alloy content, prior to the isothermal an- 
nealing treatments. All other alloys were employed 
in the arc-cast condition. 

Fig. 1 shows the phase relationships in the 0 to 50 
wt pct chromium region of the system. An expanded 
view of the eutectoid region of this system is given 
in Fig. 2, while Fig. 3 shows the entire diagram. 
Figs. 1 and 2 include most of the experimental 
points necessary for the construction of the dia- 
gram; some points were omitted for clarity. 

Preliminary anneals of alloys containing 0.5, 2, 
and 5 pet Cr were made at 700°, 800°, and 900°C. 
No changes in the relative amounts of phases were 
observed after 150 hr at 700°C, 100 hr at 800°C, and 
48 hr at 900°C. These data were then used to pre- 
dict the times necessary to approach equilibrium at 
all temperatures employed in the isothermal an- 
nealing schedule. 

An investigation, undertaken to establish the 
temperature of the allotropic transformation, a = £, 
in “Grade 3” zirconium, manifested a range of trans- 
formation for this material. Details of this study 
may be found in an earlier paper on the Zr-Mo and 
Zr-W systems.” The value reported by Vogel and 
Tonn,” 862° +5°C, has been used for the construc- 
tion of the diagram since the experimentally deter- 
mined transformation range, 851° to 868°C, brack- 
eted this temperature. 

The eutectic at 18 pet Cr and 1280° +10°C was 
located by the microscopic examination of as-cast 
alloys in this region, as well as specimens from the 
incipient melting and thermai analysis programs. 
Fig. 4 shows the eutectic structure found in an alloy 
containing 19.1 pet Cr employed in the thermal 
analysis program for this system. 

Examination of isothermally annealed specimens 
showed the solubility of chromium in £ to decrease 
from a maximum of 4.5 pct at the eutectic tempera- 
ture to about 1 pct at 835 °C, the temperature of the 
eutectoid reaction. Figs. 5 and 6 show a 4.4 and a 
4.7 pet Cr alloy respectively, quenched from 1300°C. 
The former is a 100 pct retained 8 structure, while 
the latter alloy, also 8, shows signs of incipient melt- 
ing. Fig. 6, therefore, indicates the eutectic tem- 
perature is below 1300°C and the maximum solu- 
bility of chromium in 8 is less than 4.7 pet. Figs. 7 
and 8 bracket the 8/8 + ZrCr, boundary at 950°C. 
The former figure is a 0.61 pet Cr alloy quenched 
from 950°C showing a typical transformed £ struc- 
ture. Fig. 8, a 1.5 pet Cr alloy quenched from the 
same temperature, contains crystals of ZrCr. in a 
transformed 8 matrix. 

The eutectoid composition was determined to be 
1 pet Cr, while the eutectoid temperature was found 
to be 835°C. The composition value is believed to be 
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Fig. 1—Partial diagram of the Zr-Cr system. 


within +0.25 pet Cr of the equilibrium composition, 
while the temperature level determined by metal- 
lographic examination of many specimens is cer- 
tainly within +10°C of the equilibrium value. Evi- 
dence for the placement of the eutectoid level is 
shown in Figs. 9 and 10. The former, a 1.5 pet Cr 
alloy quenched from 840°C, is a typical transformed 
8 plus ZrCr, structure, while the latter figure, the 
same alloy quenched from 830°C, contains a plus 
ZrCr,.. Thus the eutectoid level should lie between 
the two temperatures, and was positioned at 835°C. 
Due to the transformation range in unalloyed zir- 
conium frequently causing anomalous structures in 
the region of the eutectoid, the temperature pre- 
sented is considered somewhat less precise than 
Figs. 9 and 10 would indicate. 
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Fig. 2—Expanded diagram of the zirconium-rich region of 
the Zr-Cr system. 
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The maximum solubility of chromium in a zirco- 
nium was determined to be less than 0.28 pet at all 
temperatures. Fig. 11 illustrates a 0.28 pet Cr alloy 
quenched after 360 hr at 820°C. ZrCr, particles are 
present in an @ matrix. 

Fig. 12, a 53.1 pet Cr alloy, as-cast, is nearly single 
phase, indicating the proximity to an intermediate 
phase. This intermediate phase has a maximum 
melting point and was identified as ZrCr, (53.23 pet 

The identification of this phase as ZrCr, agrees 
with Wallbaum’ and Hayes et al. An X-ray diffrac- 
tion pattern of the nearly single-phase 53.1 pet Cr 
alloy was made using copper Ka filtered radiation. 
Interpretation of the pattern indicated the structure 
of the phase to be hexagonal close-packed, with the 
following lattice parameters: 

Observed Calculated 

8.262A 

a 5.OT9A 

c/a 1.65 1.627 
These values compare favorably with an axial ratio 
of 1.633 reported by Wallbaum," who classes ZrCr, 
as MgZn, type (C14). Hayes et al.,* however, report 
ZrCr, to be cubic of the MgCu, type, with a 7.21A. 

The eutectic between ZrCr, and the chromium 
solid solution is illustrated in Fig. 13, a 69.5 pet Cr 
alloy employed in the thermal analysis work for 
this system. This alloy was slowly cooled from the 
liquid field. 

On a basis of microscopic examination of un- 
analyzed as-cast specimens, the solid solubility of 
zirconium in chromium was shown to be less than 
3 pet. 

Thermal analysis and incipient melting methods 
were used to determine solidus curves and eutectic 
horizontals in this system. The data from this work 
are included in Table IV. 


Discussion of the Literature 
Phase diagrams of the Zr-Cr system have been 
published by Hayes et al.* and McQuillan.” The 
former authors extended their investigation from 
zirconium to ZrCr, while McQuillan presented the 
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Fig. 4 (left) —19.1 pct Cr alloy employed 
for thermal analysis. §-ZrCr, eutectic. 
Etchant: electrolytic K,Fe(CN), + NaOH 
+ H.O. X500. 


Fig. 5 (right) —4.4 pct Cr alloy quenched 
after annealing at 1300°C. Retained 3. 
Etchant: 20 pct HF, 20 pct HNO, in glyc- 
erine. X150. 


Fig. 6 (left)—4.7 pet Cr alloy quenched 
after annealing at 1300 °C. Retained 6 4 
signs of incipient melting. Etchant: elec 
trolytic K.Fe(CN), + NaOH + 
X250 


Fig. 7 (right)—0.81 pct Cr alloy quenched 
from 950°C. Transformed 4. Etchant: 20 
pct HF, 20 pct HNO, in glycerine. X500 


Fig. 8 (left)—1.5 pct Cr alloy quenched 
from 950 C. Transformed 6 + ZrCr. crys 
tals. Etchant: 20 pct HF, 20 pct HNO, in 
glycerine. X500. 


Fig. 9 (right) —1.5 pct Cr alloy quenched 
from 840°C. Transformed 6 + ZrCr 
structure. Etchant: 20 pct HF, 20 pct HNO, 
in glycerine. X500. 


Fig. 10 (left)—1.5 pct Cr alloy quenched 
from 830°C. Isothermal « 4 ZrCr. struc- 
ture. Etchant: 20 pct HF, 20 pct HNO, in 


glycerine. X500 t 

Fig. 11 (right)—O 28 pct Cr alloy quenched 
from 820°C after annealing for 360 hr ~* 
+ ZrCr. structure. Etchant: 20 pct HF, “Oe 
20 pct HNO, in glycerine. X500 : 5 
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Fig. 12 (left) —53.1 pet Cr alloy, as-cast. 


Nearly single phase ZrCr.. Etchant: elec- 
trolytic K,Fe(CN), + NaOH + H.O. 


Fig. 13 (right)—69.5 pct Cr alloy used for 
thermal analysis work. The ZrCr.-Cr eu- 
tectic. Etchant: electrolytic K,Fe(CN), + 


NaOH + H.O. X750. 


entire diagram. The general features of these two 
diagrams may be summarized as follows: 

Hayes et al.: 1—Zr-ZrCr, eutectic at 18 pct Cr 
and 1380°C. 2—Maximum solubility of chromium 
in zirconium, 6.2 pet at 1380°C. 3—Eutectoid 
sa + ZrCr, at 1.8 pet Cr and 805°C. 4—Negligible 
solubility of chromium in a zirconium. 5—TInter- 
mediate phase ZrCr., melting at 1525°C. Crystal 
structure: cubic MgCu, type, a 7.21A. 

McQuillan: 1—Single intermediate phase at 48 
pet Cr, formed by the peritectic reaction L + B= C 
at 1650 C. 2—Solubility of chromium in 8 zirco- 
nium decreasing sharply from about 48 pct at 
1650 C to about 5 pet at 1350°C, then gradually to 
about 2 pet at 835°C. 3—Eutectoid: B = a + C at 
2 pet Cr and 835 C. 4—Very limited solubility of 
chromium in a zirconium. 5—Eutectic between the 
intermediate phase and chromium solid solution at 
70 pet Cr and about 1545°C. 6—Solubility of zir- 
conium in chromium less than 2.6 pet at the eutectic 
temperature. 

Comparing the features established in this work 
with the literature it may be seen that Hayes et al. 
and the present authors are in agreement on the 
general constitution of the zirconium-rich region, 
whereas McQuillan has determined a greatly dif- 
ferent set of phase relationships. The present work, 
however, agrees with McQuillan that the intermedi- 
ate phase and the chromium-rich solid solution 
form a eutectic. To a certain extent, differences in 
the results may be attributable to the use of differ- 
ent zirconium stock in the three programs. Hayes et 
al. and McQuillan used magnesium-reduced zirco- 
nium metal while the present work is based on al- 
loys prepared with higher purity iodide crystal bar. 


Summary 
The Zr-Cr phase diagram was carefully deter- 
mined to 50 atomic pet Cr. A limited amount of 
work was done to outline the rest of the system. 
The alloys prepared for this study were melted and 


Table IV. Melting Range Determinations for the Zr-Cr System 


Incipient Melting 


Thermal Melting No 
Ob- 


Alloy we Analysis Melt- 
No. Pet Cr Arrests, °C served,°C ing, °C 
Zr 0 1852 
YZR 2-404 1.5 1603 1525 
YZR 5-407 47 1610 
XZR 10-742 9.5 1280 
YZR 18-601 17.6 1295 1265 
XZR 18-743 19.1 1280 
XZR 35-744 34.3 1500...1280 
XZR 53-745 52.6 1700 
XZR 70-746 69.5 1635 


TRANSACTIONS AIME 


. 
So 


Sic 
< 


annealed under protective atmospheres to prevent 
contamination. The principal features of the dia- 
gram include: 

1—The limit of solubility of chromium in £ zir- 
conium is 4.5 pet. 

2—A eutectic occurs between 8 and ZrCr, at 18 
pet Cr and 1280° +10°C. 

3—A single intermediate phase exists in the sys- 
tem, at 53 pet Cr, corresponding to the formula 
ZrCr,. This phase melts with an open maximum at 
1700° +25°C. 

4—-A eutectoid decomposition of 8 into a 4 
occurs at 835° +10°C and 1 +0.25 pet Cr. 

5—The solubility of chromium in a zirconium is 
less than 0.28 pct at all temperature levels. 

6—A eutectic occurs between ZrCr, and 
mium-rich solid solution at 70 pet Cr and 
15°C. 

7—The maximum solubility of 
chromium is less than 3 pet. 


ZrCr 


chro- 
1635 


zirconium in 
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Addendum 
Since this paper was submitted, an allotropy has 
been established for the phase ZrCr., which involves 
both the structures reported in this paper and by 
Hayes, Roberson, and Davies. Details of the allo- 
tropy are discussed by W. Rostoker in TN 148F, 
this issue, p. 304. 
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Kinetics of Thermal Reorientations in Cold Rolled Zirconium 


by R 


K. McGeary and B 


Lustman 


Orientation relationships and rates of annealing of 97 pct cold 
rolled zirconium have been studied by X-ray techniques, metallo- 
graphy, and by hardness measurements. The process of annealing 
occurring by the formation of domains, and their subsequent growth 

without recrystallization, is demonstrated. 


UMEROUS investigators'® have revealed sub- 

grain formation after annealing cold worked 
metal single crystals and have generally described 
the results in terms of a dislocation mechanism of 
polygonization. “ In heavily cold rolled polycrystal- 
line aluminum the first stages of heating cause an 
apparently spontaneous subdivision of regions of the 
deformed matrix into a great number of slightly 
disoriented domains followed or accompanied by 
rapid growth of certain domains to form a recrystal- 
lization texture. 

In the present investigation the isothermal rate of 
annealing of cold worked polycrystalline zirconium 
has been studied by X-ray techniques, metallo- 
graphy, and by hardness measurement. It will be 
shown that, rather than by the usual nucleation and 
growth mechanism," the process of annealing can 
best be explained by the formation of domains early 
in the annealing treatment and the subsequent 
growth of these domains without recrystallization. 


Experimental Procedure 
All the experimental work was performed on an 
are-melted ingot of high purity zirconium crystal 


R. K. McGEARY and B. LUSTMAN, Members AIME, are asso- 
ciated with the Atomic Power Div., Westinghouse Electric Corp., 
Pittsburgh. 

Discussion on this paper, TP 3454E, may be sent, 2 copies, to 
AIME by April 1, 1953. Manuscript, Aug. 21, 1952. Los Angeles 
Meeting, February 1953. 


284—JOURNAL OF METALS, FEBRUARY 1953 


bar made by Westinghouse in a production scale 
deBoer unit. The weight percentage of impurities 
in the zirconium were as follows: C, 0.04; Fe, 0.05; 
Hf, 0.014; W, 0.01; Ti, Ni, and Al, 0.003; Si and N, 
0.002; Cr and Cu, 0.001. Metallographically the 
zirconium showed only a single phase. The 4 in. 
diam ingot was forged at 760°C to a 1x3 in. plate 
and was then rolled at 760°C to 0.150 in. thickness 
and annealed at this temperature for 20 min to 
produce an equiaxed grain structure of about 0.1 
mm average grain diameter. The hot rolled plate 
was roller-leveled, surface ground to 0.135 in., cold 
rolled 83 pet reduction in thickness on a two-high 
mill, and then to a total reduction of 97 pct on a 
Sendzimir mill. The 0.004 in. strip material so 
produced received no subsequent mechanical treat- 
ment. 

Specimens % in. square were sheared from the 
rolled strip and isothermally annealed at 10° mm 
Hg in an all glass vacuum system equipped with a 
Vycor furnace tube. The temperature data presented 
are the average temperatures during the runs and 
did not vary more than about +3°C. 

X-ray Diffraction Methods: When zirconium is 
drastically cold rolled, a high degree of preferred 
orientation results in which prism poles, {1010}, are 
perpendicular to the rolling direction. After fully 
annealing this material an entirely new texture de- 
velops which corresponds to a 20° or 40° rotation 
of the deformation texture about hexagonal axes of 
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Fig. 1— {1010} pole 
figure for zirconium 
cold rolled 97 pet. 
Circle over cross indi- 
cates ideal orientation 
for 36 + 2° rotation 
about R. D. 


the annealing texture. In the present work the de- 
crease in transmitted X-ray diffraction intensity 
from the prism poles perpendicular to the rolling 
direction has been used as a measure of the rate of 
thermally induced reorientation in specimens heated 
at various temperatures for various times. Likewise, 
for the same series of specimens, the increase of 
{1010} intensity from a low value in the cold rolled 


condition to a maximum in the fully annealed con- 
dition, for an orientation corresponding to a maxi- 
mum on the pole figure of fully annealed material, 
has been used as a measure of the rate of formation 
of the annealing texture. 

A General Electric Geiger counter X-ray spectro- 
meter was used to measure the counting rate of the 
transmitted {1010} diffracted intensity for all the 
heat treated specimens. This method is similar to 
that used by Decker and Harker,” and Seymour and 
Harker, except that transmitted intensity rather 
than the reflected intensity is measured. In addi- 
tion {1010} pole figures for cold rolled and for fully 
annealed zirconium were determined. 

The final thickness of the rolled strip was chosen 
as 0.004 in. because for molybdenum radiation the 
absorption correction due to variable irradiated 
volume of material” ” did not vary by more than 
2 pet and could therefore be neglected for the 55° 
of rotation angles used. Therefore, the pole figures 
could be determined by the transmission method 
alone without the necessity for making absorption 
corrections. Counting rates for all of the experi- 


mental work in this report are quantitatively com- 
parable since the counting rate was calibrated peri- 
odically with a standard sample. Not all of the area 
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Fig. 2 (left) —{1010} pole figure for speci- 
men used for Fig. | after annealing at 
600°C for 1 hr. Two crystallographically 
equivalent orientations are represented by 
the triangle and square symbols. 


Fig. 3 (right)—{1010} pole figure repre- 
ais senting the ideal cold rolling and anneal- 
ing textures for zirconium. Circle over cross 
indicates ideal cold rolling texture; tri- 
angle and square, the two ideal annealing 
textures. Heavy lines represent 20° rota- 
tions about {0001} axes (which are rotated 
7° about center of pole figure). 


of the pole figures was determined; the symmetry of 
the figures was established by counting rate meas- 
urements for 5° interval rotations of the specimen 
about an axis perpendicular to the rolling plane of 
the specimen (corresponding to § or azimuthal 
angles in the pole figure) from a northeast to a 
southwest direction, and for 5° interval rotations of 
the specimen about axes in its own plane (corre- 
sponding to a or radial angles from the circumfer- 
ence toward the center of the pole figure) from 0° 
to 55° from the circumference. The high intensity 
maxima regions of the pole figures were determined 
more accurately by 1° or 2° a and £ rotations. 

Two sets of data were obtained on the heat 
treated specimens: 1—a decrease from the maxi- 
mum intensity in the cold rolled condition to a mini- 
mum in the fully annealed condition, indicating the 
decrease in the amount of the old texture; and 2— 
an increase from minimum intensity in the cold 
rolled condition to a maximum in the annealed con- 
dition, indicating the amount of the new texture 
formed from the old. The orientation of the speci- 
mens with respect to the X-ray beam for these two 
experimental conditions will be apparent after pres- 
entation of the pole figure results in the next sec- 
tion. For heat treated specimens with an average 


grain diameter greater than about 10 microns, the 
X-ray results were erratic, so that a device was used 
to scan a 42x 4 in. area of the specimen. It was ex- 
perimentally ascertained that satisfactory integrated 
intensity readings were obtained by using a 0.1° slit 
to define the X-ray source beam width and a 0.4° 
slit at the counter. A Soller slit was used to elimi- 
nate vertical divergence of the incident beam and 
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Fig. 4—Isothermal annealing curves for zirconium. Represents in- 
creasing X-ray intensity due to formation of annealing texture. 
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Fig. 5—Isothermal annealing curves for zirconium. Represents in- 
creasing X-ray intensity due to perfection of deformation texture and 
decreasing intensity due to formation of annealing texture. 


another Soller slit was used between the 0.4° slit 
and the Geiger tube to minimize the vertical diver- 
gence of the diffracted beam. 

Metallographic Techniques: The flat surfaces of 
the specimens were polished to about half thickness 
for metallographic examination. All micrographs 
were taken at 1000X or 1440X. Specimens with the 
smallest grain sizes had a highly oriented texture 
and the orientation differences between individual 
grains were so small that polarized light techniques 
were not satisfactory. An etching technique was de- 
veloped in which the degree of surface staining of 
individual grains was sensitive to the slight existent 
orientation differences, and the grains were thus 
observable under bright field illumination. For 
those heat treated specimens in which some reorien- 
tation had occurred, longer immersion in the etchant 
produced an increasingly clearer delineation of the 
boundaries. The etching technique was as 
follows: 1—immerse specimen about 10 sec in a 
solution of 49 pct water, 49 pct nitric acid, 2 pct 
hydrofluoric acid to obtain a chemically polished 
surface; 2—etch in a solution of 75 pct glycerine, 
23 pet nitric acid, 2 pet hydrofluoric acid for a time 
sufficient to give the desired staining. Because of 
the extremely small grain size of many of the speci- 
mens an accurate estimation of the grain size was 
impossible and has not been reported. Accurate 
grain sizes were obtained for most specimens by 
counting the grains (40 to 500) in a representative 
area of the micrographs. 
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Fig. 6—Isothermal annealing curves for zirconium. Solid lines repre- 
sent data presented in Fig. 4 and dotted lines that presented in Fig. 5. 
Fig. 6A is schematic representation of full shape expected for all 


curves. 
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Vickers hardness measurements were made with 
a Tukon tester on the polished edges of all of the 
specimens using a 100 g load. 


Experimental Results 


Orientation Relationships: The prism plane {1010} 
pole figure data give the most satisfactory and com- 
plete description of the angular relationships of the 
texture change when cold rolled zirconium is an- 
nealed, so that the pole figures for this reflection 
only have been included. 

In previous qualitative texture determinations of 
zirconium” no asymmetry of the pole figures for 
surface and for inside layers of straight rolled 
material was found. Likewise, in the present quan- 
titative work no pole figure asymmetry was de- 
tected. The last 14 pct of the total 97 pct of reduc- 
tion on the Sendzimir mill entailed a reversal of the 
rolling direction of the strip between passes. 

A {1010} pole figure of the 97 pct cold rolled zir- 
conium is shown in Fig. 1. A pole figure for this 
material after 83 pct cold rolling differed only in 
the sharpness of the final texture. The qualitative 
pole figure determination in the previous investiga- 
tion” is in fundamental agreement with the present 
results. However, in Fig. 1 all of the six intensity 
maxima have been resolved and the average rota- 
tion of the prism poles about the rolling direction 
has been established as 36° + 2° (indicated by the 
cross symbols in Fig. 1) instead of the approximate 
30° rotation previously reported. The small degree 
of scatter about the transverse direction and the 
greater degree of scatter about the rolling direction 
are apparent. 

In Fig. 2 is shown the {1010} pole figure for the 
cold rolled zirconium heated so as to produce an an- 
nealing texture. This result also is in general agree- 
ment with the previous qualitative texture de- 
terminations where it was indicated that the “re- 
crystallization” texture could be derived from the 
cold rolled texture by a 30° rotation about the 
hexagonal pole figure axes. However, instead of six 
intensity maxima on the pole figure as previously 
found, there are six pairs of intensity maxima. One 
set of the pairs is indicated by triangular symbols 
and the other set by square symbols in Fig. 2. An- 
nealing of 83 pct cold rolled zirconium produces 
similar results. 

In Fig. 3 all points for the intensity maxima of 
the pole figures shown in Figs. 1 and 2 have been 
superimposed to demonstrate that the ideal anneal- 
ing texture can be related to the ideal cold rolled 
texture by 20° or 40° rotations about hexagonal 
axial positions for the annealing texture. The heavy 
lines emanating from the cross symbols (cold rolled 
orientation) represent 20° rotations. In the one 
case 20° clockwise rotations give rise to the square 
symbols (all of which lie on a line rotated 36° about 
the rolling direction and counterclockwise 7° about 
the center point). Counterclockwise rotations of 20° 
give rise to the triangular symbols (all of which lie 
on a line rotated 36° about the rolling direction and 
counterclockwise 7° about the center point). Con- 
sequently the angle between any two points shown 
is about 20°. 

Kinetics of Orientation Changes: The temperature 
dependent rate of change of the orientation has 
been determined by direct measurement of the in- 
tensity of the diffracted X-ray beam for all heat 
treated specimens. The intensity measured by the 
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for reproduction. 


Geiger counter located at the proper 26 angle to 
receive the {1010} diffracted beam was assumed to 
be proportional to the amount of the particular 
texture present. In Fig. 4 the rate of growth of an 
annealing texture from the cold rolled texture, de- 
termined by the method described, is shown. The 
specimens were situated in such a manner that the 
counting rates at point C on the pole figure of Fig. 
3 were obtained. The intensity for this position was 
low in the cold rolled condition and a maximum in 
the fully annealed condition. Therefore, ordinate 
values are shown for both the measured counting 
rates and for the volume percentage of annealing 
texture formed. The latter values are calculated 
assuming that the rate of change of the volume of 
material in an orientation corresponding to that at 
point C is the same as that at every other point of 
the pole figure, and also that counting rate is pro- 
portional to the volume. 

Counting rates measured for a specimen position 
corresponding to the cross symbol RD of Fig. 3, 
(prism planes perpendicular to the rolling direc- 
tion) are shown in Fig. 5. An initial increase in the 
counting rate to a maximum at a rate dependent on 
time and temperature is apparent. The counting rates 
for the 98°C annealing are identical with the value 
for the as cold rolled zirconium, but the 198° and 
295°C anneals indicate an increase in intensity, or 
degree of perfection, of the cold rolled texture. At 
still higher temperatures this maximum intensity 
is attained in shorter times before the intensity de- 
crease due to gross reorientation takes place. The 
ordinate values for percentage of annealing texture 
in Fig. 5 were therefore chosen using as a zero the 
maximum value of the counting rates. Therefore, 
this ordinate does not apply to the initial increasing 
portions of any of the curves. 

Corresponding curves for several of the tempera- 
tures plotted in Figs. 4 and 5 are replotted in Fig. 6. 
The dotted lines indicating the decrease in intensity 
of the cold rolled texture have been inverted so as 
to be comparable to the solid lines indicating the 
increase of the annealing texture. It is immediately 
apparent that there is no appreciable formation of 
the annealing texture during the period when an in- 
crease of sharpness of the cold rolling texture occurs. 
This plot shows further that not every volume of 
material leaving the old texture is immediately ac- 
counted for in the annealing texture, or else the two 
curves for a given temperature would superimpose. 

It is suggested that if the full extent of the curves 
of Fig. 6 were known they would show a double 
continuous and successive S-shape as_ indicated 
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Fig. 7 (left) —Zirconium cold rolled 97 pct 
and heated at 395°C for 24 min. Shows 
complete recrystallization “in situ” struc- 
ture. Slight orientation differences be- 
tween individual domains revealed by se- 
lective staining and bright field illumina- 
tion. X1440. Area reduced approximately 
75 pct for reproduction. 

Fig. 8 (right)—Zirconium cold rolled 97 
pet and heated at 395°C for 96 hr. Aver- 
age domain diameter about 2 microns; ap- 
proximately 55 pct of material has re- 
oriented in the annealing texture. Grain 
boundary attack by etchant; bright field. 
X1440. Area reduced approximately 75 pct 


schematically in Fig. 6a. The solid 500°C curve of 
Fig. 6 illustrates the typical shape expected; the 
shape of the 600°C curves are an example of what 
the 500°C curves may look like in the third and suc- 
ceeding cycles of time, and the 395°C curves illus- 
trate what the 500°C curves may look like in cycles 
of time less than that shown. This is significant be- 
cause it will be shown below that grain growth in 
zirconium occurs at times corresponding to the 
junction of the two sigmoids. The final increase in 
the rate of annealing texture formation associated 
with the second sigmoid of the solid curves is seen 
to occur also only after about 40 pct formation of 
the annealing texture regardless of the temperature 
of the annealing. 

Metallographic Observations: Figs. 7 and 8 are 
micrographs of the two specimens annealed at 395°C 
for 24 min and 96 hr, respectively. The former cor- 
responds to a stage in the curves of Fig. 5 at which 
the sharpening of the cold rolled texture has reached 
a maximum; the orientation differences between 
individual “grains” or domains (2 microns average 
diameter) are so small that their boundaries are 
not clearly delineated. In the case of the latter 
specimen, formation of the annealing texture is 
approximately 40 pct complete. For specimens 
heated for successively longer times orientation dif- 
ferences between the individual domains become 
more pronounced and the domain boundaries are 
attacked by heavier etching (Fig. 8) so that the 
grain size can then be accurately measured. The 
results of these measurements reproduced in Fig. 
9 indicate that there is no appreciable grain growth 
during the annealing times employed at 395°C. This 
fact is also apparent in a qualitative way by direct 
comparison of Figs. 7 and 8. However, grain growth 
may be noted to occur at times and temperatures 
corresponding to formation of more than 40 pct of 
the annealing texture or corresponding to the 
second sigmoid in Fig. 4. 

When domain growth does occur it can be ex- 
pressed for all temperatures by the usual relation- 
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Fig. 9 — Isothermal 
domain growth curves 
for 97 pct cold rolled 
zirconium. Initiation 
time of domain 
growth corresponds to 
about 40 pct reorien- 
tation to the anneal- 
ing texture. 
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Fig. 10-—Hardness decrease curves for isothermal annealing of 97 pct 
cold rolled zirconium. 


ship for isothermal grain growth in pure metals: 
D Kt" 


where D is the average domain diameter attained in 
time t; K, a temperature dependent constant; and 
n, a constant. Evaluation of the slope of the lines 
in Fig. 9 gives a value of 0.35 for the constant n. 
The results of Dunkerley, Pledger, Damiano, and 
Fulton,” for apparently essentially randomly oriented 
zirconium, in which the second phase was agglomer- 
ated in large particles at grain boundaries by an- 
nealing prior to the grain growth measurements, 
give a value of 0.39 for n. The results of Dunkerley 
et al. give an activation energy for grain growth of 
55,000 cal per mol and the present results a value 
of about 70,000 cal per mol. The difference in activa- 
tion energies may be caused by differences in purity 
of the materials and the degree of preferred orien- 
tation. 

Hardness: The mechanical hardness data of the 
heat treated specimens are plotted as a function of 
time at temperature in Fig. 10, and as a function of 
temperature for 10,100, and 1000 min of heating in 
Fig. 11. In Fig. 10 the short, vertical dashed lines 
indicate the time at the particular temperature for 
the completion of the sharpening of the cold rolled 
texture (peak of the curves of Fig. 5) and the upper, 
dashed horizontal line the average hardness level at 
which this process occurs. The lower set of vertical 
lines indicates the times at which domain growth 
commences (see Fig. 9) and the lower, horizontal 
dashed line the average hardness level at which 
such grain growth occurs. Thus, although the shapes 
of the curves in Fig, 11 appear to be similar to re- 
crystallization curves involving a nucleation and 
growth process, it is quite apparent that the changes 
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Fig. 11—Hardness decrease curves for 10, 100, and 1000 
min of isothermal annealing. 
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in hardness do not reflect the elementary processes 
occurring during the annealing of zirconium. For 
example, the samples appear to be completely re- 
crystallized metallographically after only about 25 
pct loss in initial hardness and lose about 75 pct of 
their initial hardness before grain growth occurs. 


Discussion of Results 


Formation of “Recrystallization in Situ” Texture: 
The first stages of recrystallization have been de- 
scribed in terms of the dislocation mechanism of 
polygonization”* in which edge-type dislocations 
perpendicular to curved slip planes accumulate dur- 
ing annealing leaving a multitude of minute stress- 
free, unbent regions with essentially the same over- 
all range of orientation as existed in the deformed 
crystal. With extended annealing certain subgrains 
grow at the expense of less favorably oriented sub- 
grains and approach an orientation identical to the 
original orientation of the crystal. The first stage 
in this process has been termed polygonization and 
the second “recrystallization in situ’”” and _ this 
terminology has been adopted here. 

Since the first stage of the polygonization mechan- 
ism is pictured as a fine scale subdivision of the un- 
dulated slip planes, a gross change of orientation of 
the material would not be expected. In the case of 
zirconium the phenomenon first observed is a 
gradual sharpening of the cold rolled texture. Only 
after this process is well along do domains of two 
microns average diameter appear metallographically 
and therefore the appearance of these domains is to 
be associated with recrystallization in situ rather 
than with the polygonization stage. This evidence 
suggests that some selective domain growth, corre- 
sponding to this maximum ideal orientation condi- 
tion, has occurred. In the case of heavily cold 
worked polygonization is partially 
complete at the deformation temperature with the 
formation of domains averaging 2 microns in 
diameter, and annealing causes a relatively stable 
state of coarse polygonization, or recrystallization 
in situ. Some unpublished results of Kulin and 
Bostrom® on electrical resistivity changes in severely 
deformed zirconium as a function of time at low 
temperatures indicate that processes occur at tem- 
peratures even lower than those used in this work, 
in fact even at room temperature. These processes 
are associated with the stages preceding recrystal- 
lization in situ and are presumably polygonization 
or other recovery mechanisms. The methods em- 
ployed in the present investigation were not capable 
of detecting any processes preceding the stage 
known as recrystallization in situ. 

Annealing Texture Formation Without Domain 
Growth: In heavily rolled polycrystalline aluminum, 
Beck and Hu” have metallographically observed 
domains about 2 microns in diameter after short 
time, low temperature annealing. These domains 
did not grow appreciably at the lower annealing 
temperatures, but at higher ‘temperatures domain 
growth occurred and the slight orientation differ- 
ences between domains became more clear cut and 
the pole figure scatter areas also became sharper. 
However, during domain growth, consumption of 
the polygonized domains by rapidly growing grains 
of an entirely different local orientation (cube 
texture) occurred. 

With continued low temperature annealing of 
zirconium the X-ray data indicate a gross reorienta- 
tion from the recrystallization in situ texture to the 
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Fig. 12—Changes in 
integrated X-ray in- 
tensity for 97 pct 
cold rolled zirconium 
caused by reorienta- 
tion produced by an- 
nealing at 400°C. 
Measurements corres- 
pond to the path 
A-B-RD-B’-A’ shown 
in Fig. 3. 


8 


COUNTING COUNTS PER SECOND 


Ro 
| 


20 
AZIMUTHAL POLE FIGURE ANGLE £(DEGREES) 
FOR 25° ROTATION ABOUT AD 


new annealing texture. However, contrary to the 
case cited for aluminum, this reorientation takes 
place initially without any apparent grain growth. 

Since no large grains are apparent in any of the 
micrographs of the annealed zirconium specimens 
(see Fig. 8), the growth mechanism by which the 
annealing texture is formed from the recrystalliza- 
tion in situ texture without an increase in average 
domain size is obscure. In order to ascertain if some 
larger grains actually were growing at the expense 
of smaller grains, a certain representative area of an 
enlargement of Fig. 8 (2 micron average grain 
diameter, 37 pct annealing texture) was cut up 
along the grain boundaries and each of the 138 
pieces so produced was weighed on a balance. From 
these measurements average grain diameters were 
calculated and a frequency plot of grain diameters 
was made. The distribution was skewed toward 
small diameters and showed no definite evidence of 
discontinuous grain growth. The 338 grains in a 
micrograph of the specimen heated at 553°C for 
180 min (5 micron average grain diameter, 55 pct 
annealing texture) gave similar results. Even for 
the fully annealed specimens with a complete an- 
nealing texture there is no evidence that discon- 
tinuous grain growth had occurred. 

It is well known that impurities, as well as a high 
degree of preferred orientation, can inhibit grain 
growth. The period of no domain growth shown in 
Fig. 9 could be considered as an induction period 
during which the mitigating effect of impurities on 
domain boundary mobility is preponderant. Un- 
fortunately, from the present experiments it is im- 
possible to ascertain which factor, or combination 
of the factors, is responsible for the inhibition of 
domain growth. However, the present results for 
zirconium are believed to be similar to those of 
Beck and Hu,’ who observed no appreciable growth 
of the domains after recrystallization in situ of de- 
formed aluminum even at temperatures sufficient to 
cause recrystallization to the cube texture. Dun- 
kerley et al.” observed similar induction periods in 
studies of grain growth in zirconium, but this be- 
havior could be associated with the manner of im- 
purity distribution alone since there was no evi- 
dence of a high degree of preferred orientation in 
their specimens. 

A further attempt to understand the enigmatic 
gross reorientation without apparent domain growth 
involved the following experiment: A series of cold 
rolled specimens heated at 400°C were situated 
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with respect to the X-ray beam in such a manner 
that counting rate measurements were obtained at 
1° or 2° intervals along the arc A-B-RD-B’-A’ in 
Fig. 3 where A’ and B’ are positions similar to A and 
B on the are. The slit system was identical with 
that used for the integrated intensity and pole figure 
measurements. From the results shown in Fig. 12 it 
is apparent that although the intensity increased 
near the ideal orientation for the 5 min heating 
time, it actually decreases at angles far from this 
orientation. In Fig. 13 are plotted the values: 


— 
100 x 
I 


for the various angles shown in Fig. 12 where I, is 
the counting rate for a certain time of heating at 
400°C at a given angle on the are of Fig. 3, and I., 
is the corresponding value for the cold rolled condi- 
tion. This is simply a representation of the percent- 
age increase or decrease of the counting rate of a 
heated specimen with respect to the counting rate 
of a cold rolled specimen measured under identical 


Fig. 13 — Quantita- 
tive changes in orien- 
tation shown in Fig. 
12. 
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conditions. Polygonization alone would not be ex- 
pected to account for the appreciable gross orienta- 
tion sharpening apparent in Fig. 13 (for example, 
the Laue streaks for deformed single crystals have 
about the same range of orientation before and just 
after polygonization'). Again it would appear that 
in very short heating times (i.e. 5 min at 400°) 
some domains with orientations furthest removed 
from the ideal orientation are consumed by those 
closer in orientation to the ideal. Thus, the results 
of this experiment agree with those previously dis- 
cussed, 

Growth of a new orientation at an orientation cor- 
responding to a maximum for the new texture for- 
mation is especialiy apparent in Fig. 13. Heating for 
1839 min has caused about 33 pct of the volume of 
material to form in the new orientation even though 
the domain size is not appreciably greater than that 
for the specimen heated 25 min. A very large de- 
crease in mechanical hardness was shown to occur 
during this stage of reorientation. The strain energy 
(hardness) is high after recrystallization in situ but 
low when domain growth starts. It must therefore 
be concluded that these domains are highly strained 
and that this strain energy is relieved only during a 
period of major change in crystal orientation un- 
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Fig. 14—Time for a 
given percentage de- 
crease in X-ray in- 
tensity due to re- 
orientation produced 
by isothermal annecal- 
ing of 97 pct cold 
rolled zirconium. 
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accompanied by general nucleation or appreciable 
domain growth. 

Annealing Texture Formation with Grain Growth: 
From the evidence that has been presented it is 
evident that the initial stages of annealing texture 
formation in zirconium are not explainable by the 
usual concepts of nucleation and growth since no 
change in grain size occurs. Even during the stage 
when grain growth does occur, the conventional 
nucleation and growth mechanism cannot explain 
the rate of annealing texture formation observed. 
If it did, the following equation derived by Johnson 
and Mehl,” expressing the kinetics of general nuclea- 
tion and growth of grains in a cold rolled matrix 
when heated so as to cause recrystallization, would 
be applicable: 


7 
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where f(t) is the fraction of the volume recrystal- 
lized in time t, and N and G are the rates of nuclea- 
tion and growth, respectively. Straight lines are 


obtained when log log ; is plotted against log 


t) 


t; the slope k is then equal to the power of t. For 
polyhedral growth in a highly deformed matrix 
where the rate of nucleation is great (mostly at the 
beginning of the transformation), a k — 3 depend- 
ence is predicted by this equation. Avrami”™ has 
shown that for plate-like and acicular growth of 
grains 2 andk 1 dependence, respectively, 
would be expected. Decker and Harker” have found 
in the case of primary recrystallization of copper, 
studied by the same X-ray method as employed in 
the present work, 4>k>3 for the higher tempera- 
tures where polyhedral growth was suspected, and 
3>k>2 at lower temperatures where plate-like 
growth was suspected. 

A similar plot of the present results for zirconium 
gives straight lines with a slope, or k value, of about 
0.37 for all temperatures over ranges where at least 
40 pet of the volume of the material has formed in 
the annealing texture; this is the range in which 
domain growth occurs. If activation energies are 
determined for this stage in the annealing process 
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by plotting log time for given reorientation vs 1/T 
the curves of Fig. 14 are obtained. These curves 
indicate a continuous change in activation energy 
with increasing gross reorientation (and also in- 
creasing domain size). On the other hand, for cop- 
per and an iron-nickel alloy,” “ where the re- 
oriented material is accounted for only by nucleation 
and growth of grains in the new orientation, a single 
activation energy has been found to express the total 
reorientation. 

The almost twofold increase in activation energy 
from 40 to 90 pct reorientation is an indication that 
the environmental conditions during the reorienta- 
tion process change continuously as reorientation 
occurs. The most obvious change in environmental 
condition occurring during this stage is domain 
growth. If the rate of annealing texture formation 
is assumed proportional to the grain size of the 
matrix, the equation given previously can be ex- 
pressed as: 


f(t) =1-e"" 


where c is a constant and n is the exponent express- 
ing rate of grain growth in the equation D — Kt". 
Using the experimental value, n 0.35, a power of 
t greater than unity would be expected; this is con- 
siderably different from the actual power of t ob- 
tained, namely 0.37. 

In the case of copper” and a nickel-iron alloy,” the 
rate of change of the deformation textures and re- 
crystallization textures are equal, but for zirconium 
a large difference in the two rates has been demon- 
strated (Fig. 6). In the former case, the recrystal- 
lized grains form only in the new texture with a 
time dependence consistent with the principles of 
primary recrystallization, but in zirconium the 
growth of grains in an annealing texture is micro- 
scopically indistinguishable from growth in the cold 
rolled texture. 

Textures in Zirconium: The previous qualitative 
pole figures for the cold worked zirconium” are in 
good agreement with those found in the present 
work as shown in Fig. 1. In the previous work it 
was shown that basal slip alone could not account 
for the cold rolled pole figure. Some recent work 
on titanium” indicates that basal slip is not operative 
in the deformation of single crystals of that material 
thus substantiating these previous observations on 
zirconium. 

The pole figure for annealed zirconium shown in 
Fig. 2 is different from the qualitative pole figure 
previously reported” in that the maxima are split 
into pairs, making an angle of approximately 20° 
with each other. It is suggested that, following 
Beck’s theory,” ™™ the grains formed on annealing 
may grow at an orientation showing maximum mis- 
match not only with the matrix but also with al- 
ready formed neighboring grains of the new texture. 
Regarded from this point of view, the condition of 
maximum disorientation cai be best met by effec- 
tive 20° and/or 40° rotations. However, it might be 
expected that 60° cross rolled zirconium, which has 
a single texture, should also show 20°, 40° rotations, 
but recent work shows that only 30° rotations occur. 

It was noted in the previous work on this subject" 
that the hot rolling texture of zirconium is similar to 
the cold rolling texture rather than to the annealing 
texture. This same behavior has been noted in the 
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case of iron.” The observations described previously 
on recrystallization in situ afford a ready explana- 
tion for this fact. If it is assumed that during hot 
rolling recrystallization in situ occurs concomitant 
with the deformation, thus releasing part of the 
strain energy introduced by this working, then 
sufficient strain energy will not be stored in the 
matrix to permit the operation of further annealing 
processes, and a texture will result similar to the 
deformation texture rather than to the annealing 
texture. 
Summary 

1—Quantitative X-ray diffraction techniques have 
been used to (a)—determine {1010} pole figures of 
97 pet cold rolled zirconium, as rolled and as fully 
annealed, in order to establish the exact crystallo- 
graphic relationships associated with the thermally 
activated texture changes that have been found to 
occur, and (b)—determine the rate of the reorienta- 
tions for specimens heated for appropriate times at 
temperatures from 98° to 600°C. 

2—Metallographic observations, hardness meas- 
urements, and other results have been correlated 
with the X-ray results and the following processes 
occurring during annealing have been identified: 
(a)—Polygonization may occur in zirconium during 
cold rolling or during the very first stages of heat- 
ing. This polygonization is not accompanied by re- 
orientation nor is it detectable metallographically. 
(b)—Recrystallization in situ (metallographic evi- 
dence of polygonization) occurs after annealing at 
relatively low temperatures and corresponds to a 
reorientation in which the ideal cold rolling texture 
is sharpened; this process may occur by selective 
growth of favorably oriented domains, (c)—Further 
annealing causes a complete reorientation corre- 
sponding to 20° or 40° rotations about {0001} poles. 
This process occurs in two steps, the one at constant 
domain size, the latter accompanied by domain 
growth. Data have been presented to show that the 
processes do not occur by nucleation and growth of 
reoriented grains, nor by discontinuous growth of 
favorably oriented domains. 

3—Activation energies for domain growth and for 
annealing reorientations have been calculated but 
are limited by conditions described in the text; a 
single activation energy cannot describe the reorien- 
tation process which is a further indication that a 
simple mechanism, such as nucleation and growth, 
does not govern the reorientation. 
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Vanadium-Oxygen Solid Solutions 


by A. U. Seybolt and H. T. Sumsion 


The results of an investigation of vanadium-rich V-O solid solutions 
are presented, indicating the structure and lattice parameters of two 


solutions, « and 8, and their approximate temperature-composition ex- 
istence. The « solution is the terminal body-centered cubic one, and 
contains up to 3.2 atomic pct O. The £ solution has an ordered body- 
centered tetragonal structure, is formed at 1270°C, and exists from 
about 15 to 22 atomic pct O. From the evidence available, the various 
phase boundaries have no appreciable temperature dependence. Evidence 
has been found for a polymorphic transformation in pure vanadium 


N an earlier investigation’ dealing with the prep- 
aration of pure vanadium by calcium reduction 
of the oxide, it was found that small amounts of 
oxygen drastically reduced the ductility of the metal. 
Because this effect was so marked, it was decided 
to make a study of the solubility of oxygen in solid 
vanadium. This report deals principally with this 
solubility and the nature of the phase relationships 
in the vanadium-rich region, particularly at tem- 
peratures below 1300°C. However, during the inves- 
tigation enough data on the V-O system were ob- 
tained to make it appear worthwhile to present a 
tentative phase diagram up to the composition VO. 

The only significant prior work found on this sys- 
tem are the contributions of Klemm and Grimm,’ 
and Mathewson et al.” Klemm and Grimm prepared 
a wide range of V-O compositions by powder tech- 
niques including the compositions VO,, VO,, VO, 
and VO, (9.1, 16.8, 23, and 28.6 atomic pct O, re- 
spectively). The first three compositions were found 
to consist of a body-centered tetragonal solid solu- 
tion, while the last also showed lines of VO (NaCl 
structure). They found that the parameter c, in- 
creased and the parameter a, decreased with in- 
creasing concentration of oxygen. For their compo- 
sition VO... or about 16.8 atomic pct O, they cite 
the values a, 2.948A, c, 3.53A, and c/a 1.2. 
Klemm and Grimm made no attempt to determine 
the solid solubility limit nor to construct a phase 
diagram. They did, however, give some data on the 
homogeneity range of VO, and they proposed a 
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at 1550°C. 


structure for the body-centered tetragonal solid 
solution; these points will be taken up later. 


Materials and Preparation of Samples 

The vanadium used in this investigation was pre- 
pared in the laboratory by the method previously 
mentioned.’ A typical analysis is as follows: Fe, 
0.007 pet; Si, 0.02; Ca, 0.06; C, 0.224; O., 0.044; N., 
0.0017; H., 0.003; and V, 99.34 +0.3 (assay). The 
vanadium assay is probably low by about the error 
given. The impurities total about 0.36 which, if 
subtracted from 100, gives a purity of about 99.6. 

At the time material was being prepared for this 
work no suitable technique was available for melt- 
ing vanadium without appreciable contamination. 
The procedure adopted therefore was to cut the 
calcium-reduced regulii into slices which were then 
rolled to strip about 0.025 in. thick for oxygen dif- 
fusion. 

Pieces of rolled vanadium of approximately 
0.025x'4x1 in. and weighing about 0.3 g were sus- 
pended in a vertical fused-silica tube which was 
part of an ordinary gas absorption apparatus. The 
silica tube was heated by an electric resistance- 
tube furnace which could be raised around the 
silica tube or lowered away from it as desired. This 
apparatus had no novel features which require 
detailed description. Other than the silica tube and 
furnace, it consisted of a glass system evacuated by 
a liquid nitrogen trapped mercury diffusion pump, 
a mercury-operated gas burette, a McLeod and a 
Pirani gage, and a mercury manometer. It was also 
equipped with suitably located stopcocks for isolat- 
ing various parts of the system; the vacuum ordi- 
narily attained was between 10° and 10° mm of 
mercury. Oxygen generated by decomposing MnO, 
was passed through anhydrous magnesium perchlo- 
rate before introducing it into the gas burette and 
thence to the absorption chamber. 
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Various V-O alloys up to about 20 atomic pct 
were prepared by vertically suspending the vana- 
dium strips in the absorption apparatus at 900° to 
1000°C and adding the oxygen gas a few cubic centi- 
meters at a time. It was soon discovered that if a 
large quantity of gas was added at once, an oxide 
film was immediately formed on the surface of the 
metal which required a greater length of time for 
absorption into the sample than the same quantity 
of oxygen added a little at a time. After establish- 
ing the desired absorption temperature, about 4 cc 
of oxygen were added to the sample. This caused 
the pressure to rise to about 3 mm. When the press- 
ure dropped again to the low micron region, it was 
evident that essentially all of the oxygen had been 
picked up by the specimen, either in solution or as 
a surface oxide or both. The time required for the 
sample to absorb this much oxygen was approxi- 
mately 5 to 10 min. However, to give the oxygen a 
chance to diffuse throughout the sample, the sample 
was held for a period of at least 2 hr before adding 
the next increment of oxygen. About 12 ce of oxy- 
gen could be added per day, or in the neighborhood 
of 5 wt pet O, for a sample weighing 0.3 g. After the 
last oxygen addition, the sample was held for 
several hours at the diffusing temperature for 
further homogenization. 

A diffusion constant D was calculated for oxygen 
diffusing into a vanadium sample at 900°C by 
making use of the observed drop in gas pressure as 
a function of time. Since a plot of grams of oxygen 
absorbed against the square root of time produced 
a straight line, the oxygen absorption was appar- 
ently diffusion-controlled. Then from the observed 
oxygen flux (grams absorbed into the sample per 
unit area per unit time) a diffusion constant was 
calculated where D 2x10° sq cm per sec. This 
value must be regarded as a tentative one until a 
more precise experiment is carried out. 

Samples containing 20 atomic pet O or more were 
prepared by are melting vanadium and V.O, in an 
argon atmosphere using an arc-melting furnace ord- 
inarily utilized for the preparation of zirconium and 
titanium alloys. While this apparatus was satisfac- 
tory for preparing V-O alloys, it was not useful for 
melting pure vanadium because the melting atmos- 
phere was not under sufficiently good control to 
avoid vanadium embrittlement by the absorption of 
small quantities of oxygen. 

Many of the alloys were analyzed by vacuum 
fusion for oxygen content but it was obvious that 
the synthesis was more accurate than analysis. With 
oxygen contents of less than about 10 atomic pct, 
agreement between the amount of oxygen added 
volumetrically and the amount found gravimetrically 
was excellent. However, with higher oxygen con- 
tents there was usually considerable variance be- 
tween the two, presumably because of cumulative 
errors in reading a large number of small volumes 
in the gas burette. In any case, the gain in weight 
was always used as the method of determining the 
oxygen present in the samples. Naturally, this meth- 
od could not be used with the arc-melted samples: 
here it was necessary to rely on a chemical analysis 
for vanadium, taking oxygen by difference. Vacuum- 
fusion analyses could not be used with the oxygen- 
rich samples as the volume of gas from even a very 
small sample was too large to be collected and 
stored. 

The diffusion method of sample preparation worked 
very satisfactorily, and there was no indication that 
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Fig. 1—Vickers hardness number vs atomic percentage of 
oxygen. 


significant concentration gradients were present from 
the surface inward. Microhardness measurements 
taken across the thickness of samples and the gen- 
eral reproducibility of test results indicated satis- 
factory homogeneity. Any sample which showed a 
surface tarnish after the diffusion preparation was 
discarded as regards estimating composition. In- 
variably, however, samples prepared in the standard 
manner described above emerged from the gas ab- 
sorption apparatus with a clean surface. 


Hardness of V-O Alloys 

Fig. 1 shows a plot of Vickers hardness number vs 
atomic pet O for alloys quenched from 900°C. Slow 
cooling the alloys instead of quenching them made 
only a few points difference (lower) in hardness. 
Vanadium containing more than approximately 0.05 
wt pet O (about 0.15 atomic pet) is relatively un- 
workable or partially brittle at room temperature, 
but metal containing less than this amount of oxygen 
is very ductile unless otherwise contaminated. 


X-Ray Diffraction Measurements 

After examining a few 5.73 cm diam Debye X-ray 
diffraction films of various V-O alloys, it was clear 
that many of the alloys were body-centered tetra- 
gonal as claimed by Klemm and Grimm.’ Also, a 
trend could be established in which the lattice para- 
meter ratio c/a increased with increasing oxygen 
content, likewise in agreement with the findings of 
these authors. 

While the X-ray diffraction method was very 
valuable in the investigation since considerable in- 
formation was obtained, it turned out to be a tedious 
and inefficient technique because of the poor quality 
of films obtained. The only suitable X-ray targets 
for back-reflection lines were copper and _ nickel, 
with copper more generally satisfactory as regards 
line position for precision measurements of para- 
meters. Unfortunately, copper and nickel radiation 
cause a large amount of vanadium fluorescent 
radiation, blackening the film and causing poor con- 
trast. From theoretical considerations, the only tar- 
get materials which would be free of this defect are 
titanium, chromium, or metals of lower atomic weight 
than titanium. A titanium target was not available. 
Chromium radiation produced no fluorescence and 
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gave very good lines, but yielded an insufficient 
number of lines in the back-reflection region; it 
was used only for qualitative data, see Fig. 2. 

Body-Centered Cubic Measurements: Parameters 
of body-centered cubic alloys were measured with 
a 12 em diam back-reflection focusing camera, using 
lines of the (321) planes. Film shrinkage was cor- 
rected from measurements on fiducial marks. The 
parameters thus obtained and shown in Table I are 
considered to be accurate to at least 0.0005A. Extra- 
polation methods could not be used with the V-O 
alloys because of too few lines, but the parameters 
of the two pure vanadium samples were obtained by 
90° extrapolation using Cohen's method.' 

The calcium-reduced metal used in the investiga- 
tion gave a 3.0278 +0.0001A from an extrapola- 
tion of five points, and high purity iodide metal 
from Battelle Memorial Institute gave a, 3.0258 
+0.0001A on a comparable extrapolation but using 
only three back-reflection lines. This metal was pre- 
pared by the method of Nash et al. and has the fol- 
lowing typical analysis: Fe, 0.07 pet; Al, 0.005; Si, 
0.002; Cr, 0.002; O, 0.012; N, 0.008; and H, 0.005. 
The less precise values from measurement of the 
(321) planes as described above are reported in 
Table I in order to show values comparable to the 
V-O alloys. 
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Fig. 3—Lattice parameter ratio c/a vs atomic percentage of 
oxygen. 


294—JOURNAL OF METALS, FEBRUARY 1953 


Body-Centered Tetragonal Measurements: Most 
measurements were made with the precision camera; 
but occasionally the lines were too faint, and re- 
course was had to the small (5.73 cm diam) Debye 
camera. In either case, measurements were made 
on the (321) and (312) lines. Data in Table I for 
body-centered tetragonal structures are reported to 
the third decimal place with the probable error less 
than 0.002A. 

In a few cases where Debye camera measurements 
are reported, the Straumanis technique” of com- 
pensating for film shrinkage was followed. 

All films were read on an illuminator equipped 
with a vernier scale reading directly to 0.02 mm. 

Heat Treatments: An annealing temperature of 
600°C was used with all specimens as a standard 
low temperature treatment. The lattice parameters 
obtained at this temperature level were compared 
to those after quenching at higher temperatures to 
find out if the oxygen solubility was a function of 
temperature. It was standard practice to seal off 
the —200 mesh powder in a vanadium foil-lined, 
evacuated, fused-silica tube. The silica tube was sus- 
pended in a vertical tube furnace, and at the end 
of the heat treatment was thrust under water for 
a quench. While a faster quench could have been 
obtained by crushing the silica tube under water, 
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Fig. 4—Lattice parameter of body-centered cubic « phase as a 
function of oxygen content. 


this was not done because of danger of contaminat- 
ing the vanadium. 

By plotting c/a vs atomic pct O for several heat 
treatments, the graph shown in Fig. 3 was obtained. 
Since the parameter measurements were about the 
same after quenching, from various temperature 
levels, there seemed to be no reason not to show all 
the data on a single curve. The location of line A-B 
was determined by plotting the lattice parameter 
of dilute cubic alloys against concentration, see Fig. 
4. Figs. 3 and 4 are interpreted as follows: Oxygen 
dissolves in solid vanadium up to 3.2 atomic pct 
without altering the basic structure, but causing a 
linear lattice expansion of about 0.66 pct. Beyond 
this point a body-centered tetragonal phase makes 
its appearance, creating a two-phase region up to 
14.7 atomic pct O. No change in c/a occurs during 
the two-phase interval since the compositions of the 
two phases (a and £) are fixed. 

After passing point C in Fig. 3, the a phase dis- 
appears leaving pure ~. The c/a ratio for the £ solid 
solution increases with oxygen content, up to point 
D, the solubility limit of oxygen in the 8 phase. Fur- 
ther additions of oxygen result in the appearance of 
VO, a compound of established structure (NaCl) 
and which according to Klemm and Grimm,’ has a 
homogeneity range from about 47.4 to 56.5 atomic 
pet O. 

Because of lack of precise reproducibility, there 
was as much lattice parameter variation between 
different samples of similar oxygen content as in 
the same sample heat treated at different tempeva- 
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tures. All that can be stated at present regarding 
the effect of temperature is that if the composition 
limits of the a and 8 phases vary with temperature, 
the variation is apparently not large. 


Structure of the Beta Phase 

Klemm and Grimm’ postulated the structure shown 
in Fig. 5 for the body-centered tetragonal solid solu- 
tion. It is interesting to note that this is identical 
to the structure suggested by Jack’ for nitrogen 
martensite found in the Fe-N system. 

Because of the availability today of neutron dif- 
fraction as a structure tool, it was considered de- 
sirable to locate the oxygen atoms in the § phase 
directly instead of deducing their position by dis- 
placements of the metal atoms. This test was carried 
out with the cooperation of Dr. E. O. Wollan at Oak 
Ridge National Laboratory. The neutron diffraction 
pattern obtained for the oxygen atoms in a 21 atomic 
pct alloy supported the structure deduced by Klemm 
and Grimm, Fig. 5, and by Jack for the nitrogen 
atoms in nitrogen martensite. The details of this in- 
vestigation will be reported elsewhere. 

From the configuration of the atoms in Fig. 5 it 
can be seen that there are two vanadium atoms and 
two oxygen atoms per unit cell. The saturated solid 
solution, if entirely composed of this structure, would 
reach VO or contain 50 atomic pct O. However, it 
has been shown in Fig. 3 that the 8 phase does not 
reach this concentration but is saturated at approxi- 
mately 21.8 atomic pet O. Since 50 atomic pct cor- 
responds to two oxygen atoms per unit cell, there 
is 2/50 or 0.04 oxygen atoms per unit cell for each 
atomic percentage of oxygen. Hence, multiplying the 
concentration of an alloy in atomic percentage by 
0.04 gives the fractional number of oxygen atoms 
per unit cell. 

In Fig. 6 are plotted the parameters a, and c, in 
the range from 14.7 atomic pct for the unsaturated 


Fig. 5—Structure of 
body-centered tetra- 
gonal V-O solid solu- 
tion (all interstitial 

positions filled). 
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B solution to 21.8 atomic pet for the saturated solu- 
tion. From the intersections of the linear plot of the 
two parameters, normalized a, and c, values may 
be read off for these two concentration limits, see 
Table II. By subtracting the unit cell volume of pure 
vanadium from the unit cell volume of the two £ 
phase concentrations mentioned above, the increase 
in average unit cell size may be computed (col. 6 
in Table Il). The volume occupied by an average 
oxygen atom may then be approximated by dividing 
the increase in cell volume by the number of oxygen 
atoms in that cell. 

By assuming that the cell volume increase per 
oxygen atom is entirely occupied by the atom, an 
upper limit to the size of the oxygen atom may be 
calculated by equating the volume to 4/3 a7 (vol- 
ume of a sphere) and solving for r. The radii de- 
termined in this way for the unsaturated and satu- 
rated 8 solutions are given in Table II. Obviously, 
this results in too large an oxygen radius since the 
oxygen atoms do not fully occupy the extra cell 
space they create. 

Another approach is to calculate the radius of the 
largest circle in the center of a (001) face using a, 


Body- 
Centered 
Oxygen, Cubic 
Atomic Parameter, 
Pet de de Ce 


0.039 3.0255 

0.14 3.0275 

0.5 3.0291 

1.6 3.0376 

3.2 3.0495 

3.6 3.0467 ° ° 
3.6 3.0466 
5.1 3.0474 
6.4 3.0512 
64 2.992 3.263 
8.1 2.990 3.266 
9.5 od 2.992 3.252 
11.3 2.990 4.264 
11.3 2.990 4.27% 
124 ° 2.994 3.236 
12.4 2.990 3.241 
13.4 2.989 3.263 
15.5 2.987 4.291 
15.5 2.987 3.281 
15.5 2.985 $.312 
15.5 2.985 3.320 
15.5 2.985 3.315 
15.5 2.984 $.315 
16.3 2.985 
184 2.977 3.388 
19.3 2.958 3.421 
19.5 2.980 3.456 
21.0 2.948 3.476 
21.0 2.948 3.480 
25.5 2.939 3.493 
25.9 2.943 3.521 
259 2.948 3.490 
26.2 2.943 3.523 


* Faint lines present 


Table |. X-Ray Data on V-O Alloys After Various Heat Treatments 


Body -Centered Tetrago- 
nal Parameters 


Heat Treatment, 
All Water 


c/a Quenched Kemarks 


50 hr 600°C High purity iodide metal 
50 hr 600°C Calcium-reduced metal of 
analysis is given in text 
50 hr 600°C 
50 hr 600°C 
50 hr 600°C 
50 600°C 
2 her 1000°C 
2 hr 1000°C 
° 50 hr §00°C 
1.091 2hr 1000°C 
1.092 2 hr 1000°C 
1.087 50 600°C 
1.092 50 hr 600°C 
1.095 2 hr 1000°C 
1.081 50 hr 600°C 
1.084 50 hr 600°C Debye film 
1.091 12 hr 1000°C 
2 hr 600°C 
1.102 50 hr 600°C 
1.088 50 hr 600°C 
1.109 7 days 400°C 
1.112 2 hr 1000°C 
1.110 50 hr 600°C 
1.111 100 hr 600°C 
1.110 50 hr 600°C 
1.138 50 hr 600°C 
1.156 50 hr 600°C Are melted 
1.159 12 hr 1000°C 
2 hr 600°C 
1.179 50 hr 600°C Are melted 
1.181 2hr 1000°C Are melted 
1.188 50 hr 600°C Are melted, Debye film, 
VO present 
1.196 50 hr 600°C Are melted, VO present 
1.184 lhe 1400°C Arc melted, VO present 
1.197 50 hr 600°C Are melted, VO present 
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2.94A for the saturated £ solid solution and 1.31A 
for radius of the vanadium atom. The solution for 
this gives an oxygen radius of 0.77A, a value which 
agrees reasonably well with the covalent bond radius 
for oxygen (0.74A) suggested by Schomaker and 
Stevenson.” The unit cell expansion from the volume 
of the original vanadium to that of the unsaturated 
f£ phase is 5.04 pet, while the corresponding expan- 
sion of the saturated § phase is 9.06 pct. 


Investigation of Phase Equilibria by Other Methods 

Other techniques used in this investigation include 
electrical resistivity, thermal analysis, thermoelectric 
effect, microscopic examination, and hydrogen equi- 
librium. Neither electrical resistivity nor thermal 
analysis showed any property versus temperature 
discontinuities in the region where these methods 
were used (up to 8 atomic pet O and 1200°C). The 
electrical resistivity method was capable of easily 
detecting a 1 pet change in this property. 

Microstructures: While the microstructures ob- 
served in the vanadium alloys were very interesting 
and instructive in a qualitative sense, it was not 
feasible to use metallographic evidence in locating 
phase boundaries. Fig. 7 shows the structure of the 
vanadium starting material; the particles of con- 
stituent visible are VC or V.C. Fig. 8 shows how 
5.7 atomic pet O produces “strain markings” which 
are caused by the presence of the 8 phase. Fig. 9 is 
very typical of alloys in the region near 6 to 7 atomic 
pet O; here again, more clearly visible bands are 
apparently deformation markings which have been 
formed by some cooperative slipping or shearing of 
the parent a lattice during partial transformation 
to f£. Fig. 10 is characteristic of alloys from the 
central a 8 region to the saturation limit of £. 


At first glance, it resembles a fine-grained austenitic 


stainless steel, profusely twinned. Closer inspection 


indicates some differences and these are: 1—the 
“twin” bands are not very uniform in width, and 
2—there are many areas of extremely fine lamellae, 
some of which cannot be resolved by the most 
powerful objective of the light microscope. Fig. 11 
shows a particularly clear example of the lamellae 
in which are seen bands resembling twins, but which 
contain a lamellar structure, originating possibly by 
a double shearing action as described by Bowles 
et al.” for the case of certain In-Th alloys. 

It cannot be argued that the alloy of Fig. 11 con- 
tains a + £B since the X-ray evidence is clear that 
it consists entirely of the 8 phase. Hence, there is 
a continuum of metallographic structures from the 
a + B region through the 8 region such that it can- 
not be determined by this method whether the alloy 
contains two phases or one phase. Metallographic 
structures of similar appearance have been reported 
by Newkirk et al.,"” Guttman,” and Lipson et al.” 

It is interesting to note that Fig. 12, which shows 
the structure of an are melted 21 atomic pct alloy, 
does not exhibit any banding or lamellae. This sug- 
gests that the lamellae, since they are only present 
in the samples prepared by diffusion, originate 
during oxygen diffusion. Obviously, with the aver- 
age unit cell increasing in volume by 5 to 9 pct in 
the 8 phase, large amounts of lattice strain are re- 
quired to create a stable nucleus of the 8 phase. The 
creation of nuclei of the 8 phase might be expected 
to require a cooperative shearing action in order to 
produce the displacements necessary to make room 
for the large £ lattice, hence, the bands and lamellae. 
When the vanadium alloy is converted completely 
to the 8 phase, as in Fig. 11, the deformation bands 
originating during transformation remain even after 
transformation is complete. 

The situation with the arc-melted alloy is quite 
different as here the 8 phase originates from the re- 
action a VO — Bat 1270 C (see later). Since this 
reaction occurs at a comparatively high tempera- 
ture, there must be considerable stress relaxation, 
with apparently insufficient stress to cause the de- 
formation markings, or lamellae, during transfor- 
mation. However, many cracks are observed, which 
presumably originated at some lower temperature 
during cooling. 

Figs. 13 and 14 show structures observed in alloys 
containing more than 21.8 atomic pet O (26.2 and 
25.9, respectively). These alloys, like that of Fig. 12, 
were prepared by are melting. All of the arc-melted 
alloys were given various heat treatments from 
1000° to 1400 C, but with only minor effects on the 
microstructure; mainly a somewhat different per- 
centage distribution of the two phases (8 + VO). 
The important thing about Figs. 13 and 14 is the 
Widmanstatten structure in certain areas which sug- 
gests the presence of a eutectoid transformation at 
some elevated temperature, No attempt was made to 
locate the coordinates of the eutectoid nonvariant 


Table I1. Geometry of the Unsaturated and Scturated Beta Phase and Approximate Size of the Oxygen Atom 


Unit Cell 
Atomic Pet Volume. 
Oxygen ae Co A’ 
Original V o.14 3.0275 27.749 
Unsaturated 
B phase “47 2.99 3.26 29.144 
Saturated 
8 phase 21.8 294 3.50 30.254 
Maximum interstitial radius on (001) plane at saturation (a, 2.94A) 


Increase in Number of Volume per Radius 
Cell Size, A‘ Oxygen Atoms Oxygen Atom, of Oxygen 
Due to Oxygen per Cell x’ Atom, A 


1.395 0.588 2.37 0.81 
2.505 0.873 2.87 0.86 
0.77 
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Fig. 7 (left)—Vanadium starting material. 
X500. Area reduced approximately 50 pct 
for reproduction 


Fig. 8 (right)—V + 5.7 atomic pct O, 
900°C water quenched. X500. Area re- 
duced approximately 50 pct for reproduc- 
tion. 


Figs. 7 and 8—Samples anodically etched 
in 10 pet HCL. 


~ 
“ 


Ag 
7 


Fig. 11 (left) —V + approx. 18 atomic pct 
O, slow cooled 1100°C. X1700. Area re- 
duced approximately 50 pct for reproduc- 
tion. 


Fig. 12 (right) —Arc melted V + 21 atomic 
pct O, slow cooled 1000°C. X250. Area re- 
duced approximately 50 pct for reproduc- 
tion. 


Figs. 11 and 12—Samples anodically 
etched in 10 pct HCI. 


horizontal, nor to identify the decomposing solid 
solution, as this was considered outside the scope of 
this investigation. 

Hydrogen Equilibrium: McQuillan’ has demon- 
strated that phase transitions may be detected in 
metals having a fairly high hydrogen solubility by 
measuring the equilibrium pressure of hydrogen 
over the alloy as a function of temperature. 

The amount of hydrogen necessary for such 
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Fig. 9 (left)—V + 66 atomic pct O, 
900°C water quenched. X1700. Area re- 
duced approximately 50 pct for reproduc- 
tion. 


Fig. 10 (right)—V + 12.4 atomic pct O, 
900°C, slow cooled. X500. Area reduced 
approximately 50 pct for reproduction. 


Figs. 9 and 10—Samples anodically etched 
in 10 pet HCI. 


Fig. 13 (left)—Arc melted V + 26.2 
atomic pct O, as cast. X1700. Area re- 
duced approximately 50 pct for reproduc- 
tion. 


Fig. 14 (right)—Arc melted V + 259 
atomic pct O, as cast. X250. Area re- 
duced approximately 50 pct for reproduc- 
tion. 


Figs. 13 and 14—Samples anodically 
etched in 10 pct HCI. 


measurements is very small, usually the order of 
0.1 atomic pet; the pressure is in the micron range. 
McQuillan has shown also that if the log of hydrogen 
pressure is plotted against 1/T,, a straight line re- 
sults as long as the alloy contains one phase, or as 
long as the relative proportion of two phases re- 
mains fixed. However, in going from a single-phase 
region to a two-phase region, or vice versa, or from 
one two-phase region to another two-phase region, 
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Fig. 15—Hydrogen pressure —1/T plot for two V-O alloys. 


a discontinuity in the log p vs 1/T, plot results be- 
cause of differences in hydrogen solubility in one or 
more phases. 

An advantage of this method in investigating a 
system like V-O is that it does not involve mechan- 
ically attaching a thermocouple or potential leads, 
etc., to the brittle specimens. The apparatus used 
consisted of a mullite tube closed at one end about 
\% in. ID x 8 in. long attached to the glass vacuum 
system previously mentioned. Adjacent to the mullite 
tube was a Distillation Products Pirani gage for 
measuring the hydrogen pressure. A small platinum- 
wound resistance furnace was used to heat the sam- 
ple tube up to 1450°C. 

Procedure for Making a Hydrogen Pressure Run: 
The samples used contained 7.6 and 25 atomic pct O 
and weighed about 1 to 4 g. After dropping the sam- 
ples into the mullite tube which had been previously 
degassed at a temperature higher than that planned 
for the hydrogen equilibrium run, the sample tube 
was pumped down to about 10° to 10° mm of mer- 
cury. The samples were heated to about 1000°C and 
thoroughly degassed at this level, after which about 
1 ce of dry hydrogen was introduced into the gas 
absorption apparatus open to the mullite tube. After 
waiting a few moments, the pressure of hydrogen 
(at first too high to read on the Pirani gage) was 
reduced to about 5 microns. At this level a stopcock 
was closed which isolated the sample tube and Pirani 
gage from the vacuum system. Pressure-tempera- 
ture readings were taken every 10°C or thereabouts, 
using a calibrated Pt-Pt-Rh thermocouple. 

Several runs were made with both alloys with 
the result that a single arrest was found at 1270 
+ 10°C, see Fig. 15. Apparently the nonvariant hori- 
zontal referred to above occurs at this level from 
at least 7.6 to 25 atomic pct O. Cooling curves were 
attempted a few times, but without success; the 
pressure failed to fall in a reproducible way and 
yielded data of no value. This may have been caused 
by a mullite-sample reaction, but there was no 
visible evidence of such a reaction; the samples 
always dropped out of the tube clean and bright and 
no discoloration was evident inside the tube. How- 
ever, since several heating curves all gave the same 
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value of 1270° +10°C, there seems to be no doubt 
that: 1—there is a reaction at this level, and 2—that 
this temperature within the error mentioned is cor- 
rect. 

Tentative V-VO Phase Diagram: The phase dia- 
gram, Fig. 16, was drawn from the following evi- 
dence: X-ray diffraction measurements clearly 
showed the presence of the a, a + £8, 8, and B + VO 
fields as indicated previously. The limits of these 
phase fields have also been described, and evidence 
has been cited for believing that the phase bound- 
aries are essentially vertical. The homogeneity range 
of VO (47.4 to 56.5 atomic pct O) has been taken 
from the work of Klemm and Grimm, and it was 
assumed that its phase boundaries, as in the other 
phases, are vertical. 

A few optical pyrometer liquidus and solidus 
points were determined for alloys containing 21, 26, 
and 48 atomic pct O with the results shown as circles. 
VO apparently melts congruently in the vicinity of 
1900°C. These preliminary results must be assumed 
to be only semiquantitative, but they suggest a 
peritectic reaction and such a relation fits in with 
the deduced existence of the y phase (see below). 
Also, no metallurgical evidence for a eutectic was 
found. 

The 8 phase apparently forms by a peritectoid 
reaction at 1270°C: a VO — 8 as already sug- 
gested. The nonvariant horizontal is drawn dotted 
beyond the 25.5 atomic percentage region to VO 
since no data were obtained in that region. 

Since metallographic evidence suggested the exist- 
ence of a eutectoid reaction, the eutectoid horizontal 
must evidently be at some temperature above 1270 C. 
It is also clear that there must be some solid solu- 
tion fairly rich in oxygen which breaks down to 
form the eutectoid. Hence, a second terminal solid 
solution (y) extending for a considerable distance 
into the diagram was postulated. However, before 
this hypothesis could be seriously considered, it was 
necessary to show that pure vanadium undergoes 
a polymorphic transformation at some high tem- 
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Fig. 16—Tentative V-VO phase diagram. 
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Fig. 17—Electromotive force of V-Mo thermocouple as a func- 
tion of temperature. 


perature, probably above 1400°C. The melting point 
of vanadium was taken from Adenstedt et al." 

Evidence for such a transformation at 1550°C is 
presented in the next section, but no information 
was obtained on the structure of the new phase. 

The location of the eutectoid horizontal at 1450°C 
is purely arbitrary. The suggested eutectoid point 
at 40 atomic pct O was estimated from the appear- 
ance of microstructures of annealed V-O alloys con- 
taining about 25 atomic pct O. 


High Temperature Polymorphic Transformation in 
Pure Vanadium 

After considering various possible experimental 
methods, it appeared that the measurement of the 
electromotive force generated by a V-Mo or V-W 
thermocouple as a function of temperature would 
be experimentally simple and sufficiently sensitive. 

Accordingly, two preliminary experiments were 
made in a high-frequency heated vacuum furnace 
in which a V-Mo thermocouple junction was pressed 
into a slot cut in the side of a % in. cube of molyb- 
denum. By sighting an optical pyrometer on the 
molybdenum block and simultaneously reading the 
thermocouple electromotive force, it was possible to 
obtain a plot which showed some evidence of an 
arrest in the neighborhood of 1540°C. Similarly, a 
V-W thermocouple gave an unmistakable arrest at 
1520°C. 

Since there was a strong indication of a vanadium 
transformation, a third run was made in a tungsten 
resistance furnace using a helium atmosphere and a 
V-Mo thermocouple. For temperature measurements 
a Pt-Pt-Rh thermocouple was used which had been 
previously calibrated at the melting point of elec- 
trolytic iron, 1535 C. The data of this run are plotted 
in Fig. 17. This curve shows clear evidence of a 


polymorphic transformation in vanadium at about 
1550 


=10°C. 
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Summary and Conclusions 

The results of an investigation of vanadium-rich 
V-O solid solutions are presented, indicating the 
structure and lattice parameters of two solutions, 
and and their approximate temperature-compo- 
sition existence. The a solution is the terminal body- 
centered cubic one, and contains up to 3.2 atomic 
pet O. The 8 solution has an ordered body-centered 
tetragonal structure, is formed at 1270°C, and exists 
from about 15 to 22 atomic pet O. From the evidence 
available, the various phase boundaries have no ap- 
preciable temperature dependence. 

A tentative phase diagram is presented from V to 
VO, but the region above 1270°C is largely specula- 
tive. However, there is enough information available 
about the behavior at these higher temperatures to 
make it worth presenting as a suggestion to future 
investigators. 

Evidence has been found for a polymorphic trans- 
formation in pure vanadium at 1550°C. 
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Cold-Rolling and Annealing Textures of Molybdenum Single Crystals 


by N. K 


HE textures of straight-rolled and of cross- 
rolled molybdenum were first determined with 
the aid of pole figures by Custers and Riemersma. 
These authors have shown that for straight-rolling, 
the main texture was (100) [011] with a considera- 


ble spread about the rolling direction. After cross- 
rolling a second texture was obtained in which there 
was a [111] axis perpendicular to the rolling plane, 
possessing a rotary symmetry. Recently Semchy- 
shen and Timmons’ in their study of preferred 
orientation of arc-cast molybdenum sheet obtained 
similar pole figures. In these two investigations, 
polycrystalline materials were used. In the main, 
the textures of molybdenum in these 
qualitatively consistent with rolling textures of 
other body-centered cubic metals, such as iron and 
Fe-Si alloys.” 

In the present investigation, single crystals of 
molybdenum were deformed by rolling with respect 
to specific crystallographic planes and directions 
Since the deformation textures of polycrystalline 
aggregates have been related intimately to the be- 
havior of individual grains,‘ a study of possible cor- 
relations of final textures with respect to the initial 
orientations of the single crystals might conceivably 
lead to a better understanding of the textures. An- 
nealing treatments were carried out after deforma- 
tion in order to study the recrystallization character- 
istics as well as the recrystallization texture 


cases are 


Rolling of Single Crystals 

Single crystals of molybdenum (about 's in. in 
diam x 1-in. long), grown by the method previously 
described,” were cold-rolled without intermediate 
anneals. Except for specimens MR-1 and MR-2, 
which were rolled at random in the preliminary test 
in order to find a proper rate of reduction, all other 
specimens were carefully documented as to their 
respective orientation before deformation by means 
of X-ray Laue back-reflection methods. A stereo- 
graphic projection was constructed from which it 
was possible to determine a particular plane and 
direction to be considered for rolling. Parallel flat 
surfaces were then polished metallographically with 
respect to a reference scratch on the specimen which 
was mounted in sealing wax. These flat surfaces 
contained the plane chesen for rolling. After etch- 
ing, a Laue back-reflection photogram was again 
made of one of the flat surfaces to determine the 
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Table |. Summary of Rolling Results of Molybdenum Single Crystals 
Reduc- 
Initial Final tion in 
Speci- Thick- Thick- Thick- 
men ness, ness, ness, 
No. In. In. Pet Remarks 
MR-1 0.082 0.036 56.1 Deformed rapidly; speci- 
men cracked 
MR-2 0.092 0.004 95 Small amount of polycrys- 
tals present Cracking 
occurred 
MR-3 0.089 0.0035 96 
MR-4 0.093 0.003 96.8 
MR-5 0.095 0.002 97.9 
MR-6 0.105 0.007 93.3 Polycrystalline section con- 
tained in single crystal 
rolled to 90 pet 
MR-7 0.087 0.005 94.3 
MR-8 0.099 0.004 
MR-9 0.088 0.004 95.6 Severe cracking 
MR-10 0.084 0.011 87 Severe cracking; 
cross rolled 
MR-11 0.087 0.006 93.2 Cross rolled 
MR-12 0.082 0.0015 98.2 Cross rolled 
MR-14 0.092 0.003 96.8 Compression rolled 
MR-15 0.077 0.003 96.2 Compression rolled 
MR-16 0.090 0.0015 98.4 Compression rolled 


exact plane of rolling. The initial orientations of 
all the specimens (specified by two elements for each 
crystal, direction of rolling and the pole of the roll- 
ing plane) are summarized in Fig. 1. 

The specimens were mounted in plasticene be- 
tween two hardened Si-Fe plates. The sandwich 
was then rolled down, keeping the direction constant 
in the case of straight-rolling. In cross-rolling (MR- 
10, MR-11, and MR-12) the sandwich was rotated 
90° after each pass so that every first and third pass 
contained the same rolling direction. Specimens 
MR-14, MR-15, and MR-16 were compression-rolled 
following the manner of Barrett.” In these cases the 
direction of the sandwich through the rolls was 
changed by 3° to 5° for each pass until the speci- 
mens were rolled to the desired reduction in thick- 
It was found that if extreme care was exer- 
cised in rolling, i. e., the amount of deformation per 
pass was extremely small, the specimens could be 
rolled to a large reduction in thickness. The rate of 
reduction used, with a single exception of MR-1, 
was generally 0.001 in. per 10 passes. Thus, it took 
about 800 passes to reduce a specimen to a final re- 
duction in thickness of 87 te 98 pet. The results of 
rolling are shown in Table I. 


Cold-Rolling Textures 
The final orientations were determined by the 
conventional Laue transmission method,’ using 
molybdenum radiation, with or without a zirconium 
filter. Pole figures were plotted from {110} and {200} 
reflections in which three degrees of intensity 


ness. 


heavy, medium, and light—were determined visually 
Three main types of textures have been observed 
from the deformed single crystals. These are: 1—a 
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Fig. I—Initial orientations of molybdenum single crystals used 
before rolling. Solid circle, crystals developed texture (001) [100]; 
open circle, crystals developed texture (001) [110]; double circle, 
crystals developed texture (111) [112]; x, crystals compression- 
rolled, texture {001}. 


(001) {110}, 2—a (111) [112], and 3—a (001) [100). 
A pole figure representing the first type (MR-4 and 
MR-6) is shown in Fig. 2. It is seen that the main 
texture is (001) [110], with a spread of 15° about 
the rolling direction. This type of preferred orienta- 
tion has generally been observed as the rolling 
texture of most body-centered cubic metals. A pole 
figure representing the second type is shown in Fig. 
3 for specimen MR-5. The average orientation can 
be described as a (111) [112] texture, with a spread 
of 10° about the sheet normal. A minor component, 
(001) [100], may be noted. A similar preferred 
orientation, but with a greater spread about the pole 


Fig. 2—‘110) pole figure for rolled molybdenum single crystal MR-4. 
Ideal orientations indicated as follows: A, (100) [O11]; B, (115) 
(110); F, (110) [1192]. 
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of the rolling plane, is shown in Fig. 4 for MR-12. 
A component representing a (001) [100] texture can 
also be noted. 

The third type of texture, (001) [100], has been 
consistently observed in the present investigation 
for crystals whose initial orientation had a (001) 
near the rolling plane and [100] near the rolling 
direction. Figs. 5 and 6 are pole figures represent- 
ing this texture. It may be seen that this “cube” 
texture has a greater spread about the pole of the 
rolling plane than about both the rolling and trans- 
verse directions. The significant point is that there 
is no [110] in the rolling direction which has gen- 
erally been observed as the rolling direction of body- 
centered cubic metals. To check more sensitively the 
existence of the predominant [100] direction, an 
X-ray photogram, Fig. 7, was taken with the speci- 
men tilted 13° to the X-ray beam (@ 13.1° is the 
Bragg angle for (200) reflection by molybdenum Ka 
radiation). It is seen, Fig. 7, that the maximum in- 
tensity of (200) was obtained and, in addition, all 
other intensities testify to the existence of [100] as 


| 


Fig. 3—(110) pole figure for rolled molybdenum single crystal MR-5 
Ideal orientations indicated as follows. F, (111) [112]; G, (100) 
{001}. 


the rolling direction. These additional photograms 
were felt necessary, since the existence of a “cube” 
texture in a deformed body-centered cubic metal 
has not previously been reported. 

The texture resulting from compression rolling 
can best be described as a [100] fiber coinciding 
with the compression axis. However, it was also ob- 
served that the texture in the rolling plane is not 
completely random, but contains a Cube component 
parallel to the initial length axis of the specimen. 
This is considered to be due to the incapability -of 
uniform flow in all directions. Fig. 8 points to this 
conclusion. 

Annealing Textures 

The deformed specimens were annealed in argon 
purified with titanium at a temperature of 950°C 
for 1 hr. The specimens showed no recrystallization 
after this treatment as judged by numerous X-ray 
photograms. A second heat treatment for 3 hr at 
1080 C also showed no recrystallization. However, 
annealing for 14 min at 1350 C resulted in complete 
recrystallization. The textures after this latter treat- 
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Fig. 4—(110) pole figure for rolled molybdenum single crystal MR.- 
12. Ideal orientations indicated as follows: F, (111) [112]; G, 
(100) [001]. 


ment are as follows: Those specimens having a de- 
formed texture described as (001) [100] maintained 
this texture after recrystallization; those specimens 
having a deformed texture described as (111) [112] 
also retained this texture upon recrystallization. 
However, those specimens with (001) [110] as the 
deformation texture changed into one upon recrystal- 
lization which can best be described as (001) in the 
rolling plane with a direction about 20° from the 
[110]. A pole figure representing this recrystalliza- 
tion texture is shown in Fig. 9. 


Discussion of Results 
The “cube” texture in the present results is quite 
different from what has been observed as the rolling 


Fig. 5—(110) pole figure for rolled molybdenum single crystal MR-8, 
and also other crystals with their initial orientations near (100) 
{001} position. The main orientation is a cube texture, G (100) 
{001}, with a spread about the normal direction. A, B, C, D, E, 
and F are ideal orientations generally observed for body-centered 
cubic materials and molybdenum single crystals whose initial 
orientations are far from (100) [001] position 
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texture of body-centered cubic metals as reported 
in the literature.’* Since [111] is the slip direction 
such a texture is difficult to explain by the existing 
theories" owing to the fact that a [100] direction 
would not be a stable end position as the direction 
of rolling.’ A possible explanation must be sought 
from the initial orientations, chosen as the rolling 
plane and the rolling direction. It is seen from Fig. 1 
that all specimens (MR-3, MR-9, MR-10, MR-11, 
MR-7, and MR-8) which had their rolling direction 
and pole of the rolling plane very close, within 10°, 
to a cube axis developed an approximately “cube” 
texture after rolling, Figs. 5 and 6. This seems to 
indicate that although a [100] direction should not 
be a stable end position as a rolling direction during 
ordinary rolling processes, it could be made meta- 
stable in the present case of extremely slow reduc- 
tion of a single crystal with an initial “cube” orien- 
tation. 

It is interesting to note that in the rolling of single 
crystals of iron with the initial rolling direction near 
[001], Barrett and Levenson‘ did not observe the 
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Fig. 6—(110) pole figure for rolled molybdenum single crystal 
MR.-8, and also other crystals with their initial orientations near 
(100) [001] position. The main orientation is a cube texture; G, 
(100) [001] with a spread about the normal direction. 


existence of a “cube” texture. However, their roll- 
ing procedure consisted of reducing the crystals to 
82 to 97 pet reduction in thickness in 20 to 40 passes, 
while in the present case, more than 800 passes were 
used for the same final reductions. It should also be 
noted that the theory developed by Decker and 
Harker” would account for the existence of a “cube” 
rolling texture in the following manner: While their 
theory suggests that a grain would keep its initial 
orientation if: “(1) the slip planes are symmetrical 
with respect to the normal and transverse plane and, 
(2) the slip directions nearest the planes of greatest 
shear stress lie in the plane containing the rolling 
direction and the normal to the rolling plane,” the 
second condition should be modified to read: “the 
slip directions nearest the planes of greatest shear 
stress are symmetrical with respect to the normal 
transverse plane.” It would seem that the condi- 
tions modified by Decker are satisfied for crystals 
having an initial cube orientation. Further emphasis 
as to the applicability of this theory would appear 
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to be obtained here since the “cube” texture was - 
retained after recrystallization. s 
The textures (001) [011] and (111) [112] can be 
explained on the same basis of initial orientation 
difference as proposed by Barrett and Levenson.* It ae int ~ 
can be seen in Fig. 1 that for crystals MR-4, MR-5, . . 
MR-6, and MR-12 the rolling plane and direction 


were both distant from a starting (100) [001] posi- 


tion. The development of the preferred orientation 


in the cases of MR-4 and MR-6 would thus involve te 

mainly a rotation of their initial normal directions ‘ 

toward W,, and their initial rolling directions toward ¥ 4 A 
\- 


I and II, respectively. For crystals MR-5 and MR-12, 
the rotations would be mainly the movement of the 


initial normal directions toward D and their rolling e 
directions toward E and F, respectively. Since a co- ~ Mi 
existence of the two textures was observed in these = 
cases, varying only in their relative amount, frag- 

mentation into deformation bands might be expected. 

However, no metallographic evidence could be ob- 


served. 
It should be noted that MR-10, MR-11, and MR-12 Fig. 8—Pattern for compression-rolled molybdenum single 
were cross-rolled. Since MR-10 and MR-11 had both crystal MR-15. X-ray beam 90° from rolling plane. The 
vertical direction is the initial length-wise direction. Four- 


their initial rolling and transverse direction almost of Gee Cane 


further carefully controlled experiments, i.e., a large 
variation of the initial orientations of single crystals 
along with a quantitative determination of the re- 
sulting textures before and after recrystallization. 


ax. Conclusions 
1—Those crystals whose initial orientations were 
remote from a “cube” position developed (001) [110] 
and (111) [112] textures. 
J 2—Those crystals whose initial orientations were 


close to a “cube” position developed “cube” textures, 
(001) [100], with a spread about the normal direc- 


Fig. 7—Pattern for rolled molybdenum 


single crystal MR-10 showing (100) tion. 
{001} texture. X-ray beam 13° from the 3—Compression rolling molybdenum single crys- 
pote of plane, selling tals with initial orientation close to the “cube” posi- 
pr Intense a tion gave, generally, a [001] fiber texture. 

4—The textures resulting from recrystallization 
Bx, 13.1°, the Bragg angle for MoKa Pd 
saiietiee. at 1350°C were as follows: the deformation textures, 


(001) [100] and (111) [112], were retained; the 


parallel to the cube direction, a cube texture resulted 
just as in the other straight-rolled specimens, MR-3, 
MR-7, MR-8, etc., except for a smaller amount of 
spread. 

MR-14, MR-15, and MR-16 were compression- 
rolled. The fiber texture was found to be mainly 
[001] parallel to this axis of compression. This is 
consistent with Barrett’s result on compression of 
iron single crystals with their initial orientations 
within 22° of a cube axis." 

The general features of the recrystallization tex- 
ture in rolled iron and steel are: 1—rolling plane 
(100), rolling direction 15° from [011]; 2—rolling 
plane (111), rolling direction [112]; and 3—rolling 
plane (112), rolling direction 15° from [110].° In the 
case of molybdenum, the recrystallization texture 
has been reported as the same as the rolling texture 
but with less spread.’ In the present case, the re- 
crystallization texture apparently depends upon the 
deformation texture: both (001) [100] and (111) 
[112] textures remain unchanged upon recrystal- 
lization, but the (001) [011] texture undergoes a 
rotation of approximately 20° about the normal di- 
rection. Whether or not these differences in recrystal- 
lization textures can be explained on the basis of Fig. 9—(110) pole figure for recrystallized molybdenum single 
the acquisition of energy during the rolling process” crystal after rolling. Ideal orientations indicated as follows: A, 
as a function of the initial orientation should await (001) [110]; F, (111) [192] 
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deformation textures, (001) [110], underwent a 
rotation of approximately 20° about the pole of the 
rolling plane. 
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Technical Note 


Allotropy in the Phase ZrCr, 


by W. Rostoker 


N the course of the development of the phase equi- 

librium diagram for the system Zr-Cr,' the struc- 
ture of an as-cast alloy having the composition ZrCr 
was analyzed and established to be isomorphous 
with MgZn, (C14, hexagonal lattice, 12 atoms per 
unit cell). In a recent paper on the same system, 
Hayes, Roberson, and Davies’ report for the ZrCr 
phase an isomorphy with MgCu, (C15, cubic lattice, 
24 atoms per unit cell). It appeared that this con- 
flict might be resolved by assuming a high and low 
temperature modification for ZrCr,. That this was 
the case with the phase TiCr, has recently been 
demonstrated by Levinger.’ Specimens of ZrCr, an- 
nealed at 1200°, 1100°, 994°, 900°, 834°, 800°, and 
700°C, respectively, and subsequently quenched were 


Table |. Structure of ZrCr. at Various Temperatures 


Tempera- Structure 

ture, °C Type 
1200 MgCuy 
1100 MgeCu 
MgeCu 
900 MgZn 
834 MgeZn 
800 MzeZn 
700 


examined by X-ray diffraction analysis. It was suc- 
cessfully demonstrated that a transition from the 
MgZn, structure at lower temperatures to the MgCu 
structure did occur at some temperature between 
900° and 994°C. Table I lists the observed structures 
at the various annealing temperatures. In Table II, 
a summary of line spacings and intensities is given 
for each of the allotropic modifications. The first six 
lines of the MgCu, structures have been located in 
the table to illustrate the close similarity between 
the patterns. Lattice parameters of the two modi- 
fications were calculated by a least squares solution 
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Table II. Line Spacings and Intensities of the Two 
Modifications of ZrCr. 


MgZn, Type MgCu, Type 
d, Ob- 1,* Ob- d, Ob- 1,* Ob- 

hkl served served hkl served served 

002 4.136 vit 

003 2.786 vit 

110 2.538 wm 220 2.534 wm 

103 2.325 wm 

200 2.197 vit 

112 2.162 m 311 2.163 ms 

201 2.125 wm 

004 2.062 w 222 2.071 w 

202 1.934 vit 

104 1.863 ft 

210 1.678 vit 

212 1.542 vw 

204 1.510 vvit 

300 1.466 w 422 1.467 wm 

302 1.383 wm 511 1.383 m 

205 1.320 wm 

214 1.296 vit 

220 1.271 wm 440 1.270 m 

116 1.212 vit 
620 1.136 vw 
533 1.096 w 
622 1.083 vw 
642 0.9610 wm 
731 0.9364 m 
800 0.8994 vw 
822 0.8480 w 
751 0.8308 m 
662 0.8254 vw 
911 0.8251 ft 


* Intensities: s, strong; ms, medium strong; m, medium; wm, 
weak medium; w, weak; vw, very weak; ft, faint; vft, very faint; 
vvft, very very faint. 


of equations for interplanar spacings for a series of 
high angle lines. The results are as follows: MgZn 
type c 8.262 kX, A 5.079 kX. MgCu, type 

a 7195 kX. 

It is interesting to note that TiCr. behaves in re- 
verse fashion’ in that the MgCu, structure is the low 
temperature modification and the MgZn. structure is 
the high temperature modification. 
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Grain Boundary Sliding and Migration and Intercrystalline Failure 
Under Creep Conditions 


by Hsing C. Chang and Nicholas J. Grant 


Creep of very coarse grained, high purity aluminum was studied at 


400° to 1100°F with an initial stress range of 50 to 1200 psi. The process 
of boundary sliding and migration was studied. The driving force of 
boundary migration under creep conditions is shown to be a combination 
of strain energy and surface energy. A theory is presented regarding 
the role the grain boundaries play under creep conditions. From this 
theory intercrystalline failure of commercial alloys can be explained. Also 
from this theory an optimum grain size should exist for good high tem- 


N the investigation of the creep of very coarse 
grained, high purity aluminum previously re- 
ported, the cyclic nature of the process of grain 
boundary sliding and migration has been established 
by microscopic observation of the actual creep proc- 
ess as well as metallographically. It was also sub- 
stantiated by measuring localized strains across the 
grain boundaries. In addition, it was shown how 
extensive subgrain and fold formation may result 
from boundary sliding and how the slid grain 
boundary may become sharply wavy as a result of 
subgrain formation. 

Since the publication of those results, additional 
information on the process of grain boundary sliding 
and migration has been obtained. It is the purpose 
of this paper to report on the direction and driving 
force of boundary sliding and migration, the effect 
of grain size, and the effect of temperature. Finally 
the effect of decreasing purity (alloys 2S and 3S) 
on the process of boundary sliding and migration 
is noted. From these results, an explanation is 
presented for the intercrystalline failure of alloys 
under creep conditions. The effects of grain size on 
the creep properties of impure and high purity ma- 
terials are discussed in the same light. 

The experimental proceduyes and technique have 
been presented elsewhere.’ It is only necessary to 
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perature properties of high purity materials. 


state how the 2S and 3S aluminum specimens are 
prepared. 

Machined specimens were first annealed at 600°F 
for about 12 hr. In order to produce a large grain 
size the specimens were then stretched 3 to 8 pct. 
The specimens were marked with reference marks, 
electropolished, annealed at 900 F for 24 hr and at 
1150°F for 12 hr, and repolished. 

The grain size of 2S aluminum produced by this 
treatment is comparable to that of high purity 
aluminum in the direction of its width of the speci- 
men, i.e., there are 2 to 4 grains across the width of 
the specimen. However, the grains of 2S aluminum 
are 3 to 10 times longer in the direction of the speci- 
men axis, On the other hand, the grain size of 
coarse grained 3S aluminum ranges from 10 to 20 
grains across the width of the specimen due to the 
treatment just outlined and therefore is much 
smaller than that of both high purity and 2S alumi- 
num. As in 2S aluminum, the grains are about 3 to 
10 times longer in the direction of the specimen 
axis than in the direction of the width of the speci- 
men. The arrangements of the grains in 2S and 3S 
aluminum were generally irregular; therefore it was 
difficult to follow the course of the grain boundaries. 


Results 

Method of Presentation: In order to show the ar- 
rangement of the grains, especially the direction and 
positions of the grain boundaries, traces of the grain 
boundaries on the four surfaces of the specimens 
were unfolded and mapped out after macroetching. 
Figs. 1 and 2 show the structural development 
drawings of specimens P-3 and P-8 respectively. 
The two flat surfaces (of which the front one faces 
the microscope) and the round-edged surfaces will 
be called the “front surface” and “back surface” and 
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3-FRONT SURFACE 
4-RIGHT EDGE 
Fig. 2—Specimen P-8. 


BACK SURFACE 
2-LEFT EDGE 


Fig. 1—Specimen P-3. 


Figs. | and 2—Structural development drawings of specimens 
P.3 and P-8, respectively, tested at 700°F and 85 psi. 


the “right free edge” and “left free edge” respec- 
tively. Capital letters were used to distinguish in- 
dividual grains. ' 

The results presented below and the observations 
made came from eight high purity aluminum, five 
2S aluminum, and one 3S aluminum specimens. 
High purity aluminum specimens were subjected to 
creep at 400°, 700°, and 1100°F with an initial 
stress range of 50 to 1200 psi. The 2S aluminum 
specimens were subjected to creep at 700°, 900°, 
and 1100°F with a stress range of 200 to 800 psi. 
One 3S aluminum specimen was subjected to creep 
at 1100°F with a stress of 300 psi. Several hundred 
micrographs were taken both during the actual 
creep tests and after the specimens had been re- 
moved from the creep furnace. Many micrographs 
showing the same phenomena were obtained; how- 
ever, only the most representative ones are pre- 
sented here. 

Most of the micrographs were taken with oblique 
light so that maximum details could be shown in 
the same one. All the micrographs will be so pre- 
sented in the text that the direction of the applied 
tension runs from top to bottom of the illustration. 
Specimen numbers are included after the figure 
number. The grain letter is indicated on the micro- 
graphs and schematic drawings in accordance with 
the structural development drawings of the speci- 
mens. 

Direction of Boundary Sliding and Migration: 
The direction of grain boundary sliding was checked 
frequently by observing the direction of the granu- 
lar offset on the specimen surface and along the slid 
grain boundary surfaces. As a result of many ob- 
servations of this sort, it can be concluded that the 
direction of grain boundary sliding is governed by 
the direction of the shearing stress acting on the 
boundary surface, 

In specimen P-3 (Fig. 1, tested at 700°F) a grain 
G, bounded by a free edge of the test specimen, 
passes through the whole thickness of the specimen. 
This grain slid as a whole in the direction of the 
thickness of the specimen. As a result of this, the 
back surface of this grain was depressed and the 
front surface extruded, as illustrated in Fig. 3. This 
could be readily observed visually. The direction of 
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boundary migration is indicated by arrows in Figs. 
4a and 5a which are micrographs of the front and 
back surfaces of grain G, respectively. According to 
the geometry of this grain, it is natural that it should 
slide in the way observed in Figs. 4 and 5. After 
examining many cases of this kind it is necessary to 
point out that the direction of boundary migration 
is generally toward the side which is depressed, as 
shown by the solid arrows of Fig. 3; i.e., away from 
grain G in Fig. 4 and toward grain G in Fig. 5. This 
position is also the one which has the least boundary 
surface area. 

That the rate of grain boundary migration is 
severely nonuniform can be seen clearly in Fig. 6 
(specimen P-8 tested at 700°F). A schematic draw- 
ing of Fig. 6 is shown in Fig. 7 to illustrate the se- 
quence of steps in the migration of this boundary as 
observed during the actual test. It should be noted 
that the migrating boundary tends to approach a 
position which is perpendicular to the specimen axis. 
This position of the grain boundary is also the one 
which has the smallest grain boundary area. 

Fig. 8 shows a grain boundary of grains A and B 
of specimen P-3. From Fig. 1 it can be seen that 
grain B did not go all the way through the thickness 
of the specimen. The original doubly curved bound- 
ary tended to straighten out. It appears that the in- 
flection point of this migrating boundary divides 


Tension 
Direction 


Fig. 3—Schematic drawing of the direc- 
tion of boundary sliding and migration in 
specimen P-3, grain G. Broken arrow 
indicates the direction of boundary slid- 
ing. Solid arrow indicates the direction of 
boundary migration. Dotted lines indicate 
a more stable position of the migrated 
grain boundaries. 


Tension 
Direction 


this boundary into two regions in which it migrated 
in opposite directions, as shown by the arrows in 
Fig. 8. 

The three examples cited above signify a type of 
grain boundary migration in which the grain 
boundary tends to reduce its surface energy by re- 
ducing its surface area. It must be remembered that 
all the grain boundaries were stabilized after the 
annealing treatment (without load) of 24 hr at 
900°F and 12 hr at 1150°F. The stability was 
checked by the fact that no boundary migration 
was observed even by annealing for another three 
days at 1150°F. Accordingly, the extensive bound- 
ary migration must be attributable only to the ap- 
plied stress. Boundary sliding caused by the ap- 
plied stress overcomes the locking effect at the 
stable triple points. This permits the grain bound- 
ary surface energy to come into effect, causing the 
grain boundary to migrate. 

Fig. 9a and b (specimen P-8, Fig. 2, tested at 
700° F) shows an interesting case in which the migra- 
tion of the boundary between grains D and E typi- 
fies a case in which the strain energy plays the 
dominant role. Grain E was apparently under com- 
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Fig. 4a—Specimen P-3, front surface. The en- 
closed grain was nonuniformly deformed; grain 
G slid as a whole. Solid arrow indicates the 
direction of boundary migration. X50. Area 
reduced approximately 60 pct for reproduction. 


Fig. Sa—Specimen P-3, back surface. Grain G 
slid as a whole. Solid arrow indicates the direc- 
tion of boundary migration. X50. Area reduced 
approximately 60 pct for reproduction. 


pression since sliding had taken place along the 
boundaries of grains C and E, and grains E and R. 
Furthermore, because of the blocking effect of the 
triple points of grains C, D, and E, and of grains 
D, E, and R, on the sliding of the boundaries of 
grains C and D and grains D and R, the grain 
boundary between grains D and E is subjected to 
bending. The compression side of the bending is in 
grain E and the tension side is in grain D. It is 
probably due to this stress system and the locking 
effect of the two triple points that the upper part of 
the boundary of grains D and E bulges into grain E 
during progressive boundary migration. Again note 
how the grain boundaries between grains C and E 


Fig. 6—Specimen P-8, front surface. Un- 
even nature of grain boundary sliding and 
migration. X100. Area reduced approxi- 
mately 70 pct for reproduction. 
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Fig. 4b—Specimen P-3, front surface. Same field 
as an Fig. 4a, repolished and etched. X50. Area 
reduced approximately 60 pct for reproduction. 


Fig. Sb—Specimen P-3, back surface. Same field 
as in Fig. 5a. Repolished and etched. X50. Area 
reduced approximately 60 pct for reproduction. 


Fig. 7—Schematic drawing of Fig. 6 shows 
the uneven steps of boundary migration. 
The numbers indicate the consecutive steps 
of the grain boundary migration. 


Fig. 8—Specimen P-3, back surface. The 
boundary migrated in opposite directions, as 
shown by arrows. Note the attracting 
effect of the etch pit below the arrow at 
the left on the migrating grain boundary. 
X100. Area reduced approximately 70 pct 
for reproduction. 
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Fig. 9a—Specimen P-8, back Fig. 9b—Specimen P-8, back 
surface. Uneven nature of surface. Same field as Fig. 9a. 
grain boundary migration as a Repolished and etched. The 
result of non-even distribution rotation of the boundary be- 
of stresses in grain E. | and F = tween grains C and E to a posi- 
indicate the initial and final tion almost perpendicular to 
positions of the grain boundary the specimen axis can also be 
between grains D and E re- observed. Note subgrain 
spectively. Note fold in grain boundaries pointed out by 
E opposite grain boundary be- arrows. X50. Area reduced 
tween grains D and R. X50. approximately 75 pct for re- 
Area reduced approximately 75 production. 

pet for reproduction. 


Fig. 10—Specimen P-1. Extensive bound- 
ary migration for a case where four grains 
of comparable size go across the width of 
the specimen. The zigzag path of the 
triple point is clearly shown. X50. Area 
reduced approximately 60 pct for reproduc- 
tion. 


and also E and R have migrated into positions ap- 
proaching 90° to the stress axis, making grain E 
bounded by rectangular boundaries. 

Effect of Grain Size: It has been shown that the 
process of boundary sliding and migration is a 
highly cooperative one. It will be expected that the 
more the grains go across the width of the speci- 
men, the more extensive will be the boundary mi- 
gration. The reason for this is that whenever one 
grain boundary slides, the two triple points at the 
ends of this slid boundary, and therefore the other 
two grain boundaries constituting the triple point, 
must migrate in order to maintain the triple point. 
Fig. 10 is a fine example showing the large extent 
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of boundary migration when four grains go across 
the width of the specimen (in most cases only two 
grains go across the width of the specimen). I and 
F indicate the initial and final positions of the grain 
boundaries. It should be pointed out that specimen 
P-1, from which Fig. 10 was obtained, was subjected 
to creep for 234 hr at 700°F (specimen P-8, for 81 
hr at 700°F) and therefore more time was allowed 
for this extensive boundary migration to take place. 

The observation that the path of movement of the 
triple point is zigzag may be explained as below. 
Fig. lla to d (all the boundary surfaces are as- 
sumed to be perpendicular to the plane of the paper) 
shows the stages of the movement of a triple point 
by the process of boundary sliding and migration. 
It is considered that the boundary of grains A and 
B slides first. As a result of this sliding an offset or 
new surface, as indicated by the dashed line 1-2 in 
Fig. lla, is produced between grains A and C. This 
provides the driving force for the boundary of 
grains B and C to migrate to form a new triple point, 
2, as shown in Fig. llb. If the other two grain 
boundaries cannot slide, the traces of the triple 
point movement would be on the extension of the 
slid boundary. But this is an unlikely situation be- 
cause the equilibrium arrangement of grains re- 
quires the condition that at least two of the three 
grain boundaries can slide. If now the boundary of 
grains A and C slides (Fig. llc), the boundary of 
grains A and B must migrate in order to form 
another triple point 3, as shown in Fig. 1ld. There- 
fore, the traces of triple point movement frequently 
follow a zigzag path. 

Fig. 12a shows an interesting case of how a small 
surface grain was consumed by three large neigh- 
boring grains. This is evident by a study of Fig. 12b, 
which shows the specimen repolished and etched. 
The etch pits clearly show the old and new grain 
change. It can be seen from Fig. 1 that, after the 


C stace m D stace m 


Fig. 11—The stages of the movement of a triple 
point. A. An offset (1) (2) was produced by sliding 
along the boundary between grains A and B. 
B. The boundary between grains B and C migrated 
from position (1) to position (2) as indicated by the 
dotted line. C. Offset (2) (3) was produced by 
sliding along the boundary between grains A and C. 
D. The boundary between grains A and B migrated 
from position (2) to position (3) as indicated by the 
heavy solid line. The heavy solid lines indicate the 
final arrangement of the grain boundaries. 
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Fig. 12a—Specimen P-3, back surface. De- 
formed surface. Note how a small surface grain 
L was eaten up. X150. Area reduced ap- 
proximately 60 pct for reproduction. 


Fig. 13—Specimen P-9. One hour after reach- 
ing 1100°F. Two triple points met in the center 
of the field and then separated in the top- 
bottom direction. X60. Area reduced approxi- 
mately 60 pct for reproduction. 


disappearance of the small grain, the grain bound- 
aries of the three large grains went through the 
thickness of the specimen. 

Effect of Temperature: As the temperature in- 
creases the atomic mobility (diffusion) increases, 
and so does the rate of boundary migration. Figs. 
13 and 14 were taken from the same field during the 
creep process of specimen P-9, which was sub- 
jected to creep at 1100°F under a stress of about 65 
psi. The rate of boundary migration was of the 
order of 1x10° cm per sec at the beginning of the 
test. It is interesting to note how the boundary 
bounded by the two triple points rotated 90° (from 
Fig. 13 to Fig. 14). 

Fig. 15 is a schematic drawing showing the steps 
of this rotation process, solid arrows indicating the 
direction of migration of the triple points. The two 
triple points must come close to each other, or even 
meet at point O, before they migrate in opposite 
directions. 

Figs. 16 through 19 show a similar case for speci- 
men P-10, which was subjected to creep at 1100°F 
under an initial stress of about 50 psi. Each figure 
represents a successive time interval during the test, 
namely, 0.5, 3.25, 9.1, and 18.5 hr after reaching the 
testing temperature, 1100°F. 

The specimen fractured after 30.4 hr. The initial 
positions of the grain boundaries were established 
before the test by macroetching and are also indi- 
cated by the letter IJ in Fig. 16 (the following dis- 
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Fig. 12b—Specimen P-3, back surface. Same 
field as Fig. 12a. Repolished and etched. X150. 
Area reduced approximately 60 pct for reproduc - 
tion. 


Fig. 14—Specimen P-9. Same field as Fig. 13. 


One hour and 35 minutes after reaching 
1100°F. The grain boundary joining the two 
original triple points rotated 90°. X60. Area 
reduced approximately 60 pct for reproduction. 


cussion refers to Fig. 16). The triple point marked 
(1) migrated through a zigzag path in a stepwise 
manner toward the lower left direction, while the 
triple point marked (2) migrated toward the upper 
left direction also in a stepwise manner, as indi- 
cated by the solid arrows. They come very close to 
each other at point A. After point A, the appear- 


Fig. 15—Schematic drawing of Figs. 13 and 
14 showing the steps whereby the grain 
boundary connecting two triple points ro- 
tated about 90°. | and F indicate the 
initial and final positions of grain bound- 
aries and arrows indicate the directions of 
the migration of the triple points. 
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Fig. 16—Specimen P-10. One-half hour after reaching 1100°F. 
Note the initial grain boundary connecting two triple points, | and 
2, rotated about 90°; now lying about 68° to the specimen axis. 
Solid arrows indicate the directions of the migration of the two 
triple points, | and 2, after which they met in the neighborhood of 
point 3. Dotted arrows indicate the directions of separation of the 
newly formed triple points to position 4 and 5. X60. Area reduced 
approximately 60 pct for reproduction 


ance of the traces of the grain boundaries indicated 
that the two triple points must have separated very 
rapidly, one to the upper left, marked (4), and the 
other to the lower right, marked (5), as indicated 
by the dotted arrows. It has been suggested by 
Fullman, Burke, and Turnbull’ that the two mi- 
grating triple points may meet at a common point 
during grain growth before they separate in a di- 
rection different from that which they came to meet. 
This common point is marked (3). This is a plausi- 
ble suggestion based on the more exact picture 
shown in Fig. 13. Once the two triple points occupy 
a common position, a maximum instability must 
exist from a grain boundary configuration view- 
point.” Due to the magnitude of this instability, the 
two new triple points migrated at a very rapid rate 
to new positions (4) and (5), indicated by the 
dotted arrows, leaving no traces of grain boundaries 
as is usual in a slower process of migration. 

The left triple point (4) disappeared at the left 
free edge of the specimen half an hour after reach- 
ing the creep testing temperature at 1100°F, while 
the right triple point marked (5) continued to mi- 
grate toward the right free edge of the specimen 
to a position (6) in Fig. 17, taken 3.25 hr after 
reaching 1100°F. The grain boundary connecting 
the two new triple points now becomes one bounded 
by one triple point (6), Fig. 17, and the left free 
edge of the specimen, and is the boundary between 
grains A and D. This boundary between A and D 
had migrated in steps, as shown by the arrow in 
Fig. 17, in approaching a position almost perpen- 
dicular to the axis of the specimen. Evidence of 
sliding of the boundary between grains A and D 
during consecutive steps of migration can be ob- 
tained by observing the offset of the traces of the 
old grain boundaries (Fig. 16). Fig. 18, taken 9.1 
hr after reaching 1100°F, indicates that the bound- 
ary between grains A and D swung to a position 
still closer to 90° to the axis of the specimen, and 
the new triple point (6), Fig. 17, of grains A, E, and 
D moved closer to the right free edge of the speci- 
men, as shown by (7) in Fig. 18. At the end of the 
test (30.4 hr after reaching 1100°F), the grain 
boundary between grains A and D had migrated to 
a position almost perpendicular to the axis of the 
specimen, while the new triple point of grains A, E, 
and D almost disappeared at the right free edge of 
the specimen, Fig. 19. 
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All the results presented above came from high 
purity aluminum specimens which were subjected 
to creep at 700° and 1100°F. At 700°F the grain 
boundaries show very extensive grain boundary 
sliding and migration before the grains show signs 
of deformation, and this is even more apparent at 
1100°F. However, no appreciable boundary migra- 


Fig. 17—Specimen P-10. Same field as Fig. 16, 3.25 hours after 
reaching 1100°F. The triple point 4 disappeared at the left edge 
of the specimen. The triple point 5 migrated to position 6. The new 
grain boundary between grains A and D tended to rotate per- 
pendicular to the specimen axis as indicated by the solid arrow. 
The evidence of sliding of the boundary between grains A and D 
can be obtained by observing the offset, indicated by a. X60. Area 
reduced approximately 60 pct for reproduction. 


tion was found for specimens which were subjected 
to creep at 400°F for up to 475 hr, whereas the usual 
evidence of grain boundary sliding was still ob- 
served. 

Effect of Impurities: Boundary sliding and migra- 
tion were observed in 2S aluminum for creep test- 
ing temperatures of 900° and 1100°F. This is shown 
in Fig. 20a and b at 900°F. The extent of grain 
boundary migration was observed to be a little 
greater at 1100°F than at 900°F for 2S aluminum. 
However, the extent of boundary migration for 2S 
aluminum was very much smaller at 900°F than in 
the case of high purity aluminum at 700°F (com- 
pare Fig. 20a with Fig. 10). It has been observed 
in high purity aluminum that the grain boundary 
usually tended to reduce its surface area during 
migration. It may be seen from Fig. 20 that 2S 
aluminum behaves in a similar manner but with 
materially less grain boundary migration. The 
course of grain boundary migration is more irregu- 
lar than has been presented above for high purity 
aluminum. A 3S aluminum specimen subjected to 
creep at 1100°F for 79.5 hr showed almost no evi- 
dence of boundary migration although the usual 
signs of fairly restricted boundary sliding were ob- 
served. Based on these observations, it was quite 
evident that the alloy and impurity content of 2S 
aluminum fixes the grain boundary more rigidly, 
allowing only a small amount of migration, whereas 
in 3S aluminum migration is restricted almost to 
the vanishing point. The effect of such grain bound- 
ary fixation results in the low ductility noted by 
Servi and Grant’ as the alloy content of aluminum 
increases from high purity to 2S and then 3S 
aluminum. 

Discussion 

Intercrystalline Failure: It has been shown metal- 
lographically that grain boundary migration is very 
structure-sensitive. Boundary migration may be 
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Fig. 18—Specimen P-10. Same field as Figs. 16 and 17. 9.1 hours 
after reaching 1100°F. The triple point 5 in Figs. 16 and 17 
continued to migrate toward the right edge of the specimen. The 
new boundary continued to rotate perpendicular to the specimen 
axis as indicated by the solid arrow. X60. Area reduced approxi- 
mately 60 pct for reproduction. 


severely restrained by a second phase as in the case 
of 2S aluminum, or it may be almost completely 
stopped with larger amounts of second phase as in 
the case of 3S aluminum, as predicted by Zener’ on 
the basis of surface energy considerations. It has 
also been shown that boundary migration is a kind 
of recovery process which makes further boundary 
sliding possible.' In impure or alloyed materials, 
grain boundary migration becomes less significant, 
and sliding is restricted to a fixed boundary. Since 
the grains are strengthened by alloying or a second 
phase, the stresses which are built up around the 
triple point as a result of boundary sliding cannot 
be released as readily, if at all, by deformation in 
the grains. This stress built up by sliding along the 
same boundary would eventually give rise to cracks 
at or in the vicinity of the slid boundary. Stress 
concentration caused by cracks would result in in- 
tercrystalline failure. This is why commercial alloys 
subjected to high temperature creep show intercrys- 
talline fracture, whereas no sign of intercrystalline 
failure has been observed for high purity aluminum 
in the present investigation. In the case of high 
purity aluminum, boundary sliding not only occurs 
extensively because of the progressive boundary 
migration but also causes extensive subgrain and 
fold formation as shown in ref. 1. Such grain 


boundary mobility prevents intercrystalline fracture. 

Furthermore, in impure or alloyed materials, the 
boundaries would be expected to be more irregular 
and are shown metallographically to be so (see Fig. 
20). During boundary sliding an irregular or wavy 
grain boundary would give rise to local high stress 
regions not only at the triple point but also at odd 
positions where the grain boundary is not plane. 
Therefore, cracks may develop not only at the 
triple point but also along the slid grain boundary. 

Effect of Grain Size on Creep Properties: High 
Purity Metals: It is interesting to explore the ques- 


Fig. 19—Specimen P-10. Same field as Fig. 16. 18.5 hours after 
reaching 1100°F. The triple point 5 in Fig. 16 migrated to point 
8. The migration of the new grain boundary indicated by the 
arrow almost stopped after reaching a position nearly perpendicular 


to the specimen axis. X60. Area reduced approximately 60 pct 
for reproduction. 


tion of the effects of grain size on the creep proper- 
ties of a metal on the basis of the observations of 
the behavior of grain boundaries in this work and 
in a previous publication.’ It is stated convention- 
ally that above the equicohesive temperature or 
transition temperature (the temperature at which 
the material changes from low temperature be- 
havior to high temperature behavior) the larger the 
grain size the better the creep properties as meas- 
ured by minimum creep rate and rupture life. This 
statement, while generally true, has certain limita- 
tions and exceptions. High purity metals do not 
follow this rule over the entire range of grain sizes," 
and it is possible that some single-phase alloys may 
also not conform entirely.” By varying the grain 
size ten thousand fold for high purity aluminum 


. 


Fig. 20a—Specimen 25-7. Grain boundary migra- Fig. 20b—Specimen 25-7. Same field as Fig. 
tion in 2S aluminum at 900°F. | and F indi- 20a, repolished and etched. X150. Area re- 
cate the initial and final positions of the mi- duced approximately 60 pct for reproduction. 
grating grain boundary respectively. X150. Area 
reduced approximately 60 pct for reproduction. 
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(99.995 pet), Crussard' was able to find an optimum 
grain size at which the secondary creep rate is a 
minimum. This conclusion is also proved to be true 
for zine specimens. 

As shown previously,’ boundary sliding will in- 
evitably cause deformation in the grains either in 
the form of subgrains or in the form of folds, or if 
the grain size is large enough, by slip when suffi- 
cient deformation has occurred. In other words, the 
ability of the grains to accommodate deformation 
created by boundary sliding must be taken into 
account in order to evaluate the resistance to creep 
for a high purity metal. It should also be remem- 
bered that the difference in composition and in 
strength of the grain and grain boundary in very 
pure metals is quite small. 

For high purity material of a grain size smaller 
than the optimum, the resistance to creep is small 
because boundary sliding has many loci, and once 
such sliding has occurred along boundaries favor- 
ably oriented, the grain boundary deformation can 
be transmitted to other boundaries. The deforma- 
tion can take place in this manner with less de- 
formation in the grains. In order to deform the 
specimen as a whole it is not necessary for the 
deformation to go completely through the grain. 
For example, folds, one of the noted mechanisms 
of deformation’ (see Fig. 9, grain E), cannot develop 
completely through a grain because of the blocking 
effects of the grain boundaries. As will be shown 
in a later paper, the development of folds depends 
primarily on the length of the sliding grain bound- 
ary relative to the length of the grain in the direc- 
tion of the sliding boundary. In other words, fold 
deformation depends on the grain size. 

For high purity metal of a grain size larger than 
the optimum, the deformation initiated by boundary 
sliding can be transmitted to and accommodated by 
deformation in the grains because the grain de- 
formation is now progressively less influenced by 
grain boundaries as the grain size increases. Thus 
while the grain boundary may deform before the 
grain at elevated temperatures, the grain boundary 
nevertheless has some blocking effect upon the de- 
formation taking place in the grain. Thus for high 
purity metals, the resistance to creep is also small 
for very large grain size materials. 

Alloyed or Impure Metals: While it is difficult to 
predict the effects of grain size on the creep or 
creep-rupture properties of commercial materials, 
it can definitely be stated that the effects of grain 
size are not necessarily the same for both classes of 
metals. The existence of an optimum grain size, 
prior to reaching the extreme grain size where ori- 
entation effects of the grains become controlling, 
has not been demonstrated. From fairly limited 
data on 2S and 3S aluminum it appears that the 
grains are relatively strengthened more than the 
grain boundaries. Barring grain boundary precipi- 
tates this is probably true of other metals. In 2S 
and 3S aluminum while it is possible to eliminate 
slip in the grains for a given grain size, it has not 
been possible to eliminate grain boundary sliding. 
If the above is true, then high temperature strength 
depends on the amount of strain which the grain 
boundaries can sustain before cracks develop, and 
on how easily or readily the cracks are propagated. 
Examination of many hundreds of micrographic 
structures has clearly demonstrated that the grain 
boundaries which slide most readily and most ex- 
tensively are those which are at 45° to the stress 
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axis and offer a smooth plane boundary. It is readily 
evident that the fine grained commercial alloys offer 
many grain boundaries which satisfy the above 
conditions (see Figs. 22 and 23 of ref. 7). In coarse 
grained commercial alloys, on the other hand, the 
grain boundaries are usually curved, are irregular 
(not plane), and offer only very short sections 
where the grain boundary can slide readily or ex- 
tensively (see Fig. 20). But even in these sections 
the grain, being considerably stronger than the 
grain boundary, acts to restrain deformation and 
cracking. 
Summary and Conclusions 

From creep studies of very coarse grained, high 
purity 2S and 3S aluminum at 400°, 700°, 900°, and 
1100°F, the following conclusions regarding the 
process of boundary sliding and migration can be 
drawn. 

1—The direction of boundary sliding is primarily 
governed by the direction of the shearing stress 
acting on the boundary surface. The driving force 
which controls the direction of boundary migration 
is shown to be a combination of strain energy and 
surface energy. The latter is important at high 
temperatures. 

2—The zigzag nature of the movement of the 
grain boundary triple point is considered to be a 
necessary consequence of the highly cooperative 
process of grain boundary sliding and migration be- 
cause the direction of boundary migration depends 
primarily on the direction in which the grain bound- 
ary slides as the initial step. The extensiveness of 
boundary migration during creep of high purity 
aluminum at high temperatures, particularly of fine 
grain size, is believed also to be due to the highly 
cooperative nature of grain boundary sliding and 
migration. 

3—Boundary migration and sliding were ob- 
served in 2S aluminum at 900° and 1100°F. As a 
result of the alloy and excess phase content, the 
amount of boundary migration was much smaller 
and its course more irregular than was observed in 
high purity aluminum, For 3S aluminum at 1100°F, 
normal boundary sliding was observed (leading to 
intercrystalline fracture) without any clear evi- 
dence of grain boundary migration. 

4—A theoretical picture is proposed to explain 
the superiority of coarse grained structures in com- 
mercial alloys. 
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RAIN boundaries, the interface between adja- 
cent crystals differing only in respective ori- 
entation, have been the object of much experimental 
and moderate theoretical attention for many years. 
The earlier experimental work was primarily con- 
cerned with the effect that grain boundaries have on 
the physical behavior of metals, while the basic na- 
ture of the boundaries themselves drew only sec- 
ondary attention. A complete turnabout has been 
witnessed in more recent years, however, as re- 
searchers are now undertaking investigations bear- 
ing as directly as possible on the character and 
physical properties of the grain boundary. Quite 
comprehensive reviews of the past literature on the 
subject of grain boundaries have been reported on 
numerous occasions by various authors, and to- 
gether these references represent a thorough cov- 
erage.’ 

It becomes evident in these reviews and other 
papers” that the properties of grain boundaries 
can be explained by regarding a grain boundary as 
a crystalline region of transition between two un- 
matched grains. Studies show that grain boundaries 
have a definite interfacial energy. By measuring the 
geometry about a point where three interfaces meet 
in equilibrium, the energy of any two boundaries 
can be measured with respect to the third. If the 
absolute interfacial energy of one boundary is 
known, the absolute energy of the other two bound- 
aries can be calculated. This apparently holds true 
for any system of phases and interfaces.” 

Most studies have been carried out on solid-solid 
or liquid-solid systems, or systems of both. How- 
ever, if about the point of intersection one phase is 
vapor and the other two are disoriented grains, then 
two interfaces are surfaces, and one is a grain 
boundary. Investigations leading to relative grain 
boundary energy for this particular system have 
been made by Fullman,” Greenough and King,” and 
Bailey and Watkins.” Herring” treats the system 
mathematically and arrives at an equation, which 
appears as Eq. 1, in a form consistent with the ref- 
erence angles indicated in Fig. 1, 
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Determination of the Absolute Grain 


Boundary Energy of Gold at 1300°K 


by F. H. Buttner, H. Udin, and J. Wulff 
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Fig. 1—The interfacial stress pattern about a point 
in the root of the thermally etched grain boundary 
groove. 
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As the system of interfaces comes to equilibrium, 
a groove of angle @ appears at the intersection of the 
grain boundary with the surface, an effect first ob- 
served by Rosenhain and Humfrey.” Eq. 1 is essen- 
tially a summation of the vertical components in 
Fig. 1 set equal to zero, where y, and y,. are surface 
tension vectors lying along the side of the groove 
at point O in the groove root. The differential vec- 
tors represent the forces tending to rotate the sur- 
face into a position that will expose a crystal cleav- 
age surface of lowest energy. 

Chalmers, King, and Shuttleworth” simplify Eq. 1 
by assuming the differential vectors equal to zero, y, 

y Yeurrace, aNd arrive at the following equation: 


+ ( 


yn = 2y, cos ae [2] 
2 

Greenough and King” use Eq. 2 for determining the 

grain boundary energy of silver using prepared bi- 

crystals of known orientation. Bailey and Watkins” 

have done the same for copper, as did Chalmers and 

others on lead. These authors report the grain 

boundary values as ratios relative to the surface 
energy. 

In the above work, the orientation of grains form- 

ing the grain boundary in all cases was controlled so 
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Fig. 2—Perspective of exaggerated grain boundary 
groove, showing the point O, the force pattern, the 
angle #, and other important features and dimensions. 


as to get disregistry by relative rotation about an 
axis parallel to the plane of the grain boundary 
under consideration. This creates “tilt’’ boundaries 
consisting of edge dislocations of various concentra- 
tions over the surface proportional to the amount 
of rotation. The generalized results show that the 
grain boundary energy increases sharply with in- 
creasing rotation up to a neighborhood of 15° to 25”, 
in which region the energy slope tapers off to zero 
at a saturation level of roughly one third the aver- 
age surface energy. At still higher angles of rota- 
tion where the grains approach a twin orientation, 
the energy falls off in the same manner. In passing 
through the twin orientation, the energy falls and 
rises to form an energy cusp. 

The various methods used to measure the groove 
angle have been critically reviewed by Brooks. 
These consist of various techniques of cutting 
through the groove and observing the root angle on 
the surface of the cut. Greenough and King” intro- 
duced a goniometric reflected light method, which 
although imperfect, appears promising from the 
standpoint of quick and easy measurements of good 
precision. Essentially, this method is used in the 
present work. 

As was pointed out above, previous investigators 
studied specially prepared tilt boundaries contain- 
ing edge-type dislocations. In this paper, boundaries 
are studied as they appear on 5 mil gold wires re- 
crystallized into a bamboo structure. These bound- 
aries are more or less randomly oriented, since no 
controlled recrystallization process is involved, ex- 
cept for possible preferential grain orientations 
arising from the original texture of the cold-drawn 


Fig. 3—The goniometer showing wire mount and gear linked head. 


314—JOURNAL OF METALS, FEBRUARY 1953 


gold wire. The nature of a grain boundary formed 
at random may be described as a superimposed tilt 
and twist boundary containing a blend of edge and 
screw dislocations.” The purpose of this paper is to 
outline and discuss the results of a study of random 
boundaries. 


Experiment and Results 

In the course of surface tension experiments on 
copper,” silver," and gold,” conditions of thermal 
and phase equilibrium were maintained about fine 
wires held at high temperatures for long periods of 
time. Grain boundary grooves appear on the sur- 
face of these wires during the experimental run and 
reveal the bamboo structure of the wires. The angu- 
lar dimensions of these grooves can be used to meas- 
ure the energy of the grain boundaries. Details of 
the equipment applied and the procedures followed 
in the treatment of these fine wires are outlined in 
detail in the above reports on the surface tension 
experiments on copper, silver, and gold. 

A three dimensional sketch of a wire section 
showing an exaggerated groove is shown in Fig. 2. 
The idealized grain boundary running perpendicular 
to the wire axis produces a groove girthing the wire 
at the surface intersection of the grain boundary. 
At some angle of rotation, ¢, from the arbitrary 
axis, a point O, is observed through a metallurgical 
microscope. The plane passing through the element 
of the wire and the wire axis in Fig. 2 is the plane 
of the paper in Fig. 1. As @ changes with rotation 
of the wire, point O moves along the groove. One 
of the objects of the experimental procedure is to 
measure the angles of the force pattern at points 
along the root of the groove as ¢@ rotation passes 
through 360°. The method used to measure the 
groove angles employs the goniometric principle in- 
troduced by Greenough and King.” 

Figs. 3 and 4 show the goniometer apparatus used 
to measure the important angles. The equipment is 
in two parts, the goniometer in which a wire is 
mounted, Fig. 3, and a metallurgical microscope 
through which light reflections from the wire are 
observed, Fig. 4. In the goniometer, the wire is 
strung between two gear linked heads such that the 
wire axis is perpendicular to the optical axis of the 
microscope. The gear linked heads are set in bear- 
ings in a mounting block. The mounting block has 
three mutually perpendicular translational degrees 


Fig. 4—The goniometer in position beneath 
the metallurgical microscope. 
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of freedom; up and down in the optical axis, forward 
and backward from the operator of the device, and 
sideways along the swing axis. Such freedom makes 
it possible to station point O at the intersection of 
the optical axis and the swing axis, Y, Fig. 2. 

In order to be able to measure the groove angle by 
reflected light, and also be able to view the wire 
from any side through the microscope, three degrees 
of rotational freedom have been built into the ap- 
paratus in the manner of a goniometer. First, the 
wire can be rotated about the X-axis through ¢# de- 
grees; second, about the optical or Z-axis for meas- 
uring the perpendicularity of the boundary trace 
with the wire axis; and third, about the swing axis, 
Y, for observing the reflected beam. 

For reasons of clarity in describing the measure- 
ment procedure, first assume that the microscope 
sends forth a parallel beam of light. When the wire 
is properly aligned as described above, a bright line 
of reflection is seen along the uppermost element of 
the cylindrical surface with a break at the position 
of the groove. Upon rotating the “swing” slightly, 
the line-element reflection disappears and is re- 
placed by a spot reflection at the top of one side of 
the groove. The rotation is continued through an 
angle «a while the spot travels down the groove side 
and disappears at the root. The geometry involved 
here is shown in Fig. 5a. The measurement is taken 
from a protractor mounted on the side and a pointer 
rotating with the swing. Reversing the swing and 
watching for the point where the spot disappears on 
the other side of the groove produces the angle £. 
The groove angle is calculated by difference and can 
be checked as in Fig. 5b by measuring the angle 
starting where the spot disappears on one slope to 
where it disappears on the other. That measured 
angle is equal to (180°-@). 

The light beam, however, is not parallel, but has 
a measured divergence at its source of 18°. Thus 
for the measurement of a and £, the swing must be 
rotated 9° beyond the point necessary for the re- 
flected spot to disappear if the beam were parallel. 
Similarly the measurement of @ is 18° too high. 
These corrections were made in the reported values. 

In Fig. 6 several plots of @ vs 4 are shown. a and 
8 in these cases are not shown, but vary indepen- 
dently of each other. 
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It became evident that # varies in a complicated 
fashion as a function of at least four vectors, Fig. 1. 
A simple visualization is not only to see @ opening 
and closing with @# rotation, but simultaneously 
rocking back and forth in the axial direction with 
the same rotation due to the independent variation 
of a and g. However, a good average value for @ 
can be found for a given grain boundary by taking 
at least four, and preferably more, readings for @ at 
equally spaced ¢# intervals around the wire. This 
was done for 69 grain boundaries. The results are 
plotted as a spectrum in Fig. 7. The average @ for 
these is 164.5°. Since the differential vectors vary 
through positive and negative values, they average 
out to zero in the average vector pattern, wherein 
also y, y. Therefore, Eq. 2 applies in the average 
case. Using the average surface tension for gold, 
ys 1400 + 65 dynes per sq cm, from Buttner, Udin, 
and Wulff,” the average grain boundary energy 
turns out to be 365 + 50 ergs per sq cm. 
Discussion and Conclusion 

Two features of Fig. 7 are deserving of attention. 
First, the curve is a typical distribution curve with 
some scatter about the average @, and second, it con- 
tains a few grain boundaries of comparatively high 
and a few grain boundaries of comparatively low 
measured average groove angles. The scatter itself 
may arise from: 1—the probability combinations 
within the system, 2—errors in the measuring tech- 
nique, and 3—the limitations inherent in small wire 
size. The high average groove angles may result 
from low energy boundaries, lying in an energy 
cusp, breaking into a cylindrical surface of average 
surface tension. The low average groove angles may 
be a result of: 1—the possibility of an average grain 
boundary breaking into a cylindrical surface of ex- 
cessively low average surface tension, 2—-the likeli- 
hood of the differential vectors being negative in 
direction, or 3—the outside possibility of inverted 
energy cusps. 

The angle # depends on four surface sensitive 
vectors, and one grain boundary vector, the magni- 
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Fig. 7—Spectrum of average grain boundary “ versus number of 
grain boundaries having that average value. 


tude of which, for a given groove, depends on the 
unique orientation of the two grains concerned. In 
other words, two grains may expose a high or low 
average energy surface at the groove wall, while at 
the same time forming a maximum or sub-maxi- 
mum grain boundary energy, depending on the rela- 
tive orientation of the two grains on either side of 
the boundary. The size of the average groove angle 
can, therefore, cover a spread of values, resulting 
from the combinations and permutations of the 
above possibilities. The number of different recog- 
nizable combinations and permutations depends on 
the resolution of the measuring instrument, or its 
ability to distinguish between small differences. An 
example is the above-mentioned combination of a 
maximum interfacial tension with a low average 
surface tension, which can lead to shallow grooves 
or an excessively high @. This sort of thing can 
occur to various lesser degrees and lead to a sizable 
scatter about a mean, as seen in Fig. 7. This is what 
is meant by probability combinations within the 
system. 

Some error exists in the reflected light method. 
Since the edge of the light beam is not sharp, a 
human uncertainty occurs in deciding when, during 
the swing rotation, the spot disappears. This diffi- 
culty did not seem as pronounced as Greenough 
found it in his measurements. Perhaps a dimly re- 
flecting line is more confusing than an equally 
dimly lit spot. Precision of repeated measurements 
fall to within a half of a degree. In deep angle 
grooves, the ridge that builds up at the brink of the 
groove can sometimes reflect a spot from its outer 
side and appear to blend with the spot reflected 
from the opposite groove wall. This may lead to 
high values for @ and f, and must be carefully 
watched. It is easily recognized when half the spot 
disappears at once and the other half remains dur- 
ing a further swing. The check against human error 
described in the procedure goes far in increasing the 
precision of measurements. 

Although the finer the wire size the simpler it is 
to get a bamboo structure, there would be a distinct 
advantage in using the largest diameter wire possi- 
ble. Point O in Figs. 1 and 2 under the microscope 
actually appears as the cross-sectional area of the 
microscope light beam. The beam covers a section 
of the circumference equal to the diameter of the 
beam and may be measured in terms of the central 
angle in terms of 4. In the case of 5 mil wires, the 
edges of the visible light spot is reflected from ele- 
ments of the wire subtending an estimated central 
angle of 10°. Therefore, if any local contour irregu- 
larity exists, the reflection can come from the same 
element of the groove wall for positions of 4 sepa- 
rated as much as 10°. Of course, irregularities that 
could cover a section of circumference of that ex- 
tent are noticeable and can be avoided. Those cov- 
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ering smaller increments are difficult to notice and 
can account for some error in the @ vs ¢@ curves. 

In Fig. 6, several groove traverses are plotted in 
25° intervals of 4, and fairly smooth curves can be 
drawn through the points. However, in the topmost 
plot where intervals of ¢ 5° were followed, a 
suggestion of sharp peaks and curved valleys be- 
comes evident in the circumferential contour of the 
groove walls, a situation shown by Wulff” to be the 
most thermodynamically stable. Energy-wise, this 
indicates the existence of a corresponding series of 
curved maxima and cusped minima. A detailed dis- 
cussion of surface contour and its associated energy 
is well reviewed by Herring and Nichols.” It is sig- 
nificant to note that the effect is prominent here 
when the metal is in equilibrium contact with its 
own saturated vapor. It is also encouraging to find 
that the reflected light method appears to have 
sufficient resolving power to pick up these sharp 
variations. A more detailed study of these hills and 
valleys would be desirable, but is hampered by the 
limitations of wire size in this case. 

Another contour feature found in these fine wires 
is the occurrence of flat spots or facets in the cir- 
cumferential contour of some groove walls. Facets 
of this sort in metallic crystals in regions of very 
small dimensions have never been observed to form 
in this manner before, to the knowledge of the au- 
thors; not even under the critical examination of 
the electron microscope. Tungsten needle points 
heated in vacuum have been found to round off into 
a constant radius at the tip. Although this has been 
a source of wonder in some circles, it has been sug- 
gested that the low free-energy contour would ap- 
pear in systems of small dimensions where solid- 
vapor equilibrium exists.” 

A detailed theoretical discussion of facets is out- 
side the scope of this paper. However, the existence 
of facets, like contours, enters in here insofar as 
they have been observed and as they affect the re- 
sults of this study. 

In some grooves the facets are large and notice- 
able, while in others they are not. Also variations 
in average amplitude of hills and valleys appear 
from groove wall to groove wall. It is generally 
true that groove walls of high amplitude contours 
are those in which facets are often noticeable. 
Measurements of groove angles where the groove 
wall is a facet are apparently not significant and 
were discarded.” On the other hand, small facets 
may go unnoticed and cause errors in measurements. 
For example, in some positions of 4, an unnoticed 
facet may be stationed at some angle far enough 
from perpendicularity with the X-Z plane to throw 
the reflected beam off sideways, and out of the 
range of the microscope. In this case the spot would 
disappear prematurely and introduce an error in 
angle measurement. Furthermore, at the edge of a 
facet, the groove surface in the circumferential di- 
rection becomes slightly concave where it blends 
into the normal average convex contour. In this re- 
gion, the reflected spot may drift to the right or left 
ana reflect from elements other than the element 
the optical system is set on. Over a small range of 
é’s in this region, the spot can very easily be dis- 
appearing from the same element, which would re- 
sult in a horizontal section of the @ vs ¢ plot. In 
going to a larger wire, the facets as well as the light 
beam would cover a smaller fraction of the circum- 
ference, making it possible to make more certain 
measurements at smaller ¢ intervals. All of these 
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improvements together should produce a more de- 
tailed curve of higher accuracy and greater reli- 
ability. 

In comparing the relative merits of Eqs. 1 and 2, 
it appeared that ignoring the differential vectors of 
Fig. 1 reduces the accuracy of Eq. 1 to an approxi- 
mation of Eq. 2. This conclusion is based on the 
findings of Dunn, Daniels, and Bolton, who did their 
work on tricrystals. Evidence found in the present 
work indicates that the same is true for the present 
system involving a vapor phase. Several instances 
were observed where a fairly deep groove became 
shallower and disappeared with #4 rotation at three 
equally spaced regions about the wire. In places 
where @ 180°, the force picture must have been as 
shown in Fig. 8. In this case, the sum of the two 
differential vectors equals the grain boundary en- 
ergy vector. Although the differential vectors can 
be zero in some cases, they can at times reach fairly 
sizable positive and negative values, which makes it 
dangerous to discount them in all cases. 

In conclusion, it appears from evidence presented 
in this paper, that the fine wire technique as de- 
scribed is a suitable method for obtaining the ab- 
solute average grain boundary energy for systems 
where the absolute average surface energy is 
known. Although the use of fine wires has its limi- 
tations as described above, these difficulties have a 
way of ironing themselves out when the results are 
computed as averages from a large number of 
measurements. The method shows the way for mak- 
ing detailed studies of surface tension wherein ab- 
solute surface energy values can be found for 
known free surfaces. This, of course, would require 
the use of larger wires and possibly X-ray identifi- 
cation of the exposed surfaces. 


Summary 

In studying the dimensions of the thermal grooves 
appearing in fine wires with bamboo structure, it 
was found that the groove angle is a result of in- 
dependent hill and valley variations in slope of the 
groove walls with position around the boundary. A 
given slope in the wall on either side of the grain 
boundary depends on the magnitude of surface ten- 
sion vector lying in that wall, and a differential 
vector standing perpendicular to that surface. 

A statistical study of the average groove angle of 
many grain boundaries produced an overall average 
of @ 164.5°. This value leads to an average grain 
boundary energy of 365 + 50 dynes per sq cm for 
gold at 1300°K. 

The present work introduces a method whereby 
the general grain boundary energy of metals in 
equilibrium at high temperatures can be found, as- 
suming the average surface energy of the material 
is known for the same temperature. 
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Nature of the Creep Curve 


by Thomas H. Hazlett and Earl R. Parker 


An understanding of the mechanism of creep of metals re- 


quires an accurate knowledge of shape of the time-deforma- 
tion curve. An expression is developed which accurately ex- 
presses the creep curve for a number of structurally stable 


AST strides have been made in the development 
of high temperature creep resistant alloys; how- 
ever, no sound understanding of the physical mecha- 
nism of creep exists to date. Consequently, creep 
resistant alloys are still developed by “cut and try” 
methods formerly so successful but now yielding 
returns at a continuously diminishing rate. It is 
apparent to all workers in the field that if the 
mechanism of creep were understood, much fruitless 
labor could be avoided. The dirth of fundamental 
knowledge has not discouraged the theorists. Specu- 
lation has flourished and numerous theories of creep 
have been proposed. A critical review of these 
theories reveals that, even though there are some 
general areas of agreement between the majority of 
the workers, there are many basic questions yet to 
be resolved.’ 

It is generally conceded that theoretical specula- 
tion is far in advance of experimental evidence. The 
shortage of reliable creep data greatly hinders more 
rapid progress in this field. It is essential that the 
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metals and alloys. 


effects of different stresses and temperatures on the 
creep characteristics of metals be quantitatively de- 
termined. Once this has been accomplished, it will 
then be possible to evaluate the effects of alloying 
additions and, it is hoped, to provide a firm basis of 
facts for theoretical treatment of the creep phe- 
nomenon. The work reported herein was undertaken 
to determine the effects of such variables as stress, 
temperature, alloying, and structure on the creep 
characteristics of some metals. 


Material and Equipment 


Nickel was selected as the base material for the 
current investigation and an experimental program 
was initiated to determine the effects of temperature 
and stress on the creep characteristics of this 
material. Since a large quantity of high purity 
nickel was required for the proposed program and 
such material was not commercially available, it 
was decided to refine, cast, and prepare the required 
metal in our own laboratory. The resulting nickel 
test bars had the following composition, given in 
percentage by weight: Fe, 0.030 (1); Si, 0.003 (2); 
Ca, 0.001 (1); Mg, 0.020 (2); and S, 0.002 (2); to 
make total impurities of 0.056. The nickel (balance 
by difference) is 99.944 pct. The details of the puri- 
fication process are described elsewhere.’ This 
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Fig. 6—Nonlinear logarithmic creep curves for nickel and 


aluminum. 


: _ material was also used as the base metal for prepar- 
HIGH PURITY NICKEL ing the alloys mentioned later. 
A — All tests were performed in single specimen creep 

a units similar to those shown in Fig. 1. All units 
were completely independent of each other to pre- 
vent any possibility of shock loading due to failure 
of another specimen. Load was applied through a 
knife-edge lever arm system, but since the ultimate 
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Fig. 3—Expanded initial portion of creep curve shown in Fig. 2. 
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goal of the study was to provide data which would 
be of value for theoretical studies, all tests were per- 
formed under conditions of essentially constant 
stress rather than constant load. The stress variation 
was held to less than 4% pet by means of modified 
lever arm system,” which consists of an auxiliary 
arm attached to the back end of the lever and 
projecting downward from it at an angle of 90°. 
The lever systems were counterbalanced and cali- 
brated for several load ranges to correct for possi- 
ble bending of the lever. 
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Fig. 8—Creep curves for high purity nickel on rectangular 
coordinates 


The specimens were heated by tube-type, wire- 
wound resistance furnaces with three independent 
windings. The end windings were individually con- 
trolled with small auxiliary controllers and the tem- 
perature of the center winding was determined and 
controlled by a thermocouple placed at the center 
of the specimen. High sensitivity millivolt con- 
trollers with an expanded range were used for this 
purpose. Temperature distribution along the speci- 
mens was held constant within '2°C and the tem- 
peratures of the center of the specimens did not 
vary more than 1°C during the test. 

The specimens were machined with two reduced 
sections in tandem; one having a reduced length of 
1 in. and the other 3 in. Strain measurements were 
made by means of extensometers pinned to each of 
the three shoulders of the specimens. The extenso- 
meter assembly was made in three portions which 
were free to move relative to each other in the direc- 
tion of the specimen axis. The elongation of each 
reduced section was measured between shoulders 
and the differences taken as the elongation in 2 in. 
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Strains were measured with precision dial gages 
which have been modified to permit automatic re- 
cording of all data. 


Data and Analysis 

The data originally obtained from this program 
were plotted in the usual manner on rectangular 
coordinates and the “secondary” or “steady state” 
creep rate determined for each as illustrated in Fig. 
2. This concept of a steady state creep rate has long 
been accepted and used both by designers and 
theorists as a reliable parameter to define the creep 
behavior of materials under given conditions. 

However, as pointed out by Lubahn,‘ such a con- 
cept may be unjustified. When the data of Fig. 2 
were replotted on a vastly expanded time scale, as 
shown in Fig. 3, an apparent constant strain rate is 
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Fig. 9—Initial part of creep curves of Fig. 8 with expanded 
coordinates. 
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Fig. 10—Linearity of low temperature creep curves for 
high purity nickel when time-dependent strain only is 
used. 
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test when total strain, «, is used. 


TRANSACTIONS AIME 


4a 
+ >—4—4 > + + + 
| 
| | | | 
| 
002 
0008 mel + 
0 006 + + +++ t 
| 
0 005 
« 
| | 010 = 
008 + + +—— 
t T 
: | 0.04 = T 
| 
STRESS | | } 
0.006 + T t 
| } | i | 
0.002 + 4 
| 
0.001 
; hh) 
0.0004 : = 
- | | 
14 
i | 
0 03}— + + + 
0.02 
| | 


o6 + 
z | 
a 
« 002 
TOTAL 
09! 
2 0.008 +++ +-+4 + 
| * 0 0070 Ni - of ALLOY 
0.004} + + 7 ? 
| TIME DEPENDENT reme 750 °C 
| s STRESS - 5750 ps: 
000: 
000! 0004 ' 2 4 6 6h 20 4 60 


TIME IN HOURS 


Fig. 12—Logarithmic plots of complete creep curves showing effect 
of «. correction. 


again found, but of a magnitude differing from that 
previously obtained. 

Subsequent work by the General Electric Re- 
search Group demonstrated that in many Cases, 
creep data obtained from constant stress tests 
showed a continuous decrease of creep rate up to 
the point of initiation of failure.” This is illustrated 
by Fig. 4, which shows that when the logarithm of 
the strain, «, is plotted against the logarithm of the 
time, t, the resulting creep curve is linear. Conse- 
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Fig. 13—Rectangular coordinate plot of creep curve shown in Fig. 12. 


quently, the data may be represented by the follow- 
ing empirical relationship: 
«= At’ [1] 


where A and b are constants. 

A critical re-examination of all available con- 
stant stress creep data substantiated the thesis that 
the creep rate does continuously decrease as postu- 
lated by Fisher and Hollomon. Consequently, it 
was concluded that the concept that the creep rate 
eventually becomes and remains constant is incor- 
rect, and the use of such a parameter for correlating 
constant stress creep data is unjustified. 

Since it is highly desirable, if not essential, to 
utilize some specific parameters when comparing 
results of creep tests, Eq. 1 was adopted with con- 
siderable success as shown by the creep curves for 
nickel in Fig. 5. This was further substantiated by 
Lubahn’s data on mild steel,’ Carreker’s results on 
platinum,” and by Andrade’s constant stress creep 
curves for copper.’ However, as the stress and tem- 
perature test range for nickel was expanded, it was 
found that some data did not conform to this simple 
relationship, but instead produced curved lines 
which were concave upward on the logarithmic plot. 
The lack of linearity on the logarithmic plot was also 
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evident in the data obtained by Andrade for lead 
and that for aluminum obtained by Grant at M.IL.T.” 
These curves are shown in Figs. 6 and 7. 

The nickel curve of Fig. 6, which exhibits this 
behavior, is shown plotted on rectangular coordi- 
nates in Fig. 8, together with a curve obtained from 
a test performed at 700°C. It may be noted that the 
total creep strain for the lower temperature test 
appears to consist of two parts; first, an instan- 
taneous strain and second, a time dependent strain. 
The region of rapidly decreasing creep rate usually 
associated with the early portions of the creep curve 
is not pronounced in the 550°C data, but rather large 
strains do occur at the time the load is applied. This 
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Fig. 14—Time-dependent strain creep curves for nickel and 
aluminum. 


is more clearly portrayed in the expanded scale plots 
of the same data shown in Fig. 9. The more typical 
700°C curve is again shown for comparison. It can 
be seen that the 550°C curve may be extrapolated to 
a finite strain at zero time with reasonable certainty, 
but for the 700°C curve the strain rate is increas- 
ing so rapidly with decreasing time that the strain 
at zero time is very indefinite. 

On the basis of data exemplified by the 550°C 
curve, it was found that if the instantaneous strain 
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Fig. 15—Time-dependent strain creep curves for lead and 
aluminum. 
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Fig. 16—Effect of additions of titanium in solid solution on 
creep curves of high purity nickel. 


upon loading was subtracted from the total strain, 
the resulting time-dependent deformation plotted 
linearly with time on logarithmic coordinates as 
shown in Fig. 10. 
Thus it appears that Eq. 1 should be modified to 
the form: 
«—«,= At’ [2] 


where: «¢ is the total true strain; ¢,, the instantaneous 
strain at loading; t, the time; and A and b are con- 
stants. However, this does not explain the linearity 
of the high temperature curves such as the 700°C 
curves of Fig. 5, since it would appear from Fig. 8 
that the zero time intercept of the 700°C curve is of 
the same order of magnitude as the 550°C curve. 

In order to clarify this situation, special high 
speed strain recording equipment was constructed 
to determine accurately the initial part of the curve. 
For times greater than 1 hr, the logarithmic plot of 
these data yields a straight line as shown in Fig. 11. 
However, when data at very short times are plotted, 
the line shows a pronounced curvature as illustrated 
in the upper curve of Fig. 12. Here it may be seen 
that the linearity from 1 hr on is merely a very close 
approximation, the curvature increasing as the time 
decreases. A value of «, — 0.0070 is required to make 
the total curve straight as shown in the lower curve 
of Fig. 12. The rectangular plot of these data is 
given in Fig. 13, including a greatly expanded initial 
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Fig. 17—Time-dependent strain creep curves for Ni-Ti alloys. 
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portion. It may be observed from this curve that 
the total strain at the time the load was fully ap- 
plied is « 0.0080. This is considered very good 
agreement with the value of 0.0070 determined 
graphically from Fig. 12. The small discrepancy be- 
tween the two values may be due to the time-de- 
pendent strain which occurred during loading even 
though this represents a period of only 3.5 sec. 
Thus it appears that the value of e¢, obtained 
graphically is a real quantity having physical sig- 
nificance; i.e., it is the instantaneous total strain at 
the moment of loading, and the time-dependent 
strain, « — «,, is linear on a logarithmic plot. Further 
evidence of this fact is presented in Figs. 14 and 15 
which are replots of the curves of Figs. 6 and 7 in 
which the time-dependent strain only is plotted. 
The relationship between strain and time of Eq 2 
is further substantiated by the creep curves shown 
in Fig. 16 obtained from a series of solid solution 
nickel alloys. All of these specimens were tested at 
the same temperature and applied stress. It may 
be noted that the degree of curvature increases as 
the alloy content increases. However, when the in- 
stantaneous strain is subtracted from the total 
strain, all of these curves become linear as shown 
in Fig. 17. In these cases, the «, was determined 
graphically. It should also be observed that the 
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Fig. 18—Effect of grain size on slope of logarithmic creep 
curves. 


slope of the time-dependent strain curves, b in Eq 2, 
increases as the alloy content increases. Similarly, 
the slope varies with grain size as indicated in Fig. 
18. Observations to date have not revealed any 
regular variation of b with applied stress and the 
variation with temperature is not clear at the pres- 
ent time. It may be noted from Fig. 5 that the slope, 
b, is essentially constant for all stresses from 3700 
to 7200 psi at 700°C. Similar results have been 
found for tests carried out at 675°, 725°, and 750°C. 
All of these data yield a slope of b 0.3 for pure 
nickel and progressively higher values as the solid 
solution alloy content is increased. The parameter 
A of Eq 2 on the other hand, does vary in a regular 
manner with stress and also varies with structure, 
alloy content, and temperature. This regular varia- 
tion of A is illustrated in Fig. 19 in which the log- 
arithm of A is plotted against 1/T for a series of 
pure nickel specimens tested in the temperature 
range 675° to 750°C. The value of b may be con- 
sidered a constant for these curves. It may be seen 
that a straight line may be drawn through the data 
points with considerable accuracy, indicating that 
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A varies exponentially with temperature so that 
the following relationship may be written: 


A=Be*" 


where: T is the absolute temperature; R, the gas 
constant; Q, the “experimental activation energy;” 
e, the base of natural logarithms; and B, a constant. 

Since all of the foregoing data were obtained for 
polycrystalline materials, it was considered desira- 
ble to determine whether the continuously decreas- 
ing creep rate required the presence of grain bound- 
aries. In order to resolve this question, creep data 
on zinc single crystals tested in shear were obtained 
from O.N.R. project workers of this laboratory. In 
the typical results shown in Fig. 20, the upper curve 
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Fig. 20—Logarithmic creep curves for zinc single crystal 
tested at 245°C and 35 psi. 
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(Fig. 20a) is the total strain and Fig. 20b is the 
time-dependent strain. It is apparent that single 
crystals also follow the behavior required by Eq. 2, 
indicating that the phenomena of continuously di- 
minishing creep rate is not necessarily dependent 
upon the presence of grain boundaries. 


Summary and Conclusions 

Results obtained to date may be summarized as 
follows: 

1—The creep rate for structurally stable metals 
tested under conditions of constant stress decreases 
continuously until the initiation of failure. There is 
no region of constant creep rate. 

2—The creep curve may be accurately represented 
by the empirical equation: 


e—e,= At’ 
at constant temperature, or: 


€— €& Be*® 
over a considerable temperature range. 

3—The parameter ¢«, is a quantity having real 
physical significance, denoting an instantaneous 
strain upon loading. The parameter A varies in a 
regular manner with stress and alloy content and 
exponentially with 1/T. The parameter b also varies 
over a wide range but the correlation of b with 
temperature, stress, grain size, and alloy content 
will require many additional tests. 

4—The empirical equation given is applicable to 
both single crystals and polycrystalline materials 
indicating that the continuously decreasing creep 
rate is not solely a grain boundary phenomena. 

5—Accurate determination of the parameters A, 
b, and ¢, requires strain measurements beginning at 
very short times after applying the load. In many 
cases readings must begin only seconds after loading. 
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Some Observations on Correlations Between the Creep Behavior 


And the Resulting Structures in Alpha Solid Solutions 


by Oleg D 


For elevated temperature-constant load creep tests of « solid 
solution alloys, the creep strain is a function of a temperature- 


compensated time parameter 4 


Je 


an” 


The activation energy 


AH is equal to a constant of about 36,000 cal per mol. The sub- 

structures resulting from a given creep stress condition are func- 

tions of the creep strain independent of temperature. Each new 

creep stress gives a new unique set of grain substructures; this is 

one of the factors responsible for the failure of the mechanical 
equation of state for creep. 


N this report an attempt is made to correlate the 

creep properties of dilute a@ solid solutions in 
aluminum with the subgrain structures that are de- 
veloped during creep. The possibilities of such cor- 
relations have already been suggested by Wood et al. 
and others'” who demonstrated that the subgrain 
structures are functions of the creep stress, creep 
strain, rate of creep, and temperature. 

Investigations by Sherby and Dorn’ have shown 
that the creep strain, «, at constant load for dilute a 
solid solutions of aluminum is given by the func- 
tional relationship: 


«= 0.) [1] 


RT 


where: @ equals te temperature-compensated 
time; t, time; AH, activation energy, ~ 35,800 cal 
per mol; R, gas constant; T, absolute temperature, 
above 400° K; and a., initial creep stress. 

Consequently, it was anticipated that the subgrain 
structure that develops during a constant load creep 
test should also correlate with any two of the three 
significant variables «, 0, and 

Another possible correlation between the subgrain 
structure and the creep variables is obtained by dif- 
ferentiating Eq. 1 with respect to time, whence the 
creep rate, «, becomes: 


of ) ( dé ) 4 SRT 
= F (ée**"", @) [3] 


For the minimum creep rate, ¢,, @ is solely a function 
as revealed by Eq. 1. Consequently, at the 
minimum creep rate Eq. 3 reduces to: 


o. = F (é, [4] 


of 


Correlations between and were found 


valid for solid solution alloys of aluminum where AH 
was a constant of about 35,800 cal per mol. The 
parameter «, e°”“" is identical to the Zener-Hollo- 
mon parameter’ * used by them in evaluating the 
tensile properties of copper and other metals. 
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Table |. Composition of « Solid Solutions 


Wt Pet of Impurities 
Fe Cu Meg 


0.003 0.003 0.006 0.001 0.25 
1.617 0.003 0.004 0.006 0.26 
0.101 0.003 0.003 0.0006 0.001 0.29 


* The authors wish to acknowledge their indebtedness to the 
Aluminum Co. of America Research Laboratories for preparing 
these alloys and for determining their chemical compositions 


Eq. 4 suggests that the subgrain structure devel- 
oped during secondary creep might be correlatable 
with either of the two variables é, e*” “’ or a.. 

Some of the solid solution aluminum alloys which 
were discussed in an earlier report’ were also used 
in the present investigation. Sheets of these alloys 
were homogenized, cold rolled from 0.100 to 0.070 
in. in thickness and then recrystallized to about the 
same grain size. Their chemical composition and 
grain size are recorded in Table I. Creep specimens 
were selected with their tensile axes in the rolling 
direction. The details for creep testing have been 
described" and will not be repeated here. All creep 
tests were performed under constant load conditions 


Experimenta! Results and Discussion 

Metallographic Structure of Creep Specimens: In 
order to obtain a preliminary concept of creep on 
the metallographic structure of high purity alumi- 
num, the various ruptured specimens previously 
used to obtain the creep data for pure aluminum 
were polished and etched electrolytically in a dilute 
solution of fluoroboric acid. Oblique illumination 
was used to reveal the substructures which, for con- 
venience, are shown in correlation with the o vs. 
é.e*"" curve in Fig. 1. It is necessary to emphasize 
that the data for the curve refer to the various sec- 
ondary stages of creep whereas the micrographs re- 
fer to the fractured creep specimens. Nevertheless 
a regular and systematic correlation is observed be- 
tween ¢, e*""" (or the creep stress) and the micro- 
structure at fracture. For In (é, e”'"") 42.3, 
which refers to creep at a high creep rate and a low 
creep temperature, the fractured aluminum speci- 
men, as shown by the micrograph in the upper right- 
hand corner of Fig. 1, exhibited extensive deforma- 
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Fig. 1—Metallographic examinations of fractured creep specimens of high purity aluminum as a function of the parameter 


tion banding. Such banded regions are distinguish- 
able from the subgrain structures formed during 
creep at higher temperatures. This distinction will 
be more clearly revealed by the X-ray diffraction 
evidence which will be described in the following 
section. 

At the opposite extreme where In (e, e ) was 
low, the micrograph of the fractured specimen was 
completely free from evidence of deformation band- 
ing. In lieu of deformation bands, the individual 
grains appeared to exhibit a fine polygonized struc- 
ture. For intermediate values of In (é, e*“”’“") inter- 
mediate types of structures were obtained in the 
fractured specimens. Thus a regular trend was ob- 
served between the creep parameter ¢, e*”“" and the 
microstructure of the fractured specimens. Simi- 
larly, the metallographic structure of the fractured 
specimens appears to be a function solely of the 
creep stress, independent of the remaining test con- 
dition of temperature. 

X-Ray Structure of Creep Specimens: The metal- 
lographic techniques necessary to reveal the sub- 
structures of creep specimens were found to be 
tedious and somewhat difficult for the Al-Mg alloy 
that was investigated. Consequently it was deemed 
advisable to obtain confirmation, of the metal- 
lographic data by means of X-ray diffraction studies 
similar to those previously used by Wood and his 
colleagues.’ For this purpose Debye-Scherrer back- 
reflection radiograms were taken of all the ruptured 
creep specimens of pure aluminum using a copper 
target tube operated at 40 kv. Representative sam- 
ples of the various X-ray diffraction photograms for 
pure aluminum are reproduced in Fig. 2 and ap- 
propriately documented in terms of the creep or 
ultimate tensile stress and In (¢€, e*”’""). 


SH RT 


TRANSACTIONS AIME 


«. e'"". Area reduced approximately 75 pct for reproduction. 


The X-ray structure of the original unstrained 
creep specimens used in this investigation is shown 
in the upper left-hand micrograph of Fig. 2. In 
view of the small pinhole (0.27 mm diam) relative 
to the grain size (0.25 mm diam) only a few grains 
contribute to the resulting diffraction spots. These 
spots are small and sharp, revealing that the original 
annealed specimen consisted of large, almost perfect 
strain-free grains. The fractured specimens for high 
values of In “") exhibited diffuse X-ray dif- 
fraction arcs somewhat typical of cold worked 
metals. These X-ray photograms are associated 
with the banded metallographic structure that was 
described in the previous section, and the arcing of 
the diffraction spot must be attributable to the range 
of orientations induced in a single grain due to lat- 
tice bending during creep. At the other extreme 
where In (e, e*”“") is small, the diffraction photo- 
grams of the fractured specimens clearly exhibit 
ares consisting of a series of sharp, distinct diffrac- 
tion spots. Undoubtedly each spot represents the 
diffraction from an almost perfect subgrain and the 
are represents the range of orientations of the as- 
semblage of subgrains which originated from one 
or, perhaps at most, two original grains. Thus X-ray 
diffraction evidence for subgrain formation at low 
values of In (¢, e*”’"") is directly correlatable with 
the confirming metallographic evidence which was 
described in the preceding section. Over the inter- 
mediate values of In (¢, e*”’"") a regular trend of the 
X-ray photograms of the fractured specimens were 
obtained, ranging from the diffuse Debye-Scherrer 
ares for high values of In (¢, e*”’"") to sharp arcs 
composed of distinct spots for low values of 
In (€, e*”’""), in complete harmony with the analo- 
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Fig. 2—X-ray back-reflection photograms of high purity aluminum as a function of the parameter «. e'””’". 


gous trends in the previously discussed metal- 
lographic structures. 

The structure of fractured creep specimens ap- 
pears to be a function of the creep stress independent 
of test temperature. The similarity in the diffraction 
photograms E and F and also G and H of Fig. 2 
support this contention. The specimens whose dif- 
fraction photograms are reproduced in G and H 
were tested at the same stress at two different tem- 
peratures; they have about the same values of 
In (¢, e°” “") and, within the precision of the experi- 
mental techniques, they exhibit about the same dif- 
fraction effects. X-ray diffraction photograms E and 
F were obtained from fractured specimens subjected 
to only slightly different stresses at two different 
temperatures and they exhibited only slightly dif- 
ferent values of In (¢, e*”'“"); they also reveal al- 
most identical X-ray diffraction effects. Thus the 
structures and the creep properties of metals appear 
to be directly correlatable. 
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Fig. 3—Correlation of creep and tensile data of various alu- 
minum solid solution alloys by the equation 
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Effect of «a Solid Solution Alloying on the Creep 
Properties and Structure: As shown by the creep 
data recorded in Fig. 3, the activation energy for 
creep is independent of dilute alloying additions. 

The primary factor that is responsible for the im- 
proved creep resistance of a solid solutions probably 
arises from the slower crystal recovery rates in- 
duced by alloying." This fact suggests that alloying 
elements restrain the migration of dislocations and 
therefore the a solid solutions should exhibit de- 
formation banding down to somewhat lower values 
of In («, e*”“’) than the pure element. The type of 
back-reflection X-ray photograms obtained from the 
series of fractured aluminum plus 1.6 atomic pct 
Mg creep specimens are shown in Fig. 4. Each 
photogram is documented in terms of the applied 
stress, temperature and In (¢€, e*” “') to permit rapid 
comparison with the o«. vs. In (¢, e*”“") data re- 
corded in Fig. 3. The only significant difference be- 
tween these correlations and those for high purity 
aluminum is discerned in the greater diffuseness of 
the diffraction arcs in the Al-Mg alloy for the same 
value of In e*”'*"). 

Constant Load Creep Curves and Metallurgical 
Structure: In order to check more thoroughly the 
possible validity of Eq. 1, a series of three creep tests 
on three newly prepared specimens from a new 
sheet of high purity aluminum were made at 422°, 
477°, and 528°K at a creep stress of 2000 psi. 
The results of these tests are given in Fig. 5. These 
tests correlate very well when the creep strain is 
plotted as a function of the temperature-compen- 
sated time. The obtaining of a slightly lower activa- 
tion energy of SH ~ 17,000 R cal per mol in lieu of 
the former value of SH = 17,900 R cal per mol is 
probably attributable to a minor influence of sam- 
pling on the apparent activation energy. This dif- 
ference however, is not conspicuous and will be dis- 
regarded for the present. 
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Fig. 4—X-ray back-reflection photograms of an Al-Mg solid solution alloy as a function of the parameter +, e" 


The correlations obtained in Fig. 5 suggest that if 
long time creep data are desired for a given stress 
and temperature, they might easily be predicted 
from two short time creep tests at two somewhat 
higher temperatures. For the same strain on these 
two tests: 

te su RT, te* RT, [5] 
from which AH can be obtained. The same strain 
will be obtained for a creep test at the desired tem- 
perature, T, at time: 


SH RT, t 


t.e e SH RT, 
1 2 


aH, RT [6] 


e 
Thus it becomes a simple matter to calculate the 
entire creep strain, «, vs time, t, curve for any tem- 
perature within the realm of validity of the tem- 
perature-compensated time concept. 

The correlation mentioned between the creep 
strain and the temperature-compensated time sug- 
gests that the metallurgical structure should also 
correlate with the temperature-compensated time 
independent of the actual test temperature. In order 
to examine the validity of this concept, a series of 
creep tests were run under a creep stress of 2000 
psi at each of the temperatures of 422°, 477°, and 
528°K. At each temperature the specimens were 
removed for diffraction examination at the follow- 
ing strains: e 0.085, 6.15, 0.25, and immediately 
following fracture. Since the creep curve at a 
given stress was shown to be a function of the tem- 
perature-compensated time, the constant strain 
values selected are identical with constant values 
of the temperature-compensated time. The strain 
€ 0.085 is approximately in the center of the 
primary creep interval; the secondary creep stage 
begins at about a strain of 0.15, and the tertiary 
stage begins at a strain of about 0.25 for the selected 
stress of 2000 psi. The X-ray diffraction photograms 
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which were obtained are shown in Fig. 6. Because 
of the limited number of grains which were sampled 
by the X-ray beam, small deviations were obtained 
in the diffraction patterns. Within the sensitivity of 
the diffraction technique, however, the same struc- 
tures were obtained at identical strains for the 
various creep temperatures. 

The substructure appears to be independent of 
test temperature for the same creep strain under 
a constant stress, but it changes markedly through- 
out the primary stage of creep. At a strain of 0.085 
small diffuse Debye-Scherrer arcs are obtained, 
whereas at the conclusion of the primary stage 
longer and less diffuse Debye-Scherrer arcs are in 
evidence. Minor changes in the Debye-Scherrer arcs 
occurred over the secondary range of creep from 
€ 0.15 to « 0.25 leading to slightly less diffuse 
and longer ares. Additional metallurgical changes 
leading to less diffuse Debye-Scherrer ares can be 
observed to occur over the tertiary stage of creep. 


2 


Fig. 5—Correlation of creep strain-time data of high purity 
aluminum by the equation « — «(te '"') at a stress of 2000 
psi. 
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As shown in Fig. 5, « is a function of te where 
ASH is a constant, independent of temperature, over 
the entire creep curve; hence, it must be assumed 
that AH is independent of the structure over the 
entire range of structures revealed by the diffrac- 
tion photograms in Fig. 6. 

In view of the somewhat insensitive and qualita- 
tive nature of comparisons of the Debye-Scherrer 
photograms, some doubt might yet persist concern- 
ing whether exact identity of subgrain structures is 
achieved at identical strains, independent of the 
creep temperature, during constant load creep tests. 
Inasmuch as the plastic properties of metals are 
quite sensitive to their substructure, it was thought 
that unqualified proof of this thesis could be estab- 
lished by investigating the true stress-true strain 
curves at atmospheric temperatures following creep. 
The atmospheric temperature true stress-true strain 
diagrams of specimens precrept to the various struc- 
tures previously recorded in Fig. 6 are shown in Fig. 
7. As the creep strain of previously annealed speci- 
mens increases, the plastic properties at atmospheric 
temperatures improve, and the resulting stress- 
strain curves for constant load creep tests are iden- 
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Fig. 6—X-ray back-reflection photograms of high 
purity aluminum under a creep stress of 2000 psi 
for various temperatures as a function of strain. 


* 98 


tical for identical creep strains independent of the 
creep temperature. The thesis that the structural 
changes attending a constant load creep test depend 
only on the total creep strain independent of the 
creep temperature is therefore well established. 
Creep Under Conditions of Variation in Tempera- 
ture: In many technological applications the tem- 
perature under which creep occurs is not constant. 
It would indeed reduce the amount of testing if the 
creep curve for any prescribed program of tempera- 
ture could be calculated from isothermal creep data. 
The basic correlations necessary for such a calcula- 
tion are contained in the correlations between the 
creep strain and the temperature-compensated time. 
Assume that a metal is to be subjected to any arbi- 
trary temperature-time history such as that given in 
the upper graph of Fig. 8. The activation energy 
can be obtained as outlined by Eq. 5 from two iso- 
thermal creep tests at the desired stress. Conse- 
quently the temperature-compensated time can be 


calculated from: 
0, e AH/RT dt [7] 
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where T is the prescribed function of t. The value 
of the integrand of Eq. 7 is given in the second curve 
of Fig. 8. Thus the value of @,, for any time t,, is 
merely the area under this curve from t 0 to t,. 
The appropriate creep strain for the value of @,, can 
be read off of a chart based on the isothermal data, 
such as that given in Fig. 5. This sequence of opera- 
tions can be repeated for other times until the entire 
creep strain vs time curve is predicted. 

In order to test the above method of predicting 
creep for constant stress variable temperature con- 
ditions, two creep tests at 2000 psi were performed 
on high purity aluminum for the identical tempera- 
ture history given in the upper curve of Fig. 8. The 
actual creep curves which were obtained are shown 
by the solid curves in the two lower graphs of Fig. 
8; the predicted creep curves are illustrated by the 
dashed curves. The agreement is within the usual 
variations in creep data from sample to sample. Thus 
the practical utility of the concept of the tempera- 
ture-compensated times is well established for the 
simple metallurgical systems which have been in- 
vestigated here. 

Creep Stress and Resulting Structures: The suc- 
cess of the correlation of the creep strain in a con- 
stant stress test with the temperature-compensated 
time, as described previously, arises from the fact 
that the metallurgical structure is also a continuous 
function of the temperature-compensated time in- 
dependent of the creep temperature. These correla- 
tions then allow the simple analyses of creep data 
for any temperature history. From both the theo- 
retical and practical aspects of the problem on creep 
it is equally important to be able to describe the 
creep behavior of metals under any condition of 
stress history. By direct analogy with the problem 
of temperature history on the creep of metals, it is 
clear that the latter correlation would be readily 
feasible if the same metallurgical structures are 
developed in creep tests at various stresses. The 
complete solution of this problem has not yet been 
achieved but the results of some preliminary in- 
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vestigations, which will now be described, suggest 
that the resolution of the problem will be affected 
by several complicating factors. 

The data contained in Figs. 2 and 4 clearly reveal 
a distinct difference between the structures of frac- 
tured creep specimens as a function of the creep 
stress. As shown in Fig. 1, specimens tested at the 
higher stresses exhibit deformation bands at frac- 
ture whereas those specimens tested at the lower 
stress levels exhibit a fine subgrain structure. Simi- 
lar trends are observed in the X-ray diffraction 
photograms shown in Fig. 4. This suggests that the 
higher stress test specimens acquire a more severely 
deformed structure immediately upon loading, and 
due to their more rapid creep rate retain a more 
severely worked structure throughout their creep 
history; the less severely stressed specimens acquire 
an initially less deformed structure and exhibit 
greater grain perfection and recovery at the same 
values of the temperature-compensated time. 

In order to study more thoroughly the differences 
in structures for creep tests conducted at different 
stress levels, a series of creep tests were conducted at 
two alternate stress levels 3400 and 2000 psi. Speci- 
mens were removed for X-ray diffraction studies at 
strains of 0.085, 0.15, 0.25, and at fracture. The 
higher stress tests exhibited greater initial deforma- 
tion and continued to exhibit such greater deforma- 
tion at the same strains and same values of the tem- 
perature-compensated time throughout the entire 
creep history. Also, at no point in the higher stress 
tests was a structure achieved which was in any way 
similar to the structures obtained at the lower stress 
level. These observations, then, reveal one source of 
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Fig. 8—Predicted and experimental creep curves for high 
purity aluminum when the temperature is changed as a func- 
tion of time under constant load conditions. 
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Fig. 9—Effect of change of stress on the creep of high 
purity aluminum 


the failure of the mechanical equation of state for 
creep. 

If at some stage in a low stress creep test the stress 
is suddenly increased, the additional tensile defor- 
mation that results will introduce changes in the 
structure of the specimen, bringing the structure 
into closer agreement with that obtained at some 
stage of the higher creep stress test. But inasmuch 
as the structural changes that are introduced upon 
increasing the load are superimposed on the sub- 
structure obtained during creep at the originally 
lower stress, it is improbable that the resulting 
structure will coincide exactly with that obtained at 
any stage of creep in a specimen subjected exclu- 
sively to the higher stress. Thus the past stress 
history modifies the structure of metals in such a 
way as to modify their subsequent mechanical prop- 
erties. These discussions are also pertinent to cases 
wherein the stress is lowered at some stage of creep. 
The instant the stress is lowered the structure re- 
mains essentially that which was developed at the 
higher stress excepting for the minor modifications 
induced by creep recovery. At the lower stresses 
this structure might undergo crystal recovery and 
polygonization so that eventually the structure be- 
gins to approximate that of a specimen exclusively 
subjected to the lower stress. But inasmuch as the 
structure upon lowering the stress is reasonably 
different from that of any structure which is de- 
veloped exclusively at the lower stress, it is unlikely 
that exact coincidence of structure can be achieved. 
The creep data recorded in Fig. 9 illustrate this 
point. The solid squares refer to creep of high 
purity aluminum under 3400 psi at 422°K, whereas 
the solid triangles refer to creep under 2000 psi at 
the same temperature. A third creep test was con- 
ducted at 3400 psi, represented by the open squares, 
and then the stress was lowered to 2000 psi, repre- 
sented by the open triangles. The small differences 
in the solid and open square data for 3400 psi are 
attributable to sampling differences. After the stress 
was lowered to 2000 psi a very low creep rate was 
obtained. The shape of the 2000 psi curve for the 
specimen prestressed at 3400: psi is very dissimilar 
from the shape of the curve for the specimen 
stressed exclusively at 2000 psi. This implies that 
the structure of the specimen prestressed at 3400 
psi probably never achieves the same structure de- 
veloped in the specimen stressed exclusively at 2000 


psi. Conclusions 


1—For a solid solution alloys the creep strain for 
a constant stress creep test is a function of the tem- 
perature-compensated time @ fe*"’*" dt where: t 
is the time; T, the test temperature, °K; R, the gas 
constant; and SH, the activation energy. 
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2—The activation energy for high temperature 
creep is relatively insensitive to the test tempera- 
ture, stress, grain size, small concentrations of alloy- 
ing elements, and metallurgical structure of a solid 
solutions. ASH was found equal to approximately 
35,800 cal per mol. 

3—lIf the creep curves for a constant stress are 
known for two temperatures, AH can be evaluated. 
Using this value of AH, the creep strain vs time 
curve can be calculated for any variable high tem- 
perature program for creep. 

4—The creep behavior of a solid solutions is di- 
rectly correlatable with the grain substructures that 
are developed. For a given creep stress the sub- 
structures are functions of the creep strain indepen- 
dent of the test temperature. 

5—For each new creep stress a unique set of grain 
substructures is developed as a function of creep 
strain. This is one of the factors responsible for the 
failure of the mechanical equation of state for creep. 
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ep Properties of Commercially Pure Titanium 


by W.R 


Kiessel and M. J. Sinnott 


The creep characteristics of commercially pure titanium sheet in 
the annealed state, cold-worked state, and cold-worked and re- 
covered state in the temperature range from 75° to 750°F have been 
determined. Titanium has been found to exhibit strain aging char- 
acteristics. The effect of strain aging on creep has been deter- 
mined. A possible explanation for the poor creep properties of tita- 

nium is proposed. 


HE metal titanium exhibits many desirable prop- 
erties but results on its creep properties have 
been somewhat disappointing. The creep strength is 
low even though the material has a very high melt- 
ing point.’ The present work was undertaken to de- 
termine the creep strength of titanium in various 
conditions; annealed, cold-worked, and cold-worked 
and recovered and to determine why titanium shows 
such relatively poor creep properties. 
The general procedure followed in this research 
consisted in obtaining the usual mechanical prop- 
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erties such as creep strength, short time tensile 
strengths, and hardness on materials treated to a 
controlled degree of internal strain, as determined 
by X-ray diffraction measurements, and their sub- 
sequent interpretation in terms of this internal strain. 

The material used in this work was sheet stock 
taken from one heat of commercially pure titanium. 
As-received, this sheet was 0.060 in. thick. The anal- 
ysis was given as 0.037 pct C, 0.023 pct Si, 0.50 pet 
W, 0.063 pct Ni, 0.08 pct Fe, and the remainder tita- 
nium. The oxygen and nitrogen were unreported but 
generally are about 0.2 pct in commercial heats. 

In order to put the material in a state of minimum 
internal strain all the sheet was given an anneal in 
a static argon atmosphere for 1 hr at 1600°F prior 
to processing and testing. The microstructure of the 
material after this treatment was essentially a single- 
phase solid solution of uniform equiaxed grains. 

For the studies on the cold-worked sheet, the 
material was reduced by rolling in a two high, 5 in. 
mill. Rolling was done at room temperature in passes 
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Fig. 1—Effect of cold working on the integrated intensity of 
the diffracted (002) X-ray line. 


of not more than 10 pct reduction per pass, the 
material being cooled after each pass. 

In determining the recovery characteristics of the 
cold-reduced stock, the material was annealed at 
temperatures of 210°, 400°, and 600°F for time in- 
tervals of 1, 100, and 1000 hr. All creep and tensile 
specimens were annealed or treated in a similar 
manner. Specimens that were treated at other tem- 
perature levels will be indicated. 


Test Procedures 

Tensile test and creep data at room temperature 
were obtained by the use of electric strain gages. 
For elevated temperatures a modified Martens exten- 
someter was used. Strain rates of 0.001 and 0.050 in. 
per in. per min were used in taking the tensile data. 
All tests were run in air and temperatures were con- 
trolled to *3°F as measured by thermocouples at- 
tached to the specimens. In the creep tests the speci- 
mens were placed in a furnace operating at the test 
temperature and, after thermal equilibrium was 
established, the load was applied through a lever 


(A) 
SCHEMATIC ARRANGEMENT 
IN PLANE A-A 
(8) 
\ 
w 
2 


ATION OF A-A 90° 


DISTRIBUTION OF 002 PLANES ABOUT A-A AxiS 
(SAME FOR 8-8, ETC) 
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Fig. 2—Pictorial description of preferred orienta- 
tion correction of integrated intensity measure- 
ments for sheet textures. 
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system which placed the material under constant 
stress rather than constant load. In most cases com- 
plete time-elongation data were obtained but in 
some instances readings could not be taken until 0.1 
hr had elapsed, due to the abnormally large first- 
stage creep component. Total strain was measured 
in all cases but is not reported in this paper. Creep 
test durations were on the order of 1000 hr. In some 
cases this time interval was insufficient for steady 
state creep conditions to be reached and in those 
cases the minimum rate was taken as the steady 
state creep rate. Longer duration tests showed that 
this introduced only a small error in the creep rates. 
The least creep rate obtainable was dictated by the 
accuracy of the extensometer system, 3x10“ in. per 
in., and the maximum rates by the rupture prop- 
erties of the metal. 

X-ray diffraction studies using CuKe radiation 
were made on etched surfaces of the titanium sheet, 
the diffracted beam being filtered. For line intensity 
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Fig. 3—Effect of cold work on the internal strain as measured 
by the line breadth of diffracted (114) beam. 


measurements the (002) line, 24 38.8°, was studied 
using a Norelco spectrometer with a Geiger-Mueller 
tube and counting circuit to record the diffracted 
energy. Orientation corrections were made on these 
specimens by determining the integrated intensity 
distribution in all positions with a Shultz fixture.’ 
This is essentially the method used by Frey’ after 
modification for sheet textures. Diffracted line 
breadth studies were made on a high angle Norelco 
spectrometer on the (114) planes, 20 114.6°, which 
were aligned parallel to the rolling direction. 
Corrections for instrumental broadening were 
made on all spectrometer traces by the use of 
Fourier analysis.‘ Generally ten harmonics were 
used although in cases of small strain the number 
was extended to as many as twenty. As a measure 
of the amount of line broadening, and hence the 
amount of internal strain, the breadth was deter- 
mined in units of radians at the half peak. 


Internal Strain Measurements 


Mechanically working a metal can result in two 
phenomena occurring in the lattice; fragmentation” ° 
and changing of the interplanar spacings.’ * Both of 
these processes can cause broadening of the X-ray 
diffraction beam. Fragmentation, however, will 
cause no appreciable broadening unless the crystal- 
lites are 10° cm or less in thickness.’ Since line 
broadening is used in this work to determine the 
internal strain or changes in interplanar spacings, 
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Fig. 4—Effect of cold work on the diamond pyramid hardness 
of rolled titanium sheet. 


DIAMOND PYRAMID HARDNESS (lOOOqm. load) 


it was necessary to evaluate the fragmentation effect 
if it existed. This was done by the use of integrated 
intensity studies. The amount of fragmentation that 
has occurred will be reflected in the degree of pri- 
mary extinction. 

Primary extinction, the power loss of a diffracted 
beam due to the rediffraction of energy in any one 
fragment, can be expressed by means of the Darwin 
term applied to the integrated intensity of the dif- 
fracted beam.” It is stated as follows: 


tanh (Constant-cosec B)'* 


(Constant: cosec 28: F,,,°-d*-cot 


where P is the integrated intensity of an extinction- 
less sample; P’, the corrected integrated intensity; 
8, Bragg angle; F, the structure factor; and d, the 
thickness of the mosaic fragment. 

The correction term approaches unity as d, or Bf 
approach zero. If a measurable increase of the 
integrated intensity of an X-ray diffracted beam 
occurs at a given Bragg angle from samples cold- 
worked to various degrees, then the fragment size 
is such as to cause no broadening of the diffracted 
beam. 

Test pieces of annealed titanium, and sheet rolled 
13, 40, and 60 pct were analyzed using the (002) 
line. The results, as presented in Fig. 1, showed that 
the integrated intensity of this line, after corrections 
for preferred orientation effects, increased quite 
markedly over the entire range, thus indicating that 
the particle size was not contributing to the broad- 
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Fig. 5—Effect of recovery time and temperature on internal strain, 
as measured by line breadths, for titanium cold-reduced 40, 12, 
and 7 pct. 


TRANSACTIONS AIME 


ening of the diffracted beam. Such broadening as 
did occur, less instrumental effects, was due to in- 
ternal strain. This is in general agreement with 
Smith and Stickley" and Brindley and Ridley” al- 
though their investigations were carried out on 
metallic powders. 

The method used for the orientation corrections 
of the diffracted line integrated intensity measure- 
ments can best be explained by reference to Fig. 2. 
Consider a specimen arranged as shown in Fig. 2a. 
The X-ray primary beam, which strikes the specimen 
at the Bragg angle #@, and the diffracted beam lie in 
the same plane as the axis A-A. If the specimen is 
rotated to various angular positions a, about A-A, 
and the integrated intensity measurements made, 
all the (002) planes lying parallel to the axis will 
have a chance to diffract. Similarly, if the speci- 
men is rotated about the specimen normal N, to 
angular position 8, as C-C, between A-A and B-B, 
and if at each such position the specimen is rotated 
about C-C, as was done about A-A, then all the 
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Fig. 6—Eftect of recovery time and temperature on the diamond 
pyramid hardness of titanium rolled 40, 12, and 7 pct. 


(002) planes can be accounted for, A series of plots 
as shown in Fig. 2b, one for axis A-A, axis B-B, and 
each 8 angular position of C-C, can be drawn. Com- 
bining these plots gives a volume as shown in Fig. 
2c, and from the volume an average integrated in- 
tensity can be found. 

Since titanium exhibits a symmetrical pole pat- 
tern, the intensity distribution was determined in 
one quadrant only; the determinations being made 
for 15° increments in 8 and 5° and 10° increments 
in a. No extinctionless standard was available for 
absolute intensity or extinction measurements. The 
relative values, however, were sufficient for this 
investigation. 

Line Breadth Studies 

Since broadening of the diffracted X-ray line was 
found to be caused by internal strain, the effect of 
varying amounts of cold working on the state of the 
internal strain was measured. As shown in Fig. 3, 
cold work up to 30 or 40 pct produces the near 
maximum of internal strain; further working re- 
sulting in only a slight increase, but this is followed 
by a decrease because of the onset of self-recovery. 
The data shown in Fig. 3 were taken within 6 hr of 
rolling. Additional aging at room temperature for 
four months showed recovery occurring only in 
specimens reduced 60 pct or more. These facts, 
coupled with the difficulty of testing thin sheet 
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Fig. 7—Second-stage creep rate at 76°F of annealed and cold- 
reduced titanium sheet as a function of stress. 


specimens, resulted in the selection of 40 pct cold 
work as being the maximum state of internal strain 
in subsequent studies, 

For comparative purposes the effect of cold work- 
ing on the diamond pyramid hardness is shown in 
Fig. 4. Its response to changes in internal strain is 
less sensitive than the X-ray procedure. A metal- 
lographic examination of the cold-worked samples 
showed an elongation of the grains but no deforma- 
tion bands or twins. 


Recovery Studies 

The recovery process in cold-rolled titanium was 
observed by X-ray line breadth measurements and 
by hardness determinations. Sheets rolled 7, 12, and 
40 pet were recovered at temperatures of 210°, 400°, 
and 600°F for time intervals of up to 1000 hr. The 
results of the line breadth measurements are shown 
in Fig. 5, while Fig. 6 shows the results of the hard- 
ness measurements. 

Recovery did not occur at 210°F on the titanium 
reduced 7 pct and was incomplete on the sheet re- 
duced 12 and 40 pet. A constant value of internal 
strain for each condition of previous cold work was 
reached after 20 to 50 hr at either 400° or 600°F. 
The hardness measurements showed the same trends 
as the line breadth studies but did not respond as 
readily. 

Creep Studies 

Creep tests were conducted on the annealed, the 

cold-worked, and the cold-worked and recovered 
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Fig. 8—Correlation between line breadth and second-stage creep 
rate at 76°F of annealed and cold-reduced titanium at various 
stress levels. 
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titanium. Fig. 7 is a plot of the stress vs second- 
stage creep rate for tests conducted on the annealed 
stock at 76°F. 

Line breadth studies conducted on these com- 
pleted creep specimens showed only a slight change 
in internal strain. These increases can be attributed 
to strain hardening. The specimens tested under 
high strain rates showed between 5 and 6 pct total 
elongation after testing. Measurements of the in- 
ternal strain in these specimens, when compared 
with the internal strain of samples rolled to this 
extent, were identical. 

The effect of varying degrees of cold work on the 
creep rate of titanium at 76°F is shown in Fig. 7. 
Small amounts of cold work are more effective in 
increasing the creep resistance from the annealed 
state than from higher degrees of cold work. This 
follows the trend developed in the internal strain 
measurements vs cold work, as shown in Fig. 3. 

Fig. 8 shows that a logarithmic relationship exists 
between the line breadth measurements made prior 
to testing and the creep rate developed at 76°F on 
the stock cold-reduced to varying degrees. This 
correlation appears to be valid regardless of the 
stress level considered. Some of the annealed 
material shows higher creep rates than would be 
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Fig. 9—Second-stage creep rate at 76°F of titanium sheet cold- 
worked 40 pct and recovered 100 hr at various temperatures. 
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Fig. 10—Short-time tensile properties of annealed 
titanium sheet as a function of temperature. 
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predicted from a consideration of the cold-worked 
material only. The reason for this is that the true 
second-stage creep rate was not reached in the time 
interval used. Other tests for periods up to 2300 
hr (see 44,600 psi data of Fig. 8) yielded data which 
agree with the correlation obtained on the cold- 
worked stock. 

Fig. 9 presents the results of the creep studies at 
76 F on titanium cold-worked 40 pct and recovered 
100 hr at temperatures of 210°, 400°, 550°, and 
750 °F. It will be noted that the creep resistance 
does not decrease with increasing recovery tempera- 
ture. Instead the creep strength increases as the 
recovery temperature increases and reaches a maxi- 
mum at 400°F. 

No correlation between internal strain, as meas- 
ured by line breadths, and the creep properties at 
76°F was obtained on these cold-worked and re- 
covered samples. It is believed that the redistribu- 
tion of the internal strains during recovery is such 
as to cause a strengthening effect which is greater 
than would be predicted from the line breadth 
measurements. 

Strain Aging 

The inversion that occurred in the creep prop- 
erties of the cold-worked and recovered samples is 
believed to be due to strain aging, since no evidence 
could be found metallographically for the presence 
of precipitation. Since strain aging is generally in- 
cicated by the following characteristics of: 1- 
general strengthening, 2—yield point phenomena, 
3—decreased strain rate sensitivity in the region of 
strengthening, and 4—a_ serrated stress-strain 
curve," these criteria were investigated by making 
short time tensile test studies on the annealed 
material. The studies were made at strain rates of 
0.001 and 0.050 in. per in. per min at temperatures 
to 1000°F. At the faster strain rate it was not 
possible to determine the stress-strain curves and 
the yield strengths were not obtained. Fig. 10 sum- 
marizes the mechanical properties as determined by 
these tests. The data show that there is a decrease 
in tensile strength with increasing temperature but 
in the range of 600° to 800°F the tensile strengths 
are constant while the elongation decreases. Over 
the same temperature range the strength is approxi- 
mately constant regardless of the strain rate. This 
is not the case at higher or lower temperatures. An 
examination of the stress-strain curves showed the 
presence of a yield point in the tests conducted at 
temperatures from 210° to 650°F and the presence 
of serrations. In view of these data, it is concluded 
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that the titanium tested is subject to strain aging. 
The basic cause is as unknown as in any of the other 
metals in which this phenomenon has been detected. 
The same elements which are variously believed to 
cause the effect in other metals are present in the 
titanium, namely, carbon and nitrogen. 

In order to obtain some indication of the order of 
increase in hardness attributable to strain aging, 
measurements were taken on the completed tensile 
specimens 1'2 in. from the fracture. The results are 
shown graphically in Fig. 11. The greatest harden- 
ing occurred at the lower temperatures because of 
strain hardening. Increasing temperatures caused a 
decrease in the strain hardening component, but in 
the range of 600° to 800°F strain aging is present 
and its effect must be added to the effect of strain 
hardening. If it is assumed that the strain hardening 
component follows the dotted line of Fig. 9, then the 
maximum hardness increase that can be caused by 
strain aging is approximately 8 DPH. 


Elevated Temperature Creep Tests 

Fig. 12 is a plot of the stress vs second-stage creep 
rate for the annealed titanium tested at 210°, 400°, 
600°, and 750 F. These data show that the creep 
resistance does not continue to decrease with in- 
creasing temperature, as might be expected, but in- 
stead show a maximum at 400° F. Fig. 13 is a cross- 
plot of the effect of temperature on the stress re- 
quired for a given creep rate and more clearly shows 
this effect. 

An interesting feature was noted in the time- 
elongation curves of these tests. Generally the 
elevated temperature tests yielded long sweeping 


76°F 


210°F 


8 


40} 400°F 


w 
T 


600°F 


STRESS - 1000 PS! 


750°F 


re) L 
10°8 10°8 10°8 108 
CREEP RATE (Hours-!) 


Fig. 12—Second-stage creep rate of annealed titanium sheet as 
a function of stress and temperature. 
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rate of 10° per hr in annealed titanium sheet. 
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Fig. 14—Second-stage creep rate as a function of stress 
and temperature for titanium sheet cold-worked 40 pct. 


MATERIAL 
0 40% CW+RECOVERED IOOHR AT 400°F 
|» 40% CW+RECOVERED IOOHR AT 440°F 
40% CW+RECOVERED IOOHR AT 550°F 
TEST TEMP 
— 76°F ——210°F 
-—400°F 


(1000 PS!) 


STRESS 


10°8 1077 
CREEP RATE (HOURS@') 
Fig. 15—Effect of stress and temperature on the second- 
stage creep rate of titanium sheet cold-reduced 40 pct and 
recovered at various temperatures. 


curves with the true second-stage creep rate being 
established very late in the testing period. In the 
tests conducted at 400°F however the second stage 
of creep was established much sooner. At any one 
stress level the total amount of extension at 400°F 
was greater than at 210°F because of the higher 
initial plasticity, but the second-stage creep rate at 
400°F was established sooner and was less because 
of strain aging. 

Line breadth studies and hardness measurements 
were made on the completed creep test specimens of 
the annealed material tested at elevated tempera- 
tures. The results showed that there was an increase 
in internal strain in the material due to the testing. 
Some of this strain is due to strain hardening but 
the samples tested at 400°F had a higher residual 
internal strain than corresponding specimens tested 
at the same stress at 210°F. Strain aging is believed 
to be the cause of this increase. 

The maximum effect of strain aging occurred at 
approximately 400°F, regardless of how it was in- 
duced. The increased creep resistance of the an- 
nealed and the cold-worked and recovered titanium 
at the temperature of 400°F is analogous to the in- 
creased tensile properties noted at 600°F of Fig. 10. 
The difference in temperature for the maxima in the 
two tests can be explained on the basis of the work 
of Nadai and Manjoine.” They showed that with in- 
creased rates of straining the temperature of the 
strain-aging effect is raised and that the extent of 
the effect is diminished. 

The results of creep testing titanium cold-worked 
40 pct at elevated temperatures are shown in Fig. 
14. The cold-worked material has a higher creep 
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resistance than the annealed material tested at the 
same temperatures (see Fig. 12). As the tempera- 
ture of testing is increased, the creep resistance of 
the cold-worked material decreases regularly. A 
possible explanation for the behavior of this ma- 
terial is that the cold working introduces internal 
strain which strengthens the matrix. During testing 
at elevated temperatures recovery occurs and this 
decreases the strength, but the higher temperatures 
also induce strain aging which strengthens the ma- 
terial. The net result of these last two processes is 
that essentially they nullify one another. 

In the static recovery tests, a constant state of in- 
ternal strain was reached after approximately 40 
hr at temperature. This was not true on materials 
recovered under stress, since internal strain meas- 
urements and hardness measurements on cold- 
worked 40 pct completed creep specimens tested at 
elevated temperatures showed values that were 
lower than the values obtained on the samples re- 
covered under no-load conditions. 

In order to study the effect of strain aging induced 
prior to creep testing on the creep characteristics of 
titanium, a set of specimens cold-worked 40 pct was 
recovered at 400° and 550°F prior to testing at tem- 
peratures to the recovery temperature. The results 
are summarized in Fig. 15. Recovery at 400°F pro- 
duced the greatest strain-aging effect on the creep 
resistance at 76°F (see Fig. 9), so it was assumed 
that the same treatment would result in the best 
creep properties at elevated temperatures; an 
assumption that is verified in tests at 210°F as 
shown in Fig. 15. When, however, the material was 
tested at the same temperature as the temperature of 
recovery, the strength decreased due to the addi- 
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Fig. 16—Effect of stress and recovery time on the second- 
stage creep rate at 76°F of titanium sheet cold-worked 
40 pct and recovered at various temperatures. 
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tional recovery taking place under stress. As verifi- 
cation of this, the treatment of a specimen cold- 
worked 40 pct and recovered 100 hr at 440°F was 
sufficient to prevent any further recovery during 
subsequent testing at 400°F. The internal strain 
measurements and hardness measurements made on 
the above specimens showed that there was no 
change in these parameters as long as the creep test- 
ing temperature was below the temperature used for 
the prior recovery. 

In order to determine the effect of time, as well 
as temperature, on the strain-aging process, titanium 
cold-worked 40 pct was recovered 1, 10, and 100 hr 
at temperatures of 210°, 400°, and 550°F and creep 
tests made at 76°F. The results are shown in Fig. 16. 
The results are more graphically illustrated in Fig. 
17 where the stress necessary to produce a creep 
rate of 10° per hr at 76°F is plotted against the log 
of the time at the recovery temperature. The results 
are typical of an aging process. 

Tensile tests at 76°F were made on the material 
cold-worked 40 pct and recovered at 400° and 550°F 
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Fig. 17—Stress required to cause a second-stage creep rate of 10° 
per hr at 76°F in titanium sheet cold-reduced 40 pct and recovered 
at various temperatures for indicated times. 


for varying time periods. The results, shown in Fig. 
18, parallel those of the creep data and a correlation 
between these tensile strengths and the creep re- 
sistance for a constant stress was found to exist as 
shown in Fig. 19. Similar tests on the material cold- 
worked 40 pct and recovered 100 hr at 210° and 
750°F were made and the results agreed with this 
correlation. 

Strain aging has a marked effect on reducing the 
amount of overall extension by reducing the tran- 
sient creep component. This fact is quite vividly 
shown by comparing the total extension at 76 F of 
specimens cold-worked 40 pct and cold-worked 40 
pet and recovered 100 hr at 550°F prior to testing. 
These two materials had the same second-stage 
creep component but the strain-aged material had 
only one-half the total extension, after 1000 hr 
under test at the same stress, as the cold-worked 
stock. 

Applications of Creep Theories 

Andrade” has found that creep is mainly of the 
transient type if the test temperature is low relative 
to the melting point of the metal and mainly of the 
quasi-viscous type if the test temperature is high 
relative to the melting point of the metal. It was 
thought that at 76°F titanium might exhibit mainly 
transient creep and this hypothesis was supported 
qualitatively by the behavior of the annealed ma- 
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Fig. 18—Effect of time and temperature of recovery on the tensile 
properties of titanium sheet cold-worked 40 pct. 


terial, since quasi-viscous or second-stage creep was 
not always reached in the time interval considered. 
An attempt was made, therefore, to correlate exist- 
ing theories of transient creep with the data col- 
lected at 76°F on the annealed and on the cold- 
worked materials. The data were examined in 
accordance with the Orowan theory of transient 
creep, the modification of Smith,” and the theory 
of Mott and Nabarro™” by noting the mathematical 
relationship existing between time and strain. In 
no case did the existing theories describe the creep 
behavior found for titanium. Deviation from the 
predicted curves occurred after a time interval of 
from 50 to 200 hr, depending on the theory and 
material under consideration. It would seem that 
second-stage creep becomes active after a relatively 
short testing time and any further consideration that 
titanium exhibits chiefly transient creep at room 
temperature is fallacious. 

The analysis of the second-stage creep component 
was made in accordance with the rate process theory 
of Eyring and others.” The process, according to 
this theory, is assumed to be the result of the activa- 
tion of small units of flow and their subsequent 
movement under the applied shear stress over 
energy barriers. These considerations lead to the 
following equation: 


e Constant x T x x e x 


where e is the creep rate; T, the absolute tempera- 
ture; a, the applied stress; S and H, the entropy and 
enthalpy of activation process; R and k, constants, 
gas and Boltzmann; V, the flow volume; and q, the 
stress concentration factor. 
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Fig. 19—Correlation between the tensile strength at 76°F 
and the second-stage creep rate at 76°F under a stress of 
60,000 psi of titanium sheet cold-reduced 40 pct and re- 
covered at various times and temperatures. 
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The usefulness of the theory lies in the fact that, 
by fitting it to experimental data, some idea of the 
values of AH, AS, and V can be determined for com- 
parative purposes. 

The flow volume, V, can be determined if several 
assumptions are made; namely that AH and AS are 
not functions of stress and that q is approximately 
unity. The above equation then reduces to: 


log e = log C, + Vo/2kT 


From a plot of the log of the creep rate at 76 F vs 
stress the slope was found for the materials worked 
0, 7, 12, and 40 pet and the values of V found. They 
varied from 148A* to 90A°* in going from 0 to 40 pct 
cold work. This is the same order of magnitude as 
those reported for brass and extrapolated for steel 
and about ten times less than those reported for 
zine 

An estimation of AH can be made by plotting C, 
vs 1/T since, 

C, Constant x T x x 

It was assumed that temperature has little effect on 
SH over the range considered. The instability of the 
material prevented the use of data taken above the 
range of 76° to 210°F. The AH for the annealed ti- 
tanium was found to be 3550 cal. The value of AS, 
as determined graphically, was —99.4 cal per degree 
per mol. 

Combining AH and AS, as in equilibrium theory, 
a value of AF can be obtained for the free energy of 
activation. For the annealed titanium a value of 
33,000 cal per mol results. This is in the range of 
values encountered in the soft metals such as tin, 
zine, and lead; the AF values for steels are greater, 
being on the order of 50,000 cal per mol. 

A similar analysis of the creep data taken on the 
material cold-worked 40 pet gave a AH value of 
3000 cal per mol, a AS of —105 cal per degree per 
mol, and a AF of 34,500 cal per mol. Obviously 
there is little difference between the thermodynamic 
properties of the annealed and cold-worked titanium 
and the differences in properties between the two 
states are attributed to the size of the flow volume. 

In view of the above, the following generalized 
statements can be made. Although the free energies 
of activation ere approximately the same for tita- 
nium and the soft metals, which have poor creep 
resistance, titanium is somewhat superior due to its 
smaller flow volume. On the other hand, titanium 
and steels have the same flow volume, but the 
higher free energy of activation of the steels gives 
them better creep properties than the titanium. 

The correlation of internal strain, as measured by 
X-ray line width studies, with the creep properties 
of the titanium is not an unexpected phenomenon. 
Another form of the Eyring rate equation might be 
as follows: 


RT ar 


‘ 


e = Constant x T x e*"" xe 


where o, is introduced to describe the internal stress 
caused by cold working; the other terms are as de- 
scribed previously. This relationship allows for the 
introduction of internal stresses into the material 
which oppose the externally applied stress. If, for 
a constant applied stress and a constant tempera- 
ture, AS and AH can be assumed as constant, an 
assumption that appears to be valid, then the above 
equation can be reduced to: 


Constant — Constant X o, 


Log 
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This is the relationship actually found and graphi- 
cally shown in Fig. 8. 


Conclusions 

1—Cold working commercially pure titanium 
sheet, up to 40 pct by rolling, improves the creep 
resistance because of the residual strains left in the 
lattice. 

2—Recovery of titanium sheet rolled more than 
60 pct occurs at room temperature; sheet rolled 40 
pct, between room temperature and 210°F; sheet 
rolled 7 pct, between 210° and 400°F. 

3—tTitanium sheet exhibits strain aging. 

4—Strain aging markedly improves the creep re- 
sistance. 

5—A correlation exists between the amount of 
internal strain induced by cold rolling, as measured 
by X-ray prior to testing, and the creep resistance 
at temperatures below which recovery occurs. 

6—There appears to be a correlation between the 
short time tensile strength and creep resistance for 
titanium which has been cold-worked and recov- 
ered. 

7—Cold working and/or strain aging reduces ex- 
tensively the amount of first-stage creep. 
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Occurrence of Chi Phase in Molybdenum-Bearing Stainless Steels 


by P. K. Koh 


Chi phase (body-centered cubic, a 


8.89A) was found in as-cast 


23 pct Cr-10 pct Mo-Fe alloy as well as in heat-treated 316, 316L, 
317, and modified 446 stainless steels. Chi phase resembles sigma 
phase in its metastability, chemical composition, and brittleness. 
Microstructure and some of physical properties of chi phase were 


OLYBDENUM has been established as a de- 
sirable alloying element for the enhancement 
of corrosion resistance in Cr-Ni steels and creep and 
rupture strength in high temperature alloys. On the 
debit side, however, the molybdenum addition has 
been known to stimulate o formation. When the 
molybdenum-bearing steels were subjected to pro- 
longed heating at elevated temperatures, losses of 
corrosion resistance and/or ductility have been ob- 
served. 

Andrews’ first found the existence of a new phase 
among the anodic FeCl, extracts from type 316 stain- 
less steel solution treated and then reheated from 
800° to 1100°C. This phase was designated x and 
was identified by diffraction patterns as of body- 
centered cubic structure with a value equal to 8.89A 
and similar to that of a manganese. He found that 
the x phase in this steel always coexisted with o 
phase, but failed to distinguish one from the other 
by metallographic technique. No definite conclusion 
was drawn regarding the equilibrium temperature 
ranges of these two phases. 

The appearance of Andrew's work recalled an un- 

P. K. KOH is associated with the Research Laboratories, Alle- 
gheny Ludlum Steel Corp., Brackenridge, Pa. 

Discussion on this paper, TP 3464E, may be sent, 2 copies, to 
AIME by April 1, 1953. Manuscript, June 18, 1952; revised, Dec. 
22, 1952. Los Angeles Meeting, February 1953. 
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developed. 


explained structure observed several years ago at 
the Allegheny Ludlum Research Laboratories dur- 
ing the investigation of an experimental alloy con- 
taining 25 pet Cr, 10 pet Mo, and balance Fe. X-ray 
diffraction patterns on the as-cast material revealed 
the presence of a body-centered cubic phase having 
a lattice parameter of 8.89A. The structure was suf- 
ficiently similar to that of y chromium that for a 
time it was thought that the structure might be 
caused by the presence of some undissolved electro- 
lytic chromium particles. The alloy as-cast was so 
brittle that it shattered after the slightest hot reduc- 
tion by hammer cogging. 

This paper gives the results of some metallographic 
and X-ray diffraction studies on x phase as found in 
several experimental alloys as well as a few molyb- 
denum-bearing commercial stainless steels. The anal- 
yses of materials studied were as shown in Table I. 


Experimental Procedure 

Metallography: Solid specimens were polished 
mechanically and etched in boiling 50 pet HC] solu- 
tion in order to best delineate x and o phases in the 
alloys studied. 

X-Ray Diffraction: The difficulty of satisfactorily 
developing diffraction lines for o phase in solid 
specimens has been previously reported by Bindari, 
Koh, and Zmeskal. For this reason all specimens 
used in this investigation were subjected to anodic 
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Analyses of Alloys Studied 


Chemical Analyses 


Heat Type c Mn si Cr Mo Ni Ceo Fe Ti Al w 


Iron-base Alleys 


CM 68 Experimental 0.035 0.25 021 23.26 9.37 Bal 

CT 60 Experimental 0.11 0.42 0.34 19.56 12.75 0.10 Bal 

A748 Modified 446 0.04 1.10 0.98 26.70 1.62 Bal 1.84 0.91 
34476 316 0 064 1.82 0.56 17.56 2.63 13.91 Bal 

49754 316 0.044 1.17 0.55 17.24 2.10 13.68 Bal 

93867 316 0.080 1.36 0.48 17.83 2.72 13.35 Bal 

42011 S16L 0.028 1.48 0.50 17.76 2.35 13.24 Bal 

67227 317 0.051 1.89 0.41 18.37 3.70 13.92 Bal 

64025 317 0.053 1.58 0.32 18.74 3.68 13.54 Bal 

F-178 Experimental Low 0.25 0.25 25.0 10.0 Bal 

F-18681 Experimental Low 0.25 0.25 25.0 5.0 Bal 10.0 


Nickel-base Alloys 
F-179 Experimental Low 25 


Cobalt-base Alleys 


F-180 Experimental Low 0.25 0.25 25.0 


10.0 Bal 


extraction in ferric chloride solution. X-ray studies 
were carried out on the extracted residues. 

A wedge powder specimen was adopted for the 
Debye camera because of convenience in prepara- 
tion. Accurate determination of lattice parameter 
was found to be difficult due to absorption of the 
diffracted beam by the wedge specimen and because 
of mechanical difficulties in centering the specimen 
in the camera. Lattice parameters are therefore re- 
ported to only two decimal places. 

Electrolytic Extraction: The electrolytic extrac- 
tion cell consisted of an alundum crucible, a 3000 cc 
beaker, an 18-8 stainless steel sheet cathode with 
the specimen as anode. Copper lead wires were 
soldered onto both anode and cathode, the soldered 
joints being covered with paraffin. The cathode was 
placed inside the alundum crucible which rests on 
the bottom of the beaker. The anode is placed out- 
side the alundum crucible which serves as a dia- 
phragm to prevent the extracted residue from being 
contaminated by the reaction products formed around 
the cathode. The pH value of the FeCl, electrolyte 
varied between 1.1 at the beginning to 0.1 toward 


with chromium. Specimens '4 in. thick were cut 
from ingots or bars of the alloys under study for 
metallographic examination and extraction after 
heat treatment. 


Occurrence of Chi Phase 

Iron-Base Alloys: Fe-Cr-Mo Experimental Alloys: 
Experimental heats CM 68 and CT 60 were melted 
as part of an independent investigation of the re- 
sistance of certain alloys to attack by molten metals. 
When attempts were made to forge the alloys, they 
both cracked under light hammer blows. The ex- 
planation of the observed hot-shortness lay in the 
presence of x phase as shown in the microstructures 
of Figs. 1 and 2. 

While both heats exhibited the presence of x phase 
(Table II), in heat CT 60 the phase was inclined to 


Table III. Diffraction Data on Anodic Extract from Heat- Treated 
Type 316 and Type 316L Stainless Steel Sheets 


Diffraction Data on 


Original Anodic Extract 


ar elactr rte dice atrix Condition of Heat from Heat-Treated 
the end of a run. The electrolyte dissolved the matrix Sect Steel Sheets® 
at a reasonable rate depending upon the exposed 
area of the anode and the voltage drop across the 42011 Hotrolled.an- 100 hr at 1200°F austenite 
cell. The extract was recovered by filtering through nealed, and 100 hr at 1400°F austenite + Cra 
a frit-glass bottom filter, and was subsequently dried ceived 100 hr at 1600°F austenite + x + ¢ 
at 290 F 
alee . 50 hr at 1800°F austenite 
Heat Treatment: Specimens were protected from 42011 Cold rolled 85 100 hr at 1200°F a a eeniaaiaie 
oxidation during heat treatment by electroplating 100 hr at 1400°F 7 + CrasCo 
100 hr at 1600°F o + CraCe + aus- 
tenite 
50 hr at 1800°F austenite 
Table II. Diffraction Data on Anodic Extracts from Heat Treated 34476 Cold rolled 82 100 hr at 1200°F o + austenite 
pet 100 hr at 1400°F o + austenite 
CM 68 and CT 60 Alloys 50 hr at 1800°F CraCe + austenite 
‘> eg 49754 Hot rolled, an- 100 hr at 1200°F austenite 
Solid Specimen from which Extraction Was Made nealed, and 100 hr at 1400°F x + CraCe. + aus- 
Diffraction Data on pickled as-re- 
Heat Heat Treatment Anodic Extract* ceived 
49754 Cold rolled 80 100 hr at 1200°F austenite + 4 
CM 68 As-Cast x + ferrite + Fe.N pet Cra 
100 hr at 1200°F x + ferrite 100 hr at 1400°F ¢ + Crac aus- 
100 hr at 1400°F x + Fe oN tenite 
100 hr at 1600°F x + ferrite + Fe oN 100 hr at 1600°F o + Cra € aus- 
5 hr at 1800°F x + ferrite + Fe .N tenite 
2 hr at 2000°F x + ferrite 
2 hr at 2200°F ferrite 93867 Hot rolled, an- 100 hr at 1200°F austenite 
1 hr at 2400°F ferrite nealed, and 100 hr at 1400°F CraCe + austenite 
pickled as-re- +x 
CT 60 As-Cast x ferrite ceived 100 hr at 1600°F x + CreCe + aus- 
100 hr at 1200°F x + ferrite tenite 
100 hr at 1400°F x Fe.N ‘ 
100 hr at 1600°F x + FeoN $3867 Cold rolled 80 100 hr at 1200°F o + austenite + 
5 hr at 1800°F x ferrite pet CraCc 
2 hr at 2000°F x ferrite 100 hr at 1400°F ao + CraCe + aus- 
1*'y hr at 2200°F x + ferrite tenite 
1 hr at 2400°F x + ferrite 100 hr at 1600°F o + Crac 


* Phases present are listed in the order of decreasing line intensity 


* Phases present are listed in the order of decreasing line intensity. 
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Fig. la—CM 68, as-cast. Pri- 
mary 7 phase in ferritic matrix. 


50 pet boiling HC! etch. X500. 


Fig. le—CM 68, 2 hr at 
2000°F. Primary plus precipi- 
tated 7 phases in ferritic ma- 
trix. Solution of 7 phase pro- 
ceeds to an advanced degree. 
50 pct boiling HCI etch. X500. 


Fig. 3—Heat A-748, modified 
type 446 stainless steel. Fer- 
rite + mostly + some co. 


50 pct boiling HC! etch. X1000. 


- 
Fig. 1b—CM 68, 100 hr at 
1200°F. Primary plus precipi- 
tated phases ferritic 
matrix. 50 pct boiling HCI 
etch. X500. 


Fig. 1f—CM 68, 2 hr at 
2200°F. y phase almost com- 
pletely dissolved in ferritic ma- 
trix. 50 pct boiling HCI etch. 
x500. 


Fig. 4—Heat F-178, Cr-Mo-Fe 
alloy as-cast. 7 phase in fer- 
ritic matrix. Electrolytic etch 
25 sec in 5 pet NaCN solution. 
x500. 


Fig. Ic—CM 68, 100 hr at 
1400°F. Primary plus agglom- 
erating precipitated y phases 
in ferritic matrix. 50 pct boil- 
ing HCI etch. X500. 


Fig. 20—CT 60, as-cast. Pri- 
mary 7 phase in ferritic ma- 
trix. y phase in more or less 
nodular formation. 50 pct boil- 
ing HCI etch. X500. 


\ ‘ . 

Fig. 5—Heat F-181, Cr-Mo- 
W-Fe alloy as-cast. 7 phase 
in ferritic matrix. Electrolytic 
etch 25 sec in 5 pct NaCN 
solution. X500. 


Fig. 2b—CT 60, 


Fig. Id—CM 68, 5 hr at 
1800°F. Primary plus precipi- 
tated y phases ferritic 
matrix. Solution of y phase 
begins. 50 pct boiling HC! 
etch. X500. 


hr at 
2200°F. Solution of y phase 
into ferritic matrix proceeds to 
an advanced degree. 50 pct 
boiling HCI etch. X500. 


Fig. 6—Type 317, heat 64025, 


cold rolled 85 pet 4 
1600°F. o phase in austenitic 
matrix. Boiling 50 pet HCI 
etch. X500. 


SY 


100 hr at 


( 


Fig. 7—Type 317, heat 64025, 
solution treated at 2000°F + 
100 hr at 1600°F. y phase in 
austenitic matrix. Boiling 50 
pet HCI etch. X500. 


Fig. 8—Heat F-179, 25 pct Cr- 
10 pet Mo-Ni alloy. Face- 
centered cubic matrix. Electro- 
lytic etch, 5 sec in 5 pct NaCN 
solution. X500. 


Fig. 9—Heat F-180, low C,0.25 
pct Mn, 0.25 pct Si, 25.0 pct 
Cr, 10.0 pct Mo, balance Co. 
As-cast. Electrolytic etch 5 sec 
in 5 pct NaCN solution. X500. 


Area reduced approximately 50 pct for reproduction for these illustrations. 
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Table IV. Diffraction Data on Anodic Extract from Heat-Treated 
Type 317 Stainless Stee! Sheet 


Diffraction Data on 
Anodic Extract 
from Heat-Treated 
Steel Sheet* 


Original 
Condition of Heat 
Meat Steel Sheet Treatment 


€4025) «Hot rolled, an 100 hr at 1200°F austenite + CraCe 
nealed, and 100 hr at 1400°F x + CraCe + ao + 
pickled as-re- austenite 
ceived 100 hr at 1600°F x + CraCe 
50 hr at 1800°F o + x + austenite 


64025 Cold rolled 85 100 hr at 1200°F , + austenite + 
Crac, 
100 hr at 1400°F a + CraCe 
100 hr at 1600°F a + CreCe + aus- 
tenite 
50 hr at 1800°F o + austenite 
67227 Cold rolled 85 100 hr at 1200°F g 
pet 100 hr at 1400°F a 
100 hr at 1600°F go 
50 hr at 1800°F g 
10 hr at 2000°F austenite 


* Phases present are listed in the order of decreasing line in- 
tensity 


be somewhat more nodular. Additional quantities 
of x phase were precipitated from the ferritic matrix 
on reheating to temperatures as low as 1200°F. 
Agglomeration of the phase took place with pro- 
longed heating at 1200°F or reheating to higher tem- 
peratures. Solution of x phase in heat CM 68 became 
evident after 5 hr heating at 1800°F, solution being 
practically complete at 2200°F. In the case of heat 
CT 60, solution of x phase occurred after 2 hr heat- 
ing at 2000’ F, the more stable x phase being of higher 
molybdenum content. 

Concentrated Murakami's solution (30 g K,.Fe(CN) 
and 30 g KOH in 60 ce of water) failed to stain x 
phase in heats CM 68 and CT 60, although it had 
been reported to be effective in staining o phase in 
19-9-W-Mo steel.” 

As the CT 60 alloy was heated from 1200° to 
2200°F the lattice parameter of the x phase in- 
creased from 8.89 to 8.92A. 

Modified Type 446 Stainless Steel: Fig. 3 shows 
the microstructures of heat A-748, a type 446 stain- 
less steel modified by the addition of molybdenum 
and tungsten. The specimen was heat-treated for '% 
hr at 2000°F plus 40 hr at 1600°F. The diffraction 
pattern of the extracted residue showed strong lines 
of x and some weak lines of o. 

According to Andrews,’ the least amount of molyb- 
denum for the appearance of x phase in Cr-Ni-Fe 
alloys was about 3 pct. The fact that heat A-748 
contained 1.62 pet Mo and 0.91 pet W leads to the 
conclusion that tungsten and molybdenum act sim- 
ilarly in promoting x formation. This conclusion is 
supported by the presence of x phase in extracted 
residues from heats F-178 (25 pet Cr, 10 pet Mo, 
balance Fe) and F-181 (25 pet Cr, 5 pet Mo, 10 pct 


W, balance Fe). Microstructures of these samples 
are shown in Figs. 4 and 5. 

Type 316, Type 316L, and Type 317 Stainless 
Steels: Commercial heats of types 316, 316L, and 
317 stainless steels were chosen at random from mill 
production. Tables III and IV show the diffraction 
data on anodic extracts from specimens of the heats 
in various conditions as-received and heat-treated. 

From the compiled experimental data the follow- 
ing deductions seem to be logical: 1—Cold working 
accelerates o formation. 2—Cold working suppresses 
x formation. 3—The maximum temperature for stable 
ao phase is under 1800°F for type 316 steel or under 
2000°F for type 317 steel. 4— x phase forms from 
solution-treated steels at the temperature range of 
1400° to 1800°F. The rate of x formation seems to 
reach the maximum around 1600 F. x phase dis- 
appears after heating type 316 steel for 50 hr at 
1800°F or after heating type 317 steel to 2000°F. 

Comparing diffraction patterns on extracts from 
type 317 steel with those from type 316 (Tables III 
and IV), it appears that increasing molybdenum 
content promotes stability of both x and o phases. 

Figs. 6 and 7 show respectively the microstructure 
of o and x phases in the austenitic matrix of type 
317 stainless steel. Although no reagent has been 
found to differentially stain o and , phases, the dif- 
ferences in characteristic microstructures shown in 
Figs. 6 and 7 permit some degree of distinction, since 
x phase tends to form along preferential atomic 
planes of the matrix of the annealed material, 
whereas a general precipitation of o phase was ob- 
served in the cold-worked material. 

Experimental Nickel-Base Alloy: Fig. 8 shows the 
as-cast microstructure of 25 pet Cr-10 pet Mo-Ni 
alloy which contains a very slight amount of an 
extraneous phase. The X-ray diffraction pattern of 
the solid specimen showed no trace of x phase. No 
residue was recovered after the as-cast alloy was 
subjected to anodic FeCl, extraction. 

It is therefore evident that there is no correspond- 
ing x phase in the nickel-base Cr-Mo alloy. 

Experimental Cobalt-Base Alloy: Fig. 9 shows the 
microstructure of an as-cast 25 pet Cr-10 pet Mo-Co 
alloy. No residue was recovered from the anodic 
FeCl, extraction of the alloy. Diffraction pattern on 
the solid specimen showed only face-centered cubic 
8 and hexagonal close-packed a cobalt phases. 


Observed Properties 

Chemical Analysis: The chemical analyses in 
Table V on isolated phases indicate that x phase is 
essentially an intermetallic compound of chromium, 
molybdenum, and iron. In this tabulation the total 
weight percentage of reported elements is so close 
to 100 pet that the analyses reported represent those 
of the isolated phases. 


Selid Specimen Prior 
Heat to Anodic FeCl, Extraction 


Phase* 


Table V. Chemical Analyses on Isolated Phases 


Composition, Wt Pct 


c Cr Mo Fe Ni Mn Total — 


051 24.48 17.46 56.44 98.89 


100 hr at 1400°F All x 


CM Experimental 


CT 60 Experimental 5 hr at 1800°F Nearly 
all y 0.87 17.98 18.58 61.97 99.40 
67227 317 Cold rolled 82 pet plus 
100 hr at 1400°F Alle 0.82 25.06 941 57.70 5.56 1.35 99.90 
64025 317 Mill annealed plus Nearly 
100 hr at 1600°F all y 0.97 25.40 10.02 57.48 4.08 1.35 99.30 


* Based upon Debye diffraction lines. Other phases present due to very weak lines are estimated to be less than 5 pct 
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Table Vi. Diffraction Lines of Chi Phase* 


Sin'y 
Relative Relative = - 
hkl) Intensity* Observed Calculated: (hkl) Intensity? Observed Calculateds 
(32lia “ 0.2321 0.2325 (622) ay w 0.7329 0.7326 
(411)8, (330)8 ms 0.2473 0.2477 (721) 8, (633) 8, 
1552)8 m 0.7439 0.7430 
(400) a “ 0.2653 0.2658 (63lia w 0.7647 0.7631 
(4llia, (330)a vs 0.2985 0.2990 (642) vw 0.7717 0.7706 
(332) 8 vw 0.3027 0.3027 (4444 m 0.7973 0.7963 
(422) w 0.3310 0.3302 (44a mw 0.8001 0.7992 
(332)a ms 0.3655 0.3654 (550) a ms 0.8304 0.8295 
(543) 
(442) m 0.3991 0.3986 (550) ae m 0.8333 0.8325 
(543) ay 
(43lia, (510)a m 0.4322 0.4319 (651/68 w 0.8548 0.8531 
(600) 8, (442)8 vw 0.4960 0.4954 (633) an vs 0.8959 0.8959 


0.8991 


(52lia 0.4997 0.4983 0.8993 


0.9086 0.9082 


0.5229 


(611)'8, (532) 0.5241 

(433)a vw 0.5658 0.5647 (642'a mw 0.9291 0.9290 

(600) a, (442)a mw 0.5985 0.5980 (642) a “ 0.9325 0.9324 
622) 8 “ 0.6057 0.6054 (644/68 “ 0.9359 0.9357 

‘6llia, (532'a m 0.6321 0.6312 (730) m 0.9625 0.9622 
(44418 w 0.6618 0.6605 (730) a mw 0.9658 0.9657 

(710) 8, (55018 mw 0.6889 0.6880 (660) 8 m 0.9898 0.9907 


0.6992 0.6976 
0.7307 0.7300 


(622\a@ 


* The specimen was anodic FeCls extract from CT 60 cast alloy and the crystal structure was body-centered cubic, a 
? vs, very strong; s, strong; ms, medium strong; m, medium; w, weak; mw, medium weak; vw, very wea 
t Calculated according to body-centered cubic, a 8.888A 


Molybdenum tends to concentrate in both x and o The observed similarity in composition between , 
phases of Cr-Mo-Fe and Cr-Ni-Mo-Fe alloys. There and o phases in type 317 stainless steel leads to some 
are significant amounts of nickel in both x and o speculation as whether ~% may be an ordered struc- 
phases in type 317 steel. No significance was ture of « which is known to be of a distorted body- 
attached to the reported carbon content because of centered cubic structure. 

possible carbon pick up with the technique em- Microhardness: Table VII shows the microhard- 
ness of x phase formed under various conditions of 


ployed. 
It is significant that the x phase has practically heat treatment. 
the same chemical composition as the o phase in Summary 
type 317 stainless steel. 1—, phase was found in as-cast 23 pet Cr-10 pet 
Crystal Structure: Table VI shows the X-ray dif- Mo-Fe alloy as well as in heat-treated 316, 316L, 
fraction data on x phase isolated electrolytically in 317, and modified 446 stainless steels. 
FeCl, solution from as-cast CT 60 alloy. The lattice 2—-x phase resembles o phase in its metastability, 
parameter of x phase isolated from all the alloys chemical composition, and brittleness. 
studied showed variation from 8.89 to 8.92A. 3—There is no corresponding x phase in either 
nickel or cobalt-base Cr-Mo alloy. 
4—In stainless steels of the 316 and 317 types, 
Table VII. Microhardness Data cold working appears to promote o but suppress 
formation. For applications involving extended time 
_ at elevated temperatures, the formation of x or o 
Hardness phase appears to depend upon whether the previous 
history involved solution treatment or cold work. 
In welded sections, riveted joints, or other strained 
CT 60 As-cast 322 Within area of primary x areas of a large vessel where solution treatment is 
particle > ati ; > > 
300 br at 1200°F not possible, o formation will be unavoidable, pos 
x particle sibly without even partial x formation. 
100 hr at 1400°F 488 Directly on a large primary 
particle 
100 hr at 1600°F 508 Directly on a large primary 
Acknowledgments 
5 hr at 1800°F 483 er a large primary The author wishes to acknowledge the assistance 
x we 
2 hr at 2000°F 397 Directly on a large primary of staff members of the Allegheny Ludlum Research 
1% hr at 2220°F 322 within anon of grain bound- Laboratories in various phases of this work. J. A. 
artes partially occupied by Berger of the University of Pittsburgh furnished 
1% hr at 2220) F 256 x-free matrix 2 samples of some of the experimental alloys and 
é 3 fit ares artis H 
pied Laurence C. Hicks, Director of Research, Allegheny 
refined x particles Ludlum Steel Corp., has given very helpful sug- 
CM 68 As-cast 405 On a group of closely packed gestions. 
x Particles 
100 hr at 1200°F 433 On a group of clovely packed References 
xy particles P 
100 hr at 1400°F 429 On a group of closely packed K. W. Andrews and P. E. Brookes: Chi Phase in 
x particles < > > ¥ 
100 hr at 1600°F 351 On a group of closely packed Alloy Steels. Metal Treatment and Drop Forging 
x particles (July 1951) pp. 301-311. 
5 hr at 1800°F *K. W. Andrews: A New Intermetallic Phase in 
xy particles 3 
2 hr at 2000°F 297 On widely scattered y parti- Alloy Steels. Nature (December 10, 1949) No. 4180, 
cles in clear matrix p 1015 
hr at 2200°F 330 On almost clear matrix with 
area very little y *Ahmed El Bindari, P. K. Koh, and Otto Zmeskal: 
1 hr at 2400°F 360 On aimost clear matrix with Sigma-Phase Formation in a Wrought Heat Resisting 


Steel. Trans. ASM (1951) 43, p. 226. 
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Effect of Small Additions of Oxygen on Lattice Constants 


And Hardness of Zirconium 


by R. M. Treco 


The effect of small additions of oxygen on the hardness, density, 

and lattice parameters of high purity zirconium has been investi- 

gated. Precision parameter values and density of oxygen-free zir- 

conium are given as: a. 3.2258 kX units, c. 5.1373 kX units, 
ve, — 6.507 g per cc. 


HE effect of oxygen on the hexagonal-phase lat- 
tice constants of pure zirconium is of interest for 
several reasons. The extensive hardening effect of 


Table |. Typical Data for Zirconium Using Back-Reflection 
Focusing Camera 


oxygen noted by previous investigators’ must be due Co Ke 1.78529 kX Co Kay 1.78919 kX. 

in part to the lattice distortion accompanying its 

introduction and possibly to the preferred position Emission Maxi- 

of the oxygen atoms. De Boer and Fast have shown Line ser- Stem) 4 Eevee, 

that oxygen is taken into solid solution in large No. tes hkl Average Deviation PPM Sin’ 


amounts, appearing to occupy an interstitial posi- 


tion. These authors also found that expansion of the 1 a 212 21.328 0.0025 117 0.8338500 
lattice was not uniform since the a axis attained a 
constant value after the addition of 10 atomic pct = 
while the c axis continued to expand. It was thought 6 a 204 16.854 0.0032 190 0.8939075 
in the present work that this expansion of the zir- 
conium lattice with increasing amounts of oxygen 


R. M. TRECO, Junior Member AIME, is Research Project Leader, 
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should lend itself to the determination of oxygen in 
the metal in the absence of other impurities. Also 
present-day production of iodide metal has resulted 
in much higher purity, so that a new check on the 
lattice constants of unadulterated zirconium ap- 
peared desirable. 

Zirconium has been found to differ in some prop- 
erties, particularly hardness and density, depending 
on the specific refining process employed. Some data 
on metal prepared by different methods are included 
here. 

Experimental Procedure 

A series of oxygen alloys of increasing gas con- 
tent were prepared from very pure, degassed crystal 
bars in a high vacuum glass system of special design 
as described elsewhere. The alloys thus prepared 
were cold-rolled into strip and thoroughly annealed 
to produce a fine-grained recrystallized structure 
with a minimum of residual strains. Fig. 1 illustrates 
a typical microstructure in which the absence of in- 
clusions is indicative of metal purity. Samples were 
electropolished and etched heavily, then placed in a 
back-reflection focusing camera of 5 in. diam in such 
a way as to allow continuous rotation during a run. 
Cobalt radiation was used for the exposures and 
exposure times varied from 3 to 6 hr on single- 
emulsion film. Temperature measurements were 
taken during each run to establish room temperature 
corrections. 

Parameter Calculations 


The films thus obtained usually consisted of 10 a 
doublets which were measured three times and 
averaged. Typical data obtained from a single film 
are assembled in Table I along with the calculated 
maximum reading error for each line. 

Calculation of the lattice constants for each sample 
was carried through by Cohen's method’ with error 
determinations as outlined by Jette and Foote.’ This 
method results in a least squares solution of the 
lattice constants and in the present case was modi- 
fied to include a correction for systematic errors, the 
equations being set up to avoid the loss of significant 
figures in subtraction. The notation for the equations 
employed should be clear from ref. 5, these equa- 
tions being: 


AAXa La, | | 

AAXa ACY y t ADXy 4 Ly [2 | 

+ 26,2 [3] 
(2 1,2,3 n) 


Table Il. Analysis of Zirconium Sample Z62-1A 


Weight Atomic 
Element Percentage Percentage 
Carbon 0.0640 0.484 
Oxvgen 0.0260 0.147 
Nitrogen 0.0010 
Iron 0.0280 0.0455 
Hafnium 0.0280 0.0142 
Aluminum 0.0030 
Calcium 0.0012 
Chromium 0.0015 
Copper 0.0010 
Magnesium 0.0008 
Manganese 0.0005 
Nickel 0.0050 
Lead 0.0020 
Silicon 0.0040 
Tin 0.0020 
Titanium 0.0045 

0.0100 


Vanadium 


TRANSACTIONS AIME 


In this particular case of varying composition the 
difference terms (AA, AC, ete.) change progressively 
with the addition of oxygen. 

The calculated lattice constants were plotted 
against oxygen concentration, and with the assump- 
tion of linear relations, a least squares equation was 
obtained for each parameter as a function of oxygen 
content. All lattice parameter values were corrected 
to a temperature of 25°C using the data of Russell" 
for pure zirconium. 


Zirconium Analysis 


Zirconium used for the oxygen series consisted of 
five crystal bars from one selected lot, all of which 
were found to be of similar analysis. Table II gives 
the complete analysis of the control sample. The 
only substantial impurities found were carbon and 
oxygen of which the former was neglected in the 


Fig. |—Zr-O alloy cold-reduced 5.6 pct and 
annealed to produce fine-grained structure. 


Polarized light. X100. Area reduced ap- 
proximately 50 pct for reproduction. 


lattice parameter calculations since carbon concen- 
tration varied only slightly and its quantitative effect 
on lattice parameter was not known. 

Determination of oxygen in very small amounts 
in zirconium is most successful with the hydrogen 
chloride method.’ Initial oxygen content of the bars 
before controlled oxygen additions was most diffi- 
cult to obtain since it was small and varied slightly 
from sample to sample. In order to determine this 
initial oxygen, it was necessary to analyze several 
samples from a given bar. Since the amount of 
oxygen added to each sample was known accurately 
by two other independent checks, namely, weight 
gain and gas volume, these values could be plotted 
against the values obtained from chemical analysis, 
producing a linear plot. The curve obtained was 
easily shifted to correct each individual analysis for 
initial oxygen. This method minimized, but did not 
eliminate, the uncertainties in total oxygen content 
of each sample. 

The atomic percentage of oxygen for each alloy 
of the series was calculated on the basis of oxygen 
and zirconium only. The first value listed in Table 
III was based on the known addition of oxygen, 
while the second value was corrected for initial 
oxygen. The correction is shown to be small in most 
cases, the corrected value being used for discussion 


purposes. 
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Results and Discussion 

The calculated values of the zirconium hexagonal 
close-packed lattice constants are given in Table III 
together with the corresponding oxygen content. A 
plot of a and c axes as a function of the atomic per- 
centage of oxygen is shown in Fig. 2, while Fig. 3 
shows a corresponding plot of axial ratio and unit 
cell volume. These plots indicate a linear expansion 
of the lattice with increasing oxygen content as is 
usually found in dilute primary solid solution alloys. 
Within the range investigated there is no apparent 
effect on the axial ratio which remained constant. 

The best value of the lattice constants for the 
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Fig. 2—Zirconium lattice parameter change with oxygen 


initial high purity crystal bar of the composition 
given in Table II is as follows: 


a, 3.2256, + 0.00014 kX units 
C. 5.1370, + 0.00036 kX units 
c/a 


1.5926 


An extrapolation of the two lattice parameter curves 
was achieved by a least squares solution of the lat- 
tice parameter-percentage of oxygen data with the 
resulting equations: 


a, — 3.22580 + 0.0010184 
oxygen) Standard deviation 


Ce 5.13732 + 0.0019967 x 
oxygen) Standard deviation 


(atomic percentage of 
+ 0.00095 


(atomic percentage of 
+ 0.00156 


Lattice parameters for oxygen-free zirconium ob- 
tained from these equations together with their prob- 
able errors are as follows: 


a 3.2258, + 0.00064 kX units 
Cc, 5.1373, + 0.00105 kX units 


1.5926 


c/a 


The standard deviations of the two parameter 
equations proved disappointingly large. Despite the 
precision of individual parameter calculations, the 
equations for oxygen concentration did not prove 
sufficiently accurate to justify their use in chemical 
analysis. It will be noted that the parameter values 
for samples 2C and 2B appear to be lower than ex- 
pected, and if these data are neglected, the remain- 
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ing parameter values result in a good linear rela- 
tion. However, exhaustive checks on all the data 
failed to show any statistical or other justification 
for discarding the results from these samples. In 
addition, the hardness of these samples was con- 
sistent with other hardness data, see Fig. 4. 

Comparison of these data for zirconium with a 
similar study on titanium by Clark’ is of interest 
because of the similarity of the two metals. In his 
work, Clark showed that the a, parameter remained 
relatively constant while the c, parameter, hence 
the c/a axial ratio, increased linearly with oxygen 
concentration. This is at variance with the present 
results for zirconium and somewhat surprising since 
the smaller unit cell of titanium would be expected 
to expand to a much greater extent than zirconium. 
Lattice strains (AV/V,) calculated from the respec- 
tive data for 0.35 wt pct oxygen are 0.128 pct for 
titanium and 0.200 pct for zirconium. 

Hardness: Oxygen dissolved in zirconium pro- 
duces a large increase in hardness. This is shown in 
Fig. 4 in which average hardness values of oxygen 
alloys from the original five bars are plotted against 
oxygen content, and the X-ray samples are seen to 
be consistent with the curve. 

Although zirconium dissolves as much as 40 atomic 
pet of oxygen,’ the presence of as little as 2.0 atomic 
pet embrittles the metal to such an extent that cold 
working and machining are impossible. Some suc- 
cess has been achieved with grinding, though the 
elimination of chipping is difficult. The remarkable 
decrease in ductility with such small additions sug- 
gests that the first oxygen atoms occupy preferred 
positions in the lattice thus interfering with the 
normal slip processes. In addition, it was also ob- 
served in this work that oxygen alloys show little 
tendency to form mechanical twins, in marked con- 
trast to pure zirconium. 

In view of these observations, it is of interest to 
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Fig. 3—Zirconium lattice change with oxygen. 


consider the recent work of Rosi et al.,° which ap- 
pears to show that slip and twinning in a titanium 
do not occur in the usual hexagonal basal plane, but 
instead slip occurs in the {1010} and {1011} planes 


and the direction 1120>:; while twinning occurs 
in the planes {1012} and {1122}. 

Since titanium and zirconium have similar axial 
ratios (Ti 1.587, Zr = 1.592), exhibiting marked 
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similarities in their deformation patterns, it appears 
likely that the titanium mechanism may also apply 
to zirconium. While these novel slip and twinning 
systems allow greater ductility in plastic deforma- 
tion than basal slip, it is also apparent that the pres- 
ence of interstitial solute atoms are more likely to 
interfere with prismatic or pyramidal slip. Consid- 
ered in this light the observed decrease in ductility 
and lack of twinning in Zr-O alloys are not surpris- 
ing, although solute size is but one of the factors 
affecting mechanical properties. 

The hardness of zirconium has also been found to 
vary with the refining process and this has been 
attributed to variations in residual constitutents. 


a 
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Fig. 4—Zirconium hardness change with oxygen. 


Metal produced by magnesium reduction is consid- 
erably harder than iodide crystal bar despite exten- 
sive efforts to improve purity. These improvements 
have resulted in metal substantially free of metallic 
impurities. Removal of the last traces of the three 
elements, hafnium, carbon, and oxygen, has not been 
possible by metallurgical methods. Residual hafnium 
does not appear to be responsible for the gross hard- 
ening effect since it also occurs in similar concen- 
tration in soft crystal bar and is nearly identical to 
zirconium in lattice constants and atomic diameter. 
Carbon, oxygen, and to a lesser extent nitrogen re- 
main as the principal hardening agents. Since all 
three elements normally form interstitial solid solu- 
tions, the hardening effect is apparently caused by 
strain in the crystal lattice. 

In order to examine this hardening effect, the 
strain induced in the crystal lattice by increasing 
amounts of oxygen has been calculated from the 


Table IV. Effect of Oxygen on Zirconium Density 


Atomic Pet Density, 
Oxygen G per CO Source 
6.541 de Boer and Fast® 
2 6.555 de Boer and Fast® 
10 6.601 de Boer and Fast® 
0 6.507° Present work 
0.147 6.509 Present work 
1.961 6.517 Present work 


* By unit-cell volume extrapolation 


unit cell volume of each of the X-ray samples as 
shown in Table III. Since oxygen content was the 
only significant variable in this series (carbon and 
nitrogen being relatively constant), a direct correla- 
tion between hardness and lattice strain should be 
apparent. Fig. 5 shows a plot of these data in which 
a reasonably good linear correlation was obtained 
for the amount of data available. 

Density and Composition: Scattered density values 
given for zirconium in the literature are not entirely 
consistent. This may be attributed to the presence 
of impurities, particularly hafnium, carbon, and 


“aR 


RELATIVE LATTICE TRAIN 


Fig. 5—Zirconium hardness relation to lattice strain. 


oxygen, in unknown amounts, which produce signif- 
icant density differences. A precise calculation of 
X-ray density requires not only correct parameter 
measurement and quantitative chemical analysis, 
but also, in the case of metals, the characteristic dis- 


Atomic Pet Oxygen 


Table III. Lattice Constants of Zr-O Alloys at 25°C 


Volume Relative 
Sample Wt Pet Cor- of Unit Strain 
Number Oxygen Added rected* a, kx eo, && cfa Cell, 


Z62-1A 0.026 0 0.147 3.225621 5.13709 1.592597 46 2884+ 0 
Z262-8C 0.064 0.166 0.364 3.22611 5.13743 1.59245 46.3054 368 
Z62-8A 0.074 0.222 0.420 3.22634 5.13746 1.59235 46.3129 541 
Z62-7B 0.083 0.376 0.471 3.22624 "13926 1.59296 46.3245 781 
Z62-8B 0.125 0.536 0.708 3.22619 5.14858 1.59277 46.3191 664 
Z62-5D 0.128 0.756 0.725 3.22662 5.13994 1.59298 46.3424 1181 
Z62-8D 0.153 0.708 0.866 3.22711 5.13877 1.59238 46.5468 1266 
Z62-2A 0.244 1.27 1.38 3.22760 5.14046 1.59266 46.3765 1904 
Z62-2C 0.350 1.91 1.96 3.22749 5.14093 1.59286 46.3772 1919 
Z62-3A 0.361 2.11 2.02 3.22845 9.14246 1.59246 46.4186 2813 
Z62-2B 0.422 2.32 2.36 3.22765 5.14096 1.59279 46.3819 - 


* Added oxygen corrected for initial oxygen. 
+ Final digits uncertain 
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Table V. Density and Composition of Several Types of Zirconium 


lodide Reduced lodide Reduced 
Crystal Purified Crystal Graphite- 
Har, Sponge, Kar, Melted 
Material Low Hf Low Hf High Hf High uf 
Atomic pet Zr 99.425 99.050 98.423 95.428 
Atomic pet O 0.147 0 566 0.130 1.450 
Atomic pet ¢ 0 468 0.226 0.084 1.495 
Atomic pet Hf ood 0.040 1.239 1.310 
Atomic pet Fe 0.046 0.117 0.119 0.114 
Atomic pet Ti 0.058 
Atomic pet Al 0.146 
Atomic pet Pb 0.005 
Archimedes density at 
25°C per 6.518 6.492 6.578 6644 


X-ray density at 25°C 

per ce) corrected 

for composition 6.509 6.497 6.574 6.605 
X-ray density at 25°C 

per cc! not cor 


rected for composition 6.504 6 4489 6.497 6.502 
a, KX units 3.2256 3.2279 3.2267 3.2264 
eo, KX units 5.1371 5.1415 5.1388 5.1356 


* Not detected 


persion of impurities, e.g., substitutional or inter- 
stitial atoms in solid solutions. Densities in the pres- 
ent work have been calculated from atomic per- 
centages according to the relation 


2 (XA, + 3A,) 


NV 


where: p is the density in g per cc; %A,, the sum 
of substitutional atomic weights; {A,, the sum of 
interstitial atomic weights; N, Avogadro’s number; 
and V, the unit cell volume. 

Density values determined as above are shown in 
Table IV for increasing oxygen content. Based on the 
extrapolation of unit cell volume, see Fig. 3, and 
interstitial solution of carbon and oxygen, the best 
density value for oxygen-free, low hafnium crystal 
bar is 6.507 g per cc. Increased oxygen caused an 
increase in density despite the observed linear in- 
crease in unit cell volume. Comparison of these data 
with similar work of de Boer and Fast also included 
in Table IV shows that the present values are signif- 
icantly lower than previously found, the previous 
data also showing a decided density increase with 
added oxygen. The observed difference in absolute 
density is satisfactorily explained by the much lower 
hafnium content of the present metal (0.014 vs 0.50 
atomic pet O). In addition, the relative change in 
density per atomic percentage of oxygen is in good 
agreement with the previous work 

The effect of composition on density and lattice 
constants of four selected types of zirconium is shown 
in the data of Table V in order of decreasing purity. 
The separation of hafnium to produce low hafnium 
metal results in lower density and higher zirconium 
assay. Low hafnium iodide crystal bar had the high- 
est purity with a zirconium content of 99.325 atomic 
pet. Magnesium-reduced sponge purified by vacuum 
melting with separation of hafnium was also found 
to be of very high purity. 
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Observed agreement between calculated corrected 
densities and measured densities is consistent with 
the initial assumptions of interstitial solution of 
oxygen atoms and substitutional solution of hafnium 
atoms. The necessity of including minor elements in 
the density calculations whenever true values are 
desired is shown by the lack of agreement between 
uncorrected and measured densities included for 
comparison in Table V. The spread of density values 
obtained in this work explains the previous lack of 
consistent results in the literature, since minor im- 
purities may cause the density to vary from about 
6.45 to 6.65 g per cc. 

Summary 


A series of oxygen alloys of high purity zirconium 
crystal bar examined by X-ray diffraction showed 
a marked expansion of the hexagonal lattice with 
increasing oxygen. Precision lattice constants of this 
zirconium (analysis of Table II) were as follows: 
a 3.22562 + 0.00014 kX units: c 5.13709 

0.00036 KX units. Extrapolated lattice parameter 
values were also obtained for oxygen-free zirconium. 
Oxygen is shown to be an active hardening agent 
in zirconium, occupying an interstitial position in 
solid solution. 

The effect of minor impurities on density was 
found to vary with the specific elements. X-ray 
density of oxygen-free, high purity crystal bar was 
found to be 6.507 g per ce. 

A comparison of purity and density of various 
types of zirconium is included. 
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ONSIDERABLE time and effort have been ex- 
pended recently in research designed to provide 
a better understanding of the solid state transforma- 
tions leading to the permanent magnet qualities of 
many commercial alloys. The knowledge derived 
from these investigations has resulted in the devel- 
opment of new magnetic materials as well as im- 
provements in some of the older materials. The per- 
manent magnet qualities of the newer alloys having 
high residual inductions and high coercive force 
values, have been attributed to the precipitation of 
a second phase or an order-disorder transformation 
in a solid solution. 

The ternary Co-Fe-V alloys provide an interest- 
ing group of magnetic materials having a wide 
range of magnetic properties. The low vanadium 
alloys’ possess soft magnetic properties similar to 
the binary Co-Fe alloys, while at higher vanadium 
contents (about 10 pct) interesting permanent mag- 
net properties are obtained. Previous work by 
Nesbitt’ on the ternary Co-Fe-V permanent magnet 
materials, resulted in the conclusion that the pre- 
cipitation of a second phase, y, was responsible for 
the permanent magnet qualities of these alloys. 
However, unlike the conventional precipitation 
hardening alloys, the y phase, which is stable at high 
temperatures, is precipitated in the low temperature 
a phase upon aging. Recent work by Geisler and 
Martin’ has established that the order-disorder re- 
action inherent in the binary Co-Fe alloys is also 
present in the ternary Co-Fe-V alloys. On the basis 
of their investigation, it was proposed that ordering 
of the a phase is also a possible explanation of the 
mechanical and magnetic hardening in these alloys. 
Thus, it appears that the Co-Fe-V alloys are rather 
unique in that two solid state transformations are 
taking place which may account for the properties 
of these alloys. 
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Hardness in a 10 Pct V-Co-Fe Alloy 
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In view of these facts, the present investigation 
was undertaken to study the mechanism of mechani- 
cal and magnetic hardening in the 10 pet V-Co-Fe 
alloy with particular reference to the role of the y 
phase; and to correlate the results of this study with 
other magnetic properties. In addition, the influ- 
ence of increasing vanadium contents on the trans- 
formation of Co-Fe alloys was also undertaken to 
supplement the main objective of the investigation. 


Experimental Procedure 

The Co-Fe-V alloys used for study consisted of: 
1—a commercial lot of Vicalloy I, a 10 pet V alloy, 
and 2—alloys prepared by powder metallurgy and 
containing 52 pet Co and 0 to 14 pet V, balance iron. 
The commercial alloy was received in the cast and 
forged condition and was used primarily for the 
detailed study of hardness, electrical resistivity, and 
magnetic properties of the 10 pet V alloy. 

The powder metallurgy alloys were prepared 
from electrolytic iron, commercial cobalt, and ferro- 
vanadium powders. The processing cycle was as 
follows: 

1—-Elemental powders 
chanically mixed for 24 hr. 

2——-Mixed powders were pressed at 60,000 psi into 
the form of bars x5 in. 

3——-Bars were sintered in an atmosphere of puri- 
fied dry hydrogen for 24 hr at temperatures ranging 
from 1380 to 1340 C, depending upon the vanadium 
content. The as-sintered bars were cut in half; and 
one half was machined to 7/16 in. diam for thermal 
analysis. The remainder of the bar was hot forged 
to approximately 0.050 in. for X-ray diffraction 
analysis. 

Additional details of sample preparation are pre- 
sented subsequently according to the type of test 
performed. 


were weighed and me- 


Thermal Analysis Measurements 

One of the simplest and most widely used tools 
for determining phase relations as they change with 
temperature and composition is to study the rate of 
change of temperature of a material as heat is sup- 
plied or extracted at a constant rate. The thermal 
analysis method used in this investigation is the 
inverse-rate method described by Smith. 
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Fig. | a-d—Portion of thermal analysis curves obtained in heating alloys containing 52 pct Co, 2 to 8 pct V, balance Fe. 


Fig. | e-h—Portion of thermal analysis curves obtained in heating alloys containing 52 pct Co, 10 to 14 pct V, balance Fe. 
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The specimens for thermal analysis were solution 
treated at 1100°C for 1 hr followed by oil and liquid 
nitrogen quenching. The liquid nitrogen quench 
was used in an effort to transform any retained 
y phase, thus providing a single-phase alloy at the 
start of the analysis. 

Fig. la is the thermal analysis curve obtained 
upon heating an alloy containing 52 pct Co, 46 pct 
Fe, and 2 pct V. The discontinuities in the curve at 
the critical temperature of order and at the a-y 
transformation temperature are clearly shown in 
this example. 

Thermal analysis curves similar to that of Fig. la 
were obtained for alloys containing less than 6 pct 
V. In alloys containing 6 pct or more vanadium a 
curve similar to that of Fig. le was obtained. The 
striking difference between these two curves is at 
once observed as an additional peak lying between 
the critical temperature of order and the a-y trans- 
formation temperature of the 2 pet V alloy. This 
additional peak is present in all the curves for 
specimens ranging from 6 to 12 pet V. This peak is 
interpreted as the beginning of the a-y transforma- 
tion, while the second peak at 888°C has been in- 
terpreted as the completion of the a-y phase trans- 
formation. However, recent preliminary X-ray dif- 
fraction tests with chromium radiation indicate the 
possible presence of a hexagonal phase in aged sam- 
ples. If substantiated by additional work, this may 
serve as an alternative explanation for the addi- 
tional peak in the thermal analysis curves. 

Another significant feature of these curves is the 
continued decrease in intensity of the ordering peak 
as the vanadium content is increased. Although no 
quantitative relation can be obtained from these 
curves, there are two qualitative implications. First, 
the increased vanadium content may directly pre- 
vent the formation of the ordered structure by 
blocking diffusion processses, or second, it may enter 
into a second phase with the iron and cobalt and 
thus may change the ratio of Fe-Co necessary to 
form the ordered structure. The second possibility 
seems to be more likely as the continued additions 
of vanadium lower the a-y transformation indicat- 
ing that the vanadium is promoting the formation 
of the y phase. At 14 pct V the alloy shows a very 
small transformation peak indicating that very 
small amounts of the a phase are present. 


X-Ray Diffraction Analysis 

X-ray diffraction analysis was used principally to 
determine the phase relations of Co-Fe-V alloys 
heat-treated to produce nonequilibrium conditions, 
in the hope that the results would provide more in- 
formation regarding the actual mechanism of me- 
chanical and magnetic hardening. 

The diffraction studies were carried out using a 
General Electric XRD-3 X-ray diffraction apparatus 
for direct measurement of diffracted intensities. The 
results obtained by this method were checked in 
many cases by the use of conventional film tech- 
niques. 

As was mentioned earlier, the as-sintered bars 
were forged to 0.050 in. for X-ray diffraction analy- 
ses. The samples were solution treated individually 
by placing them in a stainless steel tube and pro- 
viding a purified dry hydrogen atmosphere. The 
specimens were held for 1 hr at 1100°C and 
quenched in oil. When the sample had reached 
room temperature the atmosphere was discontinued 
and the sample was removed from the tube and 
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Results of the X-Ray Diffraction Analyses” 
on 52 Pct Co-Fe-V Alloys 


Table |. 


Aging Aging 
Weight Pet Tempera- Time, Parameters 
v te ture, °C ic Phases a 7 
0 48 As quenched 0 a 2.858 
400 8 a 2.857 
600 8 a 2.858 
2 46 As quenched i) a 2.858 
400 8 a 2.856 
600 8 Ordered a 2.859 
4 44 As quenched 0 a 2.861 
400 8 a 2.860 
600 8 Ordered a+ ¥ 2.857 3.572 
8 40 As quenched 0 a 2.863 
400 8 a 2.862 
600 8 Ordered a+ 4 2.856 3.568 
10 38 As quenched 0 a 2.864 
400 4 aty 2.860 3.567 
400 8 ary 2.861 3.581 
500 8 at+y 2.861 3.567 
600 8 Ordered a+ 4 2.857 3.575 
700 8 Ordered a + 4 2.856 3.573 
12 36 As quenched 0 ary 2.862 3.574 
400 8 ary 2.860 3.577 
600 8 ya 2.856 3.574 
14 ‘4 As quenched 0 yta 3.577 
600 8 yta 2.851 3.578 


* X-Ray Data: Filtered Co radiation (FeO, filter), Tube operated 
at 34 kva and 9 ma. Spectrogoniometer speed 0.2° per min--1l* X 
ray defining slit-—-0.2° X-ray detector slit. 


quenched in liquid nitrogen, Aging was carried out 
in lead and the specimens were water quenched 
from the aging temperature. Filtered cobalt radia- 
tion was used in this investigation. 

In the early stages of the diffraction study, it was 
found that due to the sluggishness of y-a trans- 
formation in the higher vanadium alloys, many 
samples would appear to be entirely a phase, but 
when etched to remove the surface layers, traces of 
y phase were detected. For this reason, all subse- 
quent samples were etched until no change in the 
diffraction pattern occurred. 

The results of the X-ray diffraction study are re- 
ported in Table I. Two main conclusions can be 
drawn from these data. First, a face-centered cubic 
y phase can be precipitated from the body-centered 
cubic a phase at temperatures as low, in the higher 
vanadium alloys, as 400°C. Second, ordering in the 


Table II. Influence of Vanadium upon the Phase Relations of 
52 Pct Co-Fe-V Alloys as Determined by X-Ray Diffraction’ 


Weight, Pet Parameters 
v Fe Peta Pets a 
As Quenched: 
0 48 100 0 2.858 
2 46 100 0 2.858 
4 44 100 0 2.861 
& 40 100 0 2.863 
10 38 100 0 2.864 
12 36 90.7 49.3 2.862 3.574 
14 34 12.3 87.7 3.577 
Aged Shr at 100°C: 
0 48 100 0 2.857 
2 46 100 0 2.856 
4 44 100 0 2.860 
8B 40 100 0 2.862 
10 38 96.5 3.5 2.861 3.581 
12 36 745 25.5 2.860 3.577 
Aged & hr at 600°C: 
0 48 100 0 2.858 
2 46 100 0 2.859 
4 44 96.5 3.5 2.857 3.572 
8 40 93 ae 2.856 3.568 
10 38 Bb 14 2.857 3.575 
12 36 40.5 59.5 2.856 3.574 
14 a4 6 94 2.861 3.578 


* X-Ray Data: Filtered Co radiation (FeOs filter). Tube operated 
at 35 kva and 9 ma. Spectrogoniometer speed 0.2° per min-—-1* X 
ray defining slit —0.2° X-ray detector slit 
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aging time and tempera- 
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a phase can take place in the temperature range of 
600° to 700°C. This fact was also established by the 
thermal analysis data. However, the detection of 
the ordered phase was very difficult and for this 
reason any change in lattice parameter due to order- 
ing could not be determined. 

Table II presents data for the amounts of the a 
and y phase present with various vanadium contents 
and aging temperatures. From this table it can be 
seen that the additions of vanadium up to 10 pct to 
the Co-Fe alloys cause a gradual increase in the 
lattice constant of the @ phase in both the as- 
quenched alloys and those aged at 400°C. This in- 
crease is observed to take place until the y phase 
begins to precipitate at which point the lattice con- 
stant tends to decrease. This increase of the lattice 
constant would, of course, be expected, but the de- 
crease of the constant due to the precipitation of y 
suggests that the vanadium is going primarily into 
the y phase. In addition to the change of the lattice 
constant due to y precipitation, additional broaden- 
ing of the peaks on the diffraction patterns occurred 
indicating that considerable strain was being intro- 
duced into the system due to the y precipitate. This 
broadening was observed to take place even before 
the y phase could be detected. Although no such 
trend in the lattice constants was observed at the 
600°C aging temperature, additional broadening of 
the diffraction peaks was observed. The presence of 
more y phase in the 12 pct V alloys as-quenched 
than when aged at 400°C is probably due to the 
sluggishness of the y-a transformation on quench- 
ing. When the specimen was aged at 400°C, the re- 
tained y phase was unstable at this temperature and 
consequently transformed to the a phase. This proc- 
ess is very familiar in the case of tempering alloy 
steels which contain retained austenite after quench- 
ing. 


Aging time 


Mechanical and Magnetic Hardening in 
10 Pct V-Co-Fe 

From the results presented thus far, it has been 
established that suitable heat treatments can cause 
the precipitation of a y phase as well as ordering in 
the a phase. However, the ordering reaction is con- 
fined mainly to the temperature range of 600° to 
700°C for practical heat treatments which develop 
best magnetic properties. Thus, it seems that two 
mechanisms are available to explain the hardening 
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characteristics and permanent magnet qualities of 
the 10 pet V-Co-Fe alloy. The precipitation of the 
y phase is certainly a possible explanation, as many 
binary’ and ternary” permanent magnet alloys de- 
velop their properties by this process. On the other 
hand, however, an order-disorder reaction is re- 
sponsible for the permanent magnet qualities of the 
well-known Co-Pt alloys.” Thus, the problem pre- 
sented is to separate the effects of these two re- 
actions. 


Hardness and Electrical Resistivity Measurements 

In an effort to provide an answer to the problem 
just referred to, an extensive survey of electrical re- 
sistivity and mechanical hardness was made on a 
commercial Co-Fe-V alloy of the Vicalloy I com- 
position. The analysis of the alloy used for this pur- 
pose was as follows: C, 0.034 pct; Mn, 0.60; P, 0.014; 
S, 0.005; Si, 0.32; Co, 52.06; V, 9.10; and balance Fe. 

The material for resistivity measurements was re- 
ceived in the form of hot rolled strip 0.055x5 x5 in. 
The resistivity samples were solution treated at 
1100°C for 1 hr, first quenched in oil and subse- 
quently into liquid nitrogen. The samples were 
aged in lead or salt at temperatures ranging from 
300° to 800°C for varying time periods and water 
quenched from the aging temperature. The resis- 
tivity measurements were made using the well- 
known voltmeter-ammeter technique. The tech- 
nique was checked thoroughly against known 
standards and a Kelvin double bridge and found to 
be capable of producing results accurate to within 
1 pet. 

The hardness measurements were made on *4 in. 
sq samples cut from a *4 in. hot forged bar of the 
same heat. Hardness samples were heat-treated in 
the same manner as resistivity samples. 

The results of the electrical resistivity and hard- 
ness measurements are presented in Figs. 2 and 3. 
These data in conjunction with the X-ray diffrac- 
tion data permit the drawing of some very interest- 
ing conclusions. The most striking feature of the 
resistivity curves is the sudden increase at aging 
temperatures below 600°C. This occurrence has 
been observed in the early stages of both precipita- 
tion hardening and ordering systems. As time is 
increased at temperatures below 600°C, the re- 
sistivity begins to decrease, although the hardness 
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is still increasing. These results are not contradic- 
tory as a change in electrical resistivity can be 
caused by slight variations in structure, whereas a 
macroproperty such as hardness is less subject to 
slight structural changes. The rapid decrease in the 
resistivity curves at temperatures of 600° to 800°C 
may be determined by two phenomena: 1-——the 
coalescence of the y precipitate, and 2—the effect 
of ordering in the a phase. As the temperature is 
increased to 800°C, a sudden reversal is observed in 
the resistivity curve. This result is most probably 
caused by the large amounts of y phase present and 
disordering in the a phase. 

The hardness curves of Fig. 3 are very revealing 
and need little explanation. The sudden rise in 
hardness at temperatures up to 600°C is almost cer- 
tainly due to the precipitation of the y phase, as at 
these low temperatures and short times the forma- 
tion of the ordered phase was not detectable by 
X-ray diffraction or thermal analysis. Extremely 
long time periods at these low temperatures are also 
reported by Geisler and Martin" before the ordered 
phase could be detected by diffraction analysis. 


f ¢ 
Fig. 4—Vicalloy | solution treated at 
1100°C for 1 hr. Electrolytically etched / y 
in 5 pct solution of in alcohol. X2000. 
Area reduced approximately 65 pct for 


reproduction. 
a (left)—Oil and 
quenched. 


b (right)—Aged 8 hr at 600°C and 
water quenched. 


liquid oxygen \ i> 
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These time periods are much longer than those re- 
quired to produce a substantial increase in hardness. 

The characteristic shape of the curves of 300°, 
400°, 500°C, and to some extent 550°C, suggests the 
existence of two stages in the precipitation process. 
The hump of the hardness curves is also observed in 
many of the common precipitation hardening sys- 
tems such as Al-Cu. On increasing the aging tem- 
perature from 600° to 800°C, the maximum hard- 
ness is attained much more rapidly as would be ex- 
pected, but the hardness decreases after very short 
time periods, indicating that overaging is taking 
place very rapidly. 

The change in microstructure of this alloy on 
aging at 600°C for increasing time periods is shown 
in Fig. 4a to d. The metallographic samples were 
heat-treated according to the same cycle used in the 
hardness tests, except that they were subzero cooled 
in liquid oxygen rather than liquid nitrogen during 
quenching. All samples were water quenched from 
the aging temperature. The structure of Fig. 4a is 
for a sample in the as-quenched condition. Accord- 
ing to X-ray diffraction analysis, this sample is all 


c (left)—Aged 24 hr at 600°C and 
water quenched. 


d (right)—Aged 72 hr at 600°C and 
water quenched. 
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Fig. 5—Magnetic properties vs vanadium content. 


« phase. The slightly gray areas may be due to a 
difference in orientation on etching. After 8 hr at 
600°C, Fig. 4b, grain boundary precipitation can be 
observed. On increased times, Fig. 4c and d, the 
precipitating phase seems to have completely en- 
veloped the grains and has become quite massive. 
From Fig. 4d, the general intragranular precipita- 
tion can be seen. This sample is completely over- 
aged. Thus, from this series of micrographs, the 
course of precipitation of the y phase can be ob- 
served. 
Magnetic Properties 

The influence of increasing vanadium content 
upon the magnetic properties of the 52 pet Co-Fe 
alloy prepared by powder metallurgy was deter- 
mined, These tests were restricted to a single aging 
temperature of 600°C and an aging time of 2 hr. 
However, an extensive survey was also made on the 
influence of aging time and temperature upon the 
cast Vicalloy I alloy which was used previously in 
this investigation. 

Experimental Procedure: The vanadium series of 
alloys was prepared using the same processing cycle 


as that outlined for the thermal analysis samples. 
In addition, however, the magnetic test samples 
were hot forged to approximately 0.400 in. sq. Sub- 
sequently, the samples were solution treated at 
1100°C for 1 hr and quenched in oil and liquid 
nitrogen. In all cases, the samples were aged in 
lead at 600°C for 2 hr and air cooled from the aging 
temperature. It should also be mentioned that after 
forging, the density of the powder magnets was 
98 pct of the density of the cast material, and that 
the magnetic properties were very similar. 

The Vicalloy I material was received in the form 
of hot forged bars 34 in. sq. Test samples ‘2 in. sq 
were machined from the as-forged bar and solution 
treated in the same manner as the powder parts. 
The test samples were aged at temperatures from 
400° to 800°C for various time periods. The mag- 
netic properties were determined on a General 
Electric saturation permeameter. All saturation 
values reported are for H = 2000 gausses. 

Effect of Composition: The influence of increasing 
vanadium content on the magnetic properties of the 
52 pct Co-Fe alloy in the as-quenched and aged 
condition is presented in Fig. 5. Several interesting 
conclusions can be drawn from these data. In the 
as-quenched condition, the saturation induction and 
residual induction decrease with increasing vana- 
dium content. The highest values of saturation and 
residual induction are observed in the lower vana- 
dium alloys, where the composition is closest to that 
of the high saturation binary Fe-Co alloy. The co- 
ercive force increases slightly with the vanadium 
additions, and this result would be expected merely 
from a composition standpoint. 

On aging at 600°C, however, a striking change in 
properties occurs. The coercive force increases 
rather slowly with increasing vanadium content to 
6 pet V after which it increases very rapidly. The 
highest values of coercive force are obtained in 
alloys containing 52 pct Co, 36 to 38 pct Fe, and 
10 to 12 pet V. As vanadium content increases, the 
saturation induction decreases more rapidly in the 
aged condition than in the quenched condition. This 
occurrence is to be expected as Nesbitt‘ reports that 
the y phase is nonmagnetic and it was shown in the 
X-ray diffraction study that the y phase began to 
precipitate at about 4 pct V. The residual induction 
values do not follow the same trend after aging as 
they did in the as-quenched condition. This dif- 
ference in the values of residual induction is prob- 
ably associated with a structural change in the a 
phase that will be discussed in greater detail later. 
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Fig. 7—Influence of 
aging time and tempera- 
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Magnetic Properties of 10 Pct V Alloy: The re- 
sults of the more extensive survey of the magnetic 
properties of the Vicalloy I alloy are presented in 
Figs. 6 to 8. 

The saturation induction values, Fig. 6, show a 
general decrease as a function of time and aging 
temperature. The highest values of saturation are 
obtained by aging at 400°C. This would be ex- 
pected because at this low temperature the amount 
of the y phase present would be a minimum. 

The initial low value of saturation induction after 
aging at 800°C is probably caused by large quanti- 
ties of y phase precipitated even at these very short 
aging times. The sudden reversal of the saturation 
induction is very interesting and provides some in- 
formation concerning the kinetics of the reaction 
taking place. It appears, for example, that the pri- 
mary difference between the 600° and the 800°C 
curve is the amount of y phase precipitated. At 
800°C, as the y phase precipitated agglomerates, it 
reaches a large enough size to become an equilib- 
rium state and then transforms on cooling to a by a 
martensite-like reaction. In this connection, it may 
be noted in Fig. le that 800°C is very near the 
critical temperature for the 10 pct V alloy. 

350 


Nn 


Fig. 8—Influence of 
aging time and tempera- 
ture upon the coercive 
force of Vicalloy |. 
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The data of Fig. 7 show the changes in residual 

induction on aging. The residual induction increases 
with aging time in the temperature range of 400° 
to 550°C. At 600°C the rapid rise and decrease of 
the residual induction is most probably due to the 
rapid precipitation of the y phase. The influence of 
ordering in the a phase may be playing an important 
role in the residual induction value for the 600°C 
aging temperature and for the longer time periods 
at 500° and 550°C. The behavior of the residual 
induction on aging at 800°C is similar to that ex- 
hibited by the saturation induction. 

The values of coercive force obtained on aging 
are shown in Fig. 8. The general increase in co- 
ercive force as the aging time and temperature are 
increased does not seem to correlate with the me- 
chanical hardness values reported earlier. The be- 
havior of mechanical and magnetic hardness is, 
however, understandable. A very small nucleus of 
precipitate should be enough to affect the mechani- 
cal hardness sufficiently since such a nucleus and 
the strained area about it will impede the motion of 
a dislocation, which is the cause of hardness. On 
the other hand, the effect on H, may not be felt 
until the precipitate is much larger. It appears al- 
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most as though there is some critical diameter to the 
precipitate which is why at 700°C, H. begins to get 
smaller. Such an effect has been found by Dijkstra 
and Weert in the Fe-C system.” The most interest- 
ing point observed from these data is the increase 
in the coercive force at the longer times at 500° to 
550°C, and, of course, the shorter time periods at 
600°, 700°, and 800°C. 


Correlation of Structure and Mechanical Hardness 

The existence of a y phase precipitate can be de- 
tected by X-ray diffraction analysis in samples aged 
at 400° to 600°C. At temperatures of 600°C, the 
first sign of the y phase is detected at 4 pet V. At 
lower temperatures, 400°C, small quantities of the 
y phase are detected at 10 pet V. The existence of 
the ordering in the a phase was found to take place 
in the temperature range of 600° to 700°C. By 
electrical resistivity and hardness measurements it 
has been established that the y phase precipitate is 
responsible for the mechanical hardening of this 
alloy in samples aged in the temperature range up 
to 600°C. In some cases, the maximum hardness 
obtained is equal to that of fully hardened steel. 
Above 600°C it is difficult to distinguish between 
the contribution of the y phase and ordering in the 
« on mechanical hardening. However, the very rapid 
increase in hardness at the short aging times at all 
the aging temperatures, seems to be more character- 
istic of an age hardening system. It is certainly pos- 
sible that the ordering in the a phase is contributing 
to the mechanical hardening at 600°C and higher 
aging temperatures. 

Concerning the magnetic properties, the influence 
of the formation of y phase on the saturation values 
is quite clear. The presence of the y phase results 
in a decrease in the saturation induction due to its 
nonmagnetic character. It is also possible that the 
precipitation of this phase may produce a composi- 
tion change in the magnetic a phase, which detracts 
from its magnetic properties, thus aiding in the de- 
crease in saturation induction. 

The increase in residual induction with aging time 
and temperature is most probably due to y phase 
precipitation and possibly ordering in the a phase 
at the higher temperatures. It would be expected 
that the precipitation of the nonmagnetic y phase 
would result in a decrease in residual induction sim- 
ilar to the decrease observed in the saturation in- 
duction. However, it should be remembered that 
residual induction is a structure sensitive property. 
Therefore, it appears that the strain accompanying 
the y» phase precipitation is resulting in a more 
favorable domain structure, so that during magnet- 
ization a greater degree of domain orientation is 
obtained. At the higher aging temperature, 600°C, 
ordering in the a phase probably contributes to this 
mechanism, resulting in the very rapid initial in- 
crease in the residual induction. As the aging time 
at 600°C increases, the y phase increases to a size 
where it loses its efficiency to orient the domain 
structure and merely acts to decrease the residual 
induction by its nonmagnetic character. 

In regard to the high values of coercive force ob- 
tained on aging, the presence of the y phase appears 
vital. The large coherency strains associated with 
the formation of the y phase and its subsequent pre- 
cipitation in the grain boundaries and along certain 
crystallographic planes would appear capable of 
producing a coercive force of the magnitude re- 
ported, i.e., 300 oersteds. In this connection it may 
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be noted that there is an appreciable difference in 
the lattice parameter of the a and y phases. 

On the other hand, the lattice constant of the Fe- 
Co ordered phase differs so slightly from that of the 
disordered phase, that it would hardly seem possi- 
ble that this slight difference would cause sufficient 
disregistry to produce such a large change in co- 
ercive force. 

Summary and Conclusions 


The results of this investigation may be sum- 
marized as follows: 

1—Increasing vanadium additions to Co-Fe alloys 
lower the y~a transformation, thus promoting the 
formation of the nonmagnetic y phase. The vana- 
dium additions also decrease the intensity of the 
ordering reaction as determined by thermal analy- 
sis. 

2—Precipitation of the y phase is primarily re- 
sponsible for the mechanical hardening in this sys- 
tem. Above 600°C it is felt that ordering in the a 
phase may be contributing to the mechanical har- 
dening. 

3—Increasing vanadium additions to Co-Fe alloys 
lowers the saturation and residual induction and in- 
creases the coercive force. The highest values of 
coercive force were found in alloys containing 52 
pet Co, 36 to 38 pct Fe, and 10 to 12 pet V. 

4—The increase in residual induction of the 
Vicalloy I alloy on aging was attributed to the pro- 
duction of a more favorable domain structure ac- 
companying the y phase precipitation. 

5—The high values of coercive force obtained for 
this alloy have been associated primarily with the 
formation and precipitation of the y phase in the 
magnetic a phase. 
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Thermal and Dilatometric Investigation of the Alloys of Cobalt 


With Chromium and Molybdenum 


by A. G. Metcalfe 


Observations at temperature are used to investigate the phase 
changes in alloys containing more than 50 pct Co and above 1000°C. 
The nonsuppressible transformations in cobalt above 1120°C and in 
the intermetallic compound Co.Cr, are studied. The liquidus and 
solidus surfaces are determined. Insufficient data is obtained to 

complete the constitution diagram. 


REVIEW of some of the earlier work on cobalt’ 

and on the binary systems with chromium** and 
with molybdenum, showed that one likely source 
of differences might be attributed to the presence of 
phases at high temperatures which could not be re- 
tained by quenching. Consequently, the decision was 
made that only methods of examination at tempera- 
ture should be used in this work. The correctness of 
this decision was confirmed during the course of the 
work by the investigation of the martensitic nature 
of the transformation in cobalt" and by the decom- 
position of the high temperature form of the phase 
Co.Cr, on quenching.’ 

The use of high temperature methods, including 
dilatometry and thermal etching led to the postula- 
tion of the existence of a high temperature form of 
cobalt with a probable hexagonal close-packed struc- 
ture, transforming from cubic cobalt over a range 
of temperature from 1119° to 1145°C.” One of the 
important pieces of evidence for this transformation 
was that it was observed in alloys with chromium 
and molybdenum which were nonmagnetic at this 
temperature so that confusion with magnetostriction 
effects was impossible. These results were not re- 
ported in this earlier paper, so that the data given 
here supply further evidence for the existence of a 
second allotropic transformation in cobalt. 
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High temperature observations are necessarily 
much slower in producing results than the exam- 
ination of quenched specimens at room temperature 
by conventional means such as X-ray diffraction or 
microexamination. The investigation has only cov- 
ered a limited part of the field, as a result, extending 
from the liquidus down to about 1050°C and from 
the cobalt corner up to 50 pct alloying elements. 

The differences between the various reported dia- 
grams for the constitution of the Co-Mo and Co-Cr 
systems have already been mentioned. The best avail- 
able diagram in the first system is due to Sykes and 
Graff which is shown in Fig. 1. Fig. 2 shows the 
latest Co-Cr diagram due to Elsea, Westerman, and 
Manning.’ A comparison reveals that these are in- 
compatible because of the disagreement with regard 
to the number of allotropes of cobalt. Elsea, Wester- 
man and Manning took their liquidus and solidus 
curves from Wever and Haschimoto.’ The tempera- 
ture horizontal in the two-phase field beneath the 
eutectic was placed 35° to 39°C higher than in 
earlier work’ * with a new interpretation of the 
nature of this transformation. This interpretation 
also required a peritectic horizontal at about 1470°C, 
which has been confirmed here for an alloy with 
53 pet Cr. 

No investigation had been made of the ternary 
system until after this work had been terminated, 
when a section at 1200°C was published.” In this 
work a ternary compound was found by the X-ray 
diffraction examination of quenched alloys. This com- 
pound contained less than 50 pct Co, and was thus 
outside the field investigated here. However, some 
reactions were found dilatometrically which could 
not be fitted on the diagram and are now believed 
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Fig. 1—Co-Mo constitution diagram according to Sykes and Graft. 


to be connected with this compound. Although this 
compound was observed in alloys of lower purity, 
its existence has had to be considered. 


Apparatus 

Vacuum Furnace: A sectional view of the vacuum 
furnace is shown in Fig. 3. The furnace consisted of 
either a single or a double alumina tube wound with 
either molybdenum or tungsten wire. The alumina 
crucibles were 6 in. long and 1 in. diam, with an 
auxiliary heater consisting of about 20 turns of 
tungsten wire at the tep to prevent bridging of the 
charge. The vacuum vessel tipped about the trun- 
nions shown in Fig. 3 to cast the alloy into a wrought 
iron mold, which could be heated. Pumping was con- 
tinuous by means of a 1% in, diam pipe leading 
through one of these trunnions to a taper giving 
direct connection with an oil diffusion pump. This 
can be seen in Fig. 4. The pressure could be kept 
below | micron of mercury throughout the melting 
and casting of both nickel and cobalt up to the high- 
est temperature reached, 1710°C, but tended to be 
somewhat higher for melts containing chromium. 

The temperature of the melt was measured by a 
thermocouple which could be lowered into the cru- 
cible by an Archimedean screw inside the vacuum 
vessel. The furnace was tipped mechanically to ob- 
tain reproducible conditions, see Fig. 4. A small re- 
fractory tundish at the top of the mold reduced the 
initial chill. 


Table |. Composition of Alloys 
Chromium (Electrolytic) 


Cobalt (As Cast) 


Carbon 


Sulphur 0.04 
Silicon Trace Trace 
Iron 0.025 0.01 
Nickel 0.025 0.01 
Copper 0.02 0.01 
Sodium Trace 
Cobalt Balance Absent 
Chromium 0.01 Balance 
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Fig. 2—Co-Cr constitution diagram according to Elsea, Westerman, 
and Manning.” 


Thermal Analysis—Solidus: Thermal analysis on 
cooling was made in the vacuum furnace, followed 
by rapid remelting, and casting (after stirring well), 
in order to minimize composition changes due to 
evaporation. After homogenization of these ingots, 
small samples were heated inside a block of the type 
shown in Fig. 5. The position of the platinum thermo- 
couple is shown by the dotted outline of the sheath. 
A W-Mo-W thermocouple recorded the difference in 
temperature between this thermocouple and the 
specimen which was insulated by coarse alumina 
powder. The thermocouple junction was pressed into 
a slit cut in the specimen. This block was then heated 


Fig. 3—Section of vacuum casting furnace. 
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at a constant rate inside a tube through which hy- 
drogen was flowing. Nickel, wrought iron, and stain- 
less iron were used for these blocks. 

Dilatometer: A section through the dilatometer is 
shown in Fig. 6. The outer concentric tube was 
evacuated to improve temperature uniformity in the 
inner tube and to prevent leakage of air into it. A 
short piece of metal bellows took up any differential 
expansion. The specimen was short and of large 
diameter to reduce internal thermal gradients and 
can be seen in the lower drawing. The details of the 
adjustment device and of the transmission through 
the metal bellows to the dial gage can be seen in 
the upper diagram. The temperature range in which 
readings were taken was 1000° to 1425°C, for which 
mullite was found to be satisfactory, although trouble 
was experienced with creep before suitable supports 
were designed to take the weights of the ends. 


Fig. 4—General view of furnace. 


Measurements were made in vacuo and argon, al- 
though the latter was preferred for ease of working. 
One defect was found to be that the contraction of 
the specimen was not followed smoothly. However, 
the hysteresis on cooling was considerably greater 
than on heating, in agreement with general experi- 
ence,” so that no advantage was lost by neglecting 
the cooling curves. 

Creep of the specimen was encountered in the 
initial experiments with nickel;’ but was overcome 
by careful adjustment of the pressure. 


Preparation of Alloys 


The alloys were vacuum melted and cast using 
metal of the composition given in Table I. The fol- 
lowing elements were also absent from both the 
cobalt and the chromium: Mo, Pb, Bi, Sb, As, Ag, 
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Fig. 5—Block for thermal analysis on heating. 


Al, Mn, Sn, Zn, W, Nb, Ta, V, and Ti. No analysis 
was made for oxygen, hydrogen, or nitrogen. The 
cobalt had been made electrolytically although the 
analysis is for a sample after casting. The molyb- 
denum metal powder was not analyzed, but was 
better than 99.8 pct pure. 

It was assumed that all of the metals contained a 
certain amount of oxygen, and in addition it seemed 
likely that hydrogen might be present in the chro- 
mium. Some preliminary experiments revealed that 
if the pressure in the system was used to follow the 
evolution of carbon monoxide, deoxidation by means 
of carbon could be made. If too little carbon was 
added the pressure rose when carbon monoxide began 
to be evolved, but soon fell back to a low value 
when the carbon was exhausted. On the other hand 
if too much carbon was added, the pressure re- 
mained high owing to the reaction with residual 
oxygen in the system. At near the critical amount 
the pressure fell back to the usual value, but rose 
slightly if the melt was stirred.* Under these pres- 


* This method was suggested by E. A. G. Liddiard and A. H. 
Sully of Fulmer Research Institute, England 


sures and temperatures the product of the concen- 
trations of oxygen and carbon must be extremely 
low, so that analyzed carbon figures of 0.01 and 0.02 
pet must mean low oxygen contents. The carbon 
content was always analyzed when it was believed 
to be higher than usual, on the basis of the above 
tests, so that where no result is reported it is prob- 
ably below 0.02 pct. The best results were obtained 
by additions of carbon on the basis that the chro- 
mium contained 0.45 pet and the molybdenum 0.15 
pct oxygen, confirmed by examination of the ingots 
for inclusions. These inclusions were solely chromic 
oxide which had been as high as 0.10 pet before the 
deoxidation technique was used, but dropped to 
below 0.01 pet with a residual carbon content of 0.01 
to 0.02 pet. It was felt that the “carbon boil’? would 
carry away any hydrogen or nitrogen in the alloy. 
No chromium nitride was ever detected in any alloy. 

The alloys were superheated 100° to 150°C and 
then stirred well by means of the lateral and vertical 
movement of the thermocouple sheath. Cooling 
curves were then made, but were only taken to a 
little below the liquidus in most cases in order to 
avoid segregation. The previous superheating made 
it possible to remelt and cast quickly so as to avoid 


Fig. 6—Dilatometer. 
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Fig. 7—Extrapolation of dilatometer results to zero 
rate of heating. 


tem- 


composition changes. The mold was heated to a 
perature between 300° and 400°C for casting. 

Composition changes due to evaporation were not 
serious in most of the alloys. The nominal 55 pct Cr 
alloy had the highest melting point and the highest 
chromium content, but in spite of extending the 
cooling curve to below the solidus, the alloy analyzed 
53.3 pet Cr against 54.8 pct actually added. Much 
of this composition change would have occurred 
from the chromium metal before alloying, so that 
the change between the thermal analysis and cast- 
ing was probably under 0.5 pet. Once the alloys had 
melted down, the small area of the crucible tended 
to restrict evaporation. 

Alloy 2020 (a nominal composition of 20 pet Cr 
and 20 pet Mo) was allowed to cool in the crucible 
instead of being cast. The analysis figure quoted in 
Table II is for a sample taken from the bottom of 
the ingot and reveals the extensive segregation 
which can result. On the other hand alloy 3010 
which was cast in the normal way, contained 28.2 
pet Cr and 11.7 pet Mo at the top, against 28.2 pct 


Cr and 12.0 pet Mo at the bottom of the ingot. In 
other cases where analyses were made at the top 
and bottom of the cast ingots, similar agreement 
was obtained. 

The ingots weighed about 50 g and were checked 
for soundness and inclusions by density determina- 
tions and microscopic examination. Very little poros- 
ity was found (chill-cast cobalt had a density of 
8.87 g per cc). Cracking was noticed on many alloys 
containing much chromium, which was later found 
to be connected with the transformation in the com- 
pound Co.Cr,, see Fig. 2. 

The ingots were homogenized by 36 to 48 hr heat- 
ing at 1300° to 1325°C in a “gettered” vacuum. 


Thermal Analysis 

Cooling Curves: The temperatures were meas- 
ured by means of a thermocouple, but as experience 
was gained many changes were made which in- 
creased the accuracy of measurement. The work on 
the Co-Cr binary was regarded as confirmation of 
existing diagrams‘ rather than exploratory, so that 
when it was found that the technique used was not 
completely satisfactory, only a portion of it was re- 
peated because the data obtained agreed with the 
earlier results, within its limits of accuracy. 

Table I gives these thermal analyses results in the 
first group. The temperatures were determined by 
means of a W-Mo thermocouple in alumina insulators 
and sheath of 6 mm OD. This had been annealed at 
1700°C and calibrated in situ against a Pt vs Pt-13 
pet Rh thermocouple up to 1400°C, supplemented by 
melting point determinations at the Ni-Cr eutectic 
at 1342°C” and at the melting points of nickel at 


1453°C and of cobalt at 1493°C." Agreement was 
within 3°C by these two methods of calibration and 


Alley, Pet 


Nominal Cr Mo Cc 


Groupt 
2000 16.0 
2500 23.1 
3000 28.4 
3500 26.9 
4000 26.8 
4500 38.1 
1020 98 18.65 
Group? 
2010 
2020 13.9 27.35 
1535 13.7 33.4 
2530 22.1 27.7 0.01 
3020 27.8 22.0 
3010 28.2 11.8 0.02 
0530 4.1 32.0 
0540 41 38.0 
0550 4.05 49.7 
1050 10.3 47.3 
4010 38.2 10.0 0.09 
3015 29.5 14.7 0.07 
1530 144 29.6 0.03 
2030 192 29.7 0.04 
4020 38.3 20.5 
2040 19.9 38.4 
0520 48 20.1 
5500 53.3 0.04 
5010 479 43 
1510 14.7 144 
Group 


to 


Table 11. Composition and Thermal Analysis of Co-Cr-Mo Alloys 


Thermal Arrests, °C 


Heating 


Solidus 


Cooling 
L iquidus 


1480+4 
147326 
146476 1442°6 
1448-8 
1420+8 
1445+8 1400+3 
1408*+5 1373+5 

- -— 1408 
1355 1337 
1330 None 1323,1322 
1402 None 
1387 1348.5 1341.5,1342.5 
1383 1347 1349 
1357 1333 1333 
1389 1334 1332,1330, 

1329 
1471 1333 
1476 1442.5,1349, 
322.5 

1381.5 1356 1329 
1356 1352,1330 1343 
1336 1331,1327 1324,1324 
1370 1327.5 
1437.5 1400,1306 1390,1392 
1455 1381 
1411 1336 1353 
1473.5 1472,1445 
1459 1426 
1440 
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4200 iz 0.01 1411 1403 1400 
0021 20.3 0.01 1435 _ 1389 
} 0036 35.6 0.03 1353 1348 1342,1342.5 
0512 - 1448 _ 1410 
0822 7.3 22.3 0.01 1402 -- 1334 
2214 1392 - 1361 
2905 1421 - - 
2805 1384 
1520 - _ 1347.5 


Table Ill. Co-Cr Alloys 


Compo- Length 
Transformation Temperature Change, 10 
Pet Cr Start Finish Cm per Cm 

10 1190 

20.2° 1170 1190 12 

23.1 1203 1232 +7 

26.9 1275 1325 +20 

38.1 1312 1322 +5 

42.4 1284 1287 +10 

1322.5 1324 +2 
53.3 1270 


* Sand-cast alloy containing also 0.39 pct Mn and 0.06 pet C, 
kindly supplied by B.S.A. Research Laboratories, Sheffield, England 


fell between the calibration curves of earlier work- 
ers." The agreement between these calibration 
curves seemed to justify the use of this thermo- 
couple for a series of Co-Cr alloys. After four alloys 
had been investigated, a second calibration at the 
melting point of cobalt was made, when it was found 
that the calibration had changed by 31°C. A similar 
rise in the electromotive force at the melting point 
of cobalt was found when another couple was used 
for two more of these alloys. Most of these thermal 
analyses were made in duplicate at rates of cooling 
between 1° and 5°C per min before the primary 
arrest, but it was found almost impossible to prevent 
much supercooling which reached a maximum of 
57°C for pure cobalt. This could not easily be 
remedied because this thermocouple was fixed in 
the melt, an arrangement which also led to the pro- 
duction of ingots of uncertain composition. Sub- 
sequent papers” have reported consistent results 
with this thermocouple, but as it appeared to be 
necessary to stir the molten alloy, this couple was 
not investigated further. 

The second series of thermal analyses was made 
with the Pt vs Pt-13 pet Rh thermocouple which 
could be lowered into the melt when desired. It was 
found” that the calibration varied with time, being 
at the rate of 3°C per hr at the melting point of co- 
balt and so occasional checks were made at the melt- 
ing point of pure nickel or cobalt. In addition to 
these, the thermocouple was calibrated before and 
after each thermal analysis at the melting point of 
silver under standard conditions in a separate fur- 
nace. The movement of the thermocouple sheath 
was sufficient to give adequate stirring and to dis- 
courage supercooling which was usually zero and 


Table 1V. Co-Mo Alloys 


Composition, Transformation Temperature Length Change, 
Pet Mo Start Finish 10° Cm per Cm 


20.3 1221 1226 8 
35.6 1205 1240 


never more than 5°C. The rate of cooling at the pri- 
mary arrest varied between 0.9° and 6.5°C per min, 
although it was usually between 3° and 6°C per 
min. The thermal analyses results obtained with 
this thermocouple are considered to have an accu- 
racy of +3.5°C. 

A separate investigation of the causes of the change 
in the calibration of the standard platinum thermo- 
couple” led to the use of the Pt-1 pct Rh vs Pt-13 pct 
Rh thermocouple. The rate of change of calibration 
of this thermocouple at the melting-point of cobalt 
was 0.35°C per hr against the 3°C per hr of the 
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standard couple. The thermoelectric power was 
greater than 12 microvolts per “C over the range 
in which it was used. During the course of eight 
thermal analyses, the electromotive force at the 
melting point of nickel was observed to fall from 
14.085 to 14.061 microvolts or a change of a little 
under 2°C. This increased stability allowed slower 
rates of cooling to be used which were between 1.7 
and 4°C per min. The results obtained with this 
thermocouple are given in the third group in Table 
II. The accuracy of these results is considered to be 

Heating Curves: The whole ingot was used for 
dilatometry so that the specimens could not be cut 
until this work had been completed. Some of the 
determinations were repeated once, or twice, and 
all of these results are included in Table II. 

Dilatometry: The specimen was heated to 1000°C 
and allowed to anneal at this temperature for a 
period of several hours before heating curves were 
determined. The first heating curve was at a rapid 
rate and was extended to a temperature approach- 
ing the solidus. Any irregularities in this curve were 
then investigated at two or three slower rates of 
heating which were usually between 0.5° and 4°C 
per min. The temperature of the start and the finish 
of each transformation was then plotted against the 
heating rate and extrapolated by a smooth curve 
to zero rate of heating. Fig. 7 illustrates this method 
of extrapolation for alloy 3805. Both of the reactions 
are peritectoids, and it was found that this type of 
variation of the transformation temperature with 
the rate of heating was a characteristic of some 
peritectoid transformations. It was observed where 
the composition of the product of the reaction changed 
rapidly as the transformation temperature was ap- 
proached. At fast rates of heating, this adjustment 
of the solubility was largely incomplete, but a re- 
action was possible when the unsaturated terminal 


Table V. Co-Cr-Mo Alloys 


Transformation Temperature Length Change 
Alloy Start Finish 10) Om per Om 


a Transformation 


0512 1150 1180 +6 
1010 1110 1118 +9 
0520 1092 1126 +40 
2010 1160 1170 +3 
1515 1140 1172 +6 
0822 1120 1140 + 60 
2905 1212 1234 +10 
1520 1135 1170 +7 
0530 1160 1185 +35 
2214 1174 1197 +8 
3010 1235 1244 ‘7 
3805 1248 1261 

3015 1188 1198 +4 
1530 1078 1080 +35 
0540 1162 1174 +10 


o 5 Transformation 
4 5 


1289 1300 
3010 1279 1286 7 
4010 1260 1265 - 
3015 1275 1278 ‘7 
3020 1272 1278 4 
4020 1270 1310 +16 
0822 1271 
1530 1278 - 
: 2530 1269 
Other Transformations 
3010 1132 1138A 6 
4010 1150 1160B ‘4 
2214 1049 1069C +65 
1520 1076 — A 
3020 1180 B 
1530 1198 1199D +6 
Key: o boundary /a + boundary 
C— 8 a transformation D-- Unknown 
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Fig. 8—Co-Cr diagram with proposed modifications. 
Solid circles due to Wever and Haschimoto. Open 
circles, this work. 


solid solution crossed into a two-phase field at a 
temperature below that of the peritectoid reaction.” 
The adjustment of the composition of the terminal 
solid solution was more complete at the slower rates 
of heating, and a corresponding contraction before 
the start of the peritectoid transformation was found 
at the slower rates of heating.” Extrapolation curves 
of the opposite curvature have been found, for which 
similar explanations can be advanced. However, most 
of the curves have not shown a maximum (as in 
Fig. 7) or a minimum, but the explanations of the 
shape of the extrapolation curves have given greater 
confidence in the interpretation and the accuracy of 
the results. 

Only the extrapolated dilatometer results are given 
in Tables III to V. The results for all of the Co-Cr 
alloys in Table II are not completely satisfactory 
because of the segregation in some of these alloys 
discussed earlier. In every case, however, the trans- 
formation of the face-centered cubic cobalt (a) to 
the high temperature form (y) was observed at 
temperatures which increased with the chromium 
content. The alloy with a nominal content of 35 pet 
Cr (which analyzed 26.9 pct at one end) transformed 
over the range 1275° to 1325°C, suggesting that at 
some point the composition extended sufficiently far 
on the chromium side to include the peritectoid re- 
action at 1323°C: 


y (38 pet Cr) + 4 (46 pet Cr) a (39 pet Cr) 


5 is the high temperature form of the compound 
Co,.Cr, shown in Fig. 2. Single crystals of alloys 5500 
were examined by Dickins, Douglas, and Taylor” 
and shown to have the same structure as the o phase 
in the Fe-Cr alloys, leaving y available for the high 
temperature form of cobalt. 

The alloy 4500 contained 37.3 pet Cr at one end 
and 38.8 pet at the other after casting, and this is 
reflected in the more consistent results. The last two 
alloys in Table II were uniform in composition and 
hence gave the most reliable results. The length 
changes refer to the change over the transformation 
on heating. 

The structure of the 35.6 pect Mo alloy confirmed 
that it was very near the eutectic composition, in 
agreement with the diagram of Sykes and Graff 
shown in Fig. 1. Hence the temperatures of the 


start and the finish of the transformation must be 
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for two different reactions because if they referred 
to the same reaction these two temperatures should 
be the same at zero rate of heating. Comparison 
with Fig. 1 shows that the 1205°C reaction must be 
the peritectoid by which @ phase forms, placed at 
1200°C by Sykes and Graff, and the reaction at 
1240°C must be the formation of a cobalt from y 
cobalt by a peritectoid reaction, which was placed 
at 1310°C by Sykes and Graff. This temperature is 
consistent with the a/y transformation in cobalt and 
in the 20.3 pet Mo alloy. 


Co-Cr Diagram 

Fig. 8 shows the changes proposed in the Co-Cr 
diagram. The liquidus agrees well with the earlier 
results of Wever and Haschimoto’ used by Elsea, 
Westerman, and Manning. The solidus was placed 
a little higher on the basis of one result, but this 
seems likely because Wever and Haschimoto used 
a cooling rate of 60°C per min. The eutectic has 
been placed at 1401°C with a composition of 42.5 
pet Cr, because the microstructure of alloy 4200 
showed y cobalt to be present in very small quanti- 
ties as the primary phase. The peritectic at 1472°C 
by which 6 phase forms was first suggested by 
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Fig. 9—Co-Mo diagram with proposed modifications. 


Elsea, Westerman, and Manning. The composition 
of the liquid taking part in this reaction is 53 pet Cr. 
The a to y transformation temperatures were not 
reliable in all cases because of segregation in the 
ingots used (only the thermal analysis results on 
alloys with approximately the nominal composition 
have been plotted in Fig. 8). The dilatometer re- 
sults for a 20 pet Cr alloy containing manganese and 
other impurities has also been plotted by open 
circles. The peritectoid temperature has been placed 
at 1323°C as stated earlier. The existence of this 
peritectoid explains the apparent minimum in the 
solubility of 6 phase in the cobalt solid solution at 
1325°C which was shown in Fig. 2. The peritectoid 
by which o phase forms from 6 phase has been placed 
at 1285 C, against 1310°C given by the earlier in- 
vestigation, but the latter was determined by 
quenching experiments in which the 6 phase was not 
retained. Strong thermal arrests have previously 
been reported at 1271°C* and 1275°C,° although on 
alloys of lower purity. A peritectoid at 1285°C is 
consistent with the transformation starting at 
1270°C in ao phase alloy containing 53.3 pet Cr. 
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Fig. 10—The liquidus surface. 


The solid solubility boundary of a and a + @ 
found by Elsea, Westerman, and Manning’ has been 
confirmed at one point. 


Co-Mo Diagram 

Only two alloys were made in this system and 
were intended to check the position of the a/y trans- 
formation. The liquidus and solidus at 21 pct Mo 
were placed 5°C higher than in earlier work,’ but 
the eutectic temperature was placed 15° lower, at 
1345°C. The eutectic composition was on the cobalt 
side of the alloy containing 35.6 pct Mo and was 
placed at 35 pct. 

The dilatometer results were interpreted to indi- 
cate that the a to y transformation temperatures 
rise with an increase in the molybdenum content, 
through 1221° to 1226°C at 20.3 pct Mo to the peri- 
tectoid at 1240°C: 

y+e 


This was consistent with the solid solubility 
boundaries fixed by Sykes and Graff.” The trans- 
formation at 1205°C must be the peritectoid reac- 
tion by which @ phase forms (see Fig. 9), by com- 
parison with the earlier diagram. 


Ternary System 

In all cases the dilatometric investigation at the 
fastest rate of heating was made to a temperature a 
little below the solidus unless this was in excess of 
1400°C. The thermal analysis on cooling was usually 
stopped at a temperature a little below the liquidus, 
and the solidus temperature was determined by 
thermal analysis on heating. In one case, however, 
a transformation was detected by both methods. 
Thermal analysis placed the o/é6 transformation at 
1306°C on cooling for alloy 4020 (see Table II) 
which was later found to be between 1270° and 
1310°C by dilatometry. In view of this lack of over- 
lapping in other cases it is possible to consider these 
results in four groups: the liquidus surface; the 
solidus surface; the a/y wansformation, and the 
o/d transformation. Although indications were ob- 
tained directly of some of the solid solubility bound- 
aries, these were inadequate for the construction of 
a complete ternary diagram. 

Liquidus Surface: This is shown in Fig. 10 and 
includes the results from 34 alloys. One character- 
istic of the surface at which y cobalt begins to sepa- 
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rate is the double valley, running approximately 
parallel to the 5 and 20 pet Cr compositions. 

Arrests due to the composition of the liquid reach- 
ing a eutectic valley were observed in alloy 3015 at 
1352°C and in alloy 1530 at 1331°C. A prolonged 
arrest was observed in six alloys: 0530 (1333°); 
0540 (1334°); 0550 (1333°); 1530 (1327°); 1535 
(1330°); and 2030 (1327.5°C). The arrest at 1330 
in alloy 1535 was the only one observed suggesting 
that this alloy approximates to the ternary eutectic 
composition. On the other hand, the systematic 
decrease in the eutectic temperature with increase 
in the chromium content was also found in the heat- 
ing curves; 0530 (1332°); 0540 (1330°); 1530 
(1324°); and 1535 (1322.5°C). However, a pre- 
liminary survey by X-ray diffraction on the chill 
cast alloys had not revealed the presence of any 
ternary compounds so that it was assumed that al- 
loys 0530, 0540, and 0550 were outside the ternary 
fields. The ternary eutectic was placed at 1325°C 
and at a composition of 11 pet Cr and 34 pct Mo, 
where the reaction was: 


L y+5+e 


The publication’ of details of a new intermetallic 
compound at a composition surrounding 20 pct Cr- 


354 
45 


Fig. 11—The a/7 transformation surfaces. The solid lines represent 


the + side and the dotted lines the « side of the « + ¥ field. 


40 pct Mo makes it necessary to reconsider this 
assumption. It might be possible for two invariant 
points to exist, for example: 


L+y+e= Rat 1332°C 
and: 

L=y+48+ Rat 1325°C 
where R is the new intermetallic phase.” These two 
nonvariant points would be close together and would 
require a second break in the surface running 
towards the Cr-Mo binary system. The liquidus 
surface was not investigated in detail in this area 
because the investigation was restricted to cobalt- 
rich alloys, so that no evidence is available from this 
source and confirmation of this question must await 
further work. Two pieces of evidence which did 
not support the existence of a second invariant point 
were the absence of a eutectic arrest in alloy 2530 
and the X-ray diffraction examination of chill-cast 
alloy 2040 which revealed only o and « phases. 
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The only other arrest recorded in Table II is at 
1442.5°C in alloy 1050. This is believed to be the 
same peritectic as that found earlier in the Co-Mo 
system at 1550°C where: 


L «€ (see Fig. 1) 


The a/y transformation is plotted in Fig. 11 which 
shows the projection of isothermal sections at 1300", 
1275°, 1250°, 1225°, 1200°, 1175°, 1150°, and 1125°C 
on to the diagram (the 1150°, and 1200°C sections on 
the molybdenum-rich side are omitted for clarity). 
The falling temperatures and length changes sug- 
gested a ternary eutectoid at 1079°C, but this view- 
point will have to be examined anew in the light of 
the recent claim that a ternary compound exists.” 
The unexplained yet marked reaction at 1198°C in 
alloy 1530 (see Table V) and the inconclusive re- 
sults obtained with alloy 2530 which was also ex- 
pected to be in the ternary field and exhibit the 
1079°C reaction, both suggested that the ternary 
field was more complicated than that shown in Fig. 
11. The transformation surfaces between the y and 
« fields will be unaffected by any small changes in 
this region, however. 

The o«/8 transformation was detected in nine al- 
loys by dilatometry and in one of these (4020) it 
was confirmed by thermal analysis. Although a 
slight rise in the transformation temperature was 
found on moving from alloy 4200 to 3805 (from 
1285° to the range 1289" to 1300°C), the general 
tendency was for a fall in temperature on the 6 
side of the transformation field. The flatness of the 
lower surface of this field makes it impossible to 
predict the reactions by which o forms from 6 in 
the two or three-phase alloys. The solubility of 
molybdenum in o phase appears to be between 20 
and 25 pct at these temperatures, in agreement with 
the measured expansion of the plane spacings of 
the o phase in chill-cast alloy 2040. 


Discussion of Results 

The liquidus and solidus surfaces at the cobalt 
corner of the diagram are characterized by a marked 
depression along the 5 pet Cr composition line, re- 
vealed by alloys 0512 and 0520. With higher chro- 
mium contents the liquidus and solidus surfaces 
diverge giving a maximum freezing range of 68°C 
in alloy 0822. Towards the Co-Cr side of the dia- 
gram, the surfaces approach each other again so 
that the freezing range of alloy 2905 is 15° to 20°C. 
This is in conformity with the observed smaller 
freezing range in which y phase solidifies from Co- 
Cr melts. 

The valleys in the transformation surfaces of y 
to a phase running down from the cobalt corner were 
confirmed by three alloys with transformation tem- 
peratures below those for pure cobalt (1119° to 
1145°C). These were 1010, 0520, and 0822 and these 
point towards the 1079°C reaction in the alloy 1530 
being the ternary eutectoid by which y decomposes 
to a plus two other phases. The reaction which ex- 
trapolated to a starting temperature of 1198° and 
to a finishing temperature of 1199°C is also believed 
to be that of another four-phase, nonvariant, equi- 
librium. The phases involved may be @ (see Fig. 1), 
y, «, ¢, or R. The absence of any reaction involving @ 
in alloys 0530, 0540, and 0550 suggests that it is an 
equilibrium between the last four phases, probably 
involving the formation, or the decomposition, of 
R phase. 

The temperature of the peritectic reaction y + 6 
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a which is at 1323°C in the Co-Cr binary system, 
falls sharply with the addition of molybdenum, 
whereas the peritectic reaction a + 6 = o at 1285°C 
in the binary system occurs at slightly higher tem- 
peratures as sma}t amounts of the third element are 
added. This leads to a nonvariant point of equi- 
librium between the four phases at 1288°C, and at 
a composition of 42 pct Cr and 1.5 pct Mo. 


Conclusions 

In this work particular attention has been paid to 
the a to y, and to the o to 5 transformations. Both of 
these transformations are easily overlooked in 
quenched specimens, although Sykes and Graff’ 
published micrographs of the a phase in the Co-Mo 
system drawing attention to the marking on the 
grains, and Elsea, Westerman, and Manning’ ob- 
served the precipitate left as a result of a change of 
solubility of a phase during the decomposition of 6 
to o in the Co-Cr system. Both methods are of 
restricted use and, even then, uncertain. 

These results, then, support the widely accepted 
view that more than one method of examination 
should be used in the study of constitution diagrams 
and reaffirm a corollary that one of these methods 
should involve observations at temperature. 
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